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Preface 



Silicon. The evolution and development of humanity are commonly charac- 
terized by the key words Stone Age, Bronze Age, and Iron Age; that is, 
characterized by materials. Curse or benefit to mankind? The discovery and 
utilization of semiconductors, particularly of silicon, revolutionized our liv- 
ing conditions, society, social life, and maxims in a few years, even more 
than what happened during all the material-specified periods before. Per- 
haps, one day, our descendants will call the period at whose beginning we 
live the Silicon Age. However, to be correct, the present period is character- 
ized of the discovery and development of a whole bunch of new materials and 
their utilization. These materials are new alloys, ceramics, the plastics and 
synthetics produced by organic chemistry, composites, biomaterials, and the 
materials of microelectronics, nanotechnology, and space science. The materi- 
als of microelectronics are silicon, other elemental semiconductors, compound 
semiconductors, and organic semiconductors. With regard to the interdepen- 
dences of these materials and their utilization, silicon plays a central role as 
one of the base materials for electronics. Have we lived in the Silicon Age for 
only half a century and already jumped into a new age of synthetic organic 
materials for electronics? We do not know. 

The first intensive work on silicon started more than 50 years ago. One 
of the European semiconductor laboratories was installed by the industry 
in a centuries-old, little countryside castle in Pretzfeld, in the north-east of 
Bavaria, Germany. Clean-room conditions corresponding to today’s defini- 
tion were unknown. However, a small but brilliant team of scientists and 
technicians working with enthusiasm in this place developed techniques to 
produce some of the most outstanding silicon at that time. This laboratory 
in the heart of Europe became a key laboratory for single-crystal silicon. It 
was an impressive and exciting occasion 25 years later to visit as a younger 
scientist (EFK) an older scientist (Spenke), one of the leading pioneers of the 
first hours concerning silicon, in the castle at Pretzfeld and to be informed 
by him about the battles of the past. It was not trial and error, it was trial 
and error and trial and success. It was more the spirit than the money. That 
is the tenor of the writing of this little handbook, the background to pre- 
senting a report on silicon starting from the infancy of its use and finishing 
with developments in the newest exciting fields. It means learning from the 
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past but also looking with an open mind beyond the rim of the dish into the 
future. There is not only silicon! 

Colleagues who themselves worked or are working in research, develop- 
ment, and technology in the relevant fields were asked, worldwide, to con- 
tribute as authors and coauthors. The selection of the topics had necessarily 
to be limited in order to obtain an easy-to-survey content. We accept that 
other editors would perhaps have made a different selection. We shall live 
with that! 

Finally, we would like to thank the authors for writing their contributions 
and for their helpful and understanding cooperation during the editing of this 
book. 

Particular thanks are due to W. Freiesleben for establishing contacts with 
potential contributors. 

Strasbourg, Munich Paul Siffert 

October 2003 Eberhard F. Krimmel 
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1 Introduction: Silicon in All Its Forms* 



J. Chelikowsky 



1.1 Introduction 

I am truly and deeply honored to be selected to give this talk. One of the 
highlights of my early career was to take a trek up to Harvard and visit with 
Professor David Turnbull. Although I only spent a small amount of time with 
him, it made a considerable impact on me. 

With respect to the matter at hand, I am going to tell you about my fa- 
vorite material: element 14, silicon. As you know, we live in the age of silicon; 
it is all around us in terms of electronic devices. Silicon is the quintessential 
electronic material. It is often said that understanding silicon and its role in 
electronic materials is similar to understanding iron and its role in metallurgy 
and making steel. 

It has not always been that way, though. On May 10, 1954, a press re- 
lease was issued on the first silicon transistor. Texas Instruments announced 
a “revolutionary new electronic product - long-predicted and awaited: the 
silicon transistor.” By using silicon instead of germanium, the initial com- 
mercial silicon transistor immediately raised power outputs and doubled the 
operating temperature, [1]. 

In 1954, we had a transistor made of silicon for the first time. In 1965, 
we had a chip containing ^ 2000 transistors. In 2001, the Pentium 4 proces- 
sor made by Intel consisted of 42 million transistors. Intel believes that by 
the year 2007, it will have created a processor containing one billion transis- 
tors, [2]. This is an amazing progression of technology, and we could spend 
days talking about the technical developments of silicon and devices made 
with silicon. However, I am going to discuss a different aspect of silicon tech- 
nology, namely, the role that silicon has played in the development of theo- 
retical tools for understanding materials. 

In the 1970s, approximately 30,000 papers were published with the word 
“silicon” in the abstract. In the 1980s, the number was up to 84,000 papers. 
By the time we got into the 1990s, the corresponding number was 135,652 
(an average of one paper every 90 minutes), [3]. This amounts to a database 
of roughly a quarter of a million papers over the last 30 years directly or indi- 
rectly written about silicon. Most of these papers are focused on technological 

* Reproduced by permission of MRS Bulletin. J. Chelikowsky, “Silicon in All Its 
Forms”, MRS Bulletin, Vol. 27 No. 12 (2002), pp. 951-960. 
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and experimental aspects of silicon, but this body of work has profoundly in- 
fluenced the theoretical community. Specifically, theorists have capitalized on 
this vast database. Any new theory related to electronic materials is almost 
always first tested and assessed against the silicon database. 

I am going to cover about 40 years’ worth of history in an overview of 
the role that silicon has played in our understanding of electronic materi- 
als. Needless to say, I will be brief in my discussion and it will be highly 
abridged. I will outline some major achievements over the last few decades in 
our fundamental understanding of electronic materials. For example, in the 
early 1960s, we did not know the detailed energy bands of silicon. However, 
by the 1970s, we knew the energy-band structure for crystalline silicon, and 
we moved on to more complex issues. For example, we began looking at the 
surfaces of silicon. In the 1980s, we addressed issues associated with defects, 
and by the 1990s, we were looking at liquids, clusters, amorphous solids, and 
other complex systems. Today, we can add nanoparticles of silicon to this list. 

Before we begin this brief overview, I want to reemphasize how impor- 
tant silicon has been in this progression of understanding. Suppose that the 
technological development of the silicon transistor in 1954 had failed; would 
we have “Germanium Valley” today? Would we have “Germanium Graphics 
Inc.” instead of “Silicon Graphics Inc.”? One thing I know: we would not 
have advanced as much as we have in our understanding of matter without 
the concurrent advances in silicon technology. 



1.2 From the 1960s to the Early 1970s: Energy Bands 

One of the early issues in silicon research was understanding the spatial and 
energetic distribution of electrons within a semiconductor. This entails solv- 
ing the so-called energy-band problem, that is, determining the energy of an 
electron as a function of its wave vector k. The wave vector is a quantum 
number for tagging the quantum states of an electron in a crystal, just as 
one has the quantum numbers nlm to label a quantum state in an atom. 

We have all the necessary equations and knowledge of the interactions 
between particles to arrive at a quantitative understanding of the electronic 
states of an electron in a solid. Specifically, we can write down the full many- 
body, time-dependent Schrodinger equation: 

H(ri,r 2 , ■ ■ • ; Ri, R 2 , ■ ■ • ; r 2 , ■ ■ ■ ; -Ri, R 2 , . ■ ■ ; t) 

d M 

= ifi^(ri,r 2 , ...;Ri,R 2 ,...;t), 

where H is the full all-electron Hamiltonian representing all of the electronic 
interactions between electrons and nuclei, r is the coordinate of the electron, 
R is the coordinate of the nucleus, t is time, and IF is the wave function, 
which contains information on the spatial distribution of each electron in 
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the system. A solution of this equation would yield all of the information 
we need to know. This was recognized in 1929 by the famous theoretical 
physicist P. A.M. Dirac. He said that in principle, we have all of the underlying 
physical laws necessary for the mathematical understanding of a large part 
of the physics and the whole of the chemistry as contained in (1.1), but that 
this equation is too complex to solve. He advised the scientific community to 
develop “approximate, practical methods.”, [4]. Of course, this advice leads 
to several questions, such as what practical approximations could we develop 
to help us understand the electronic and structural properties of matter? 
Furthermore, how would we know whether those practical approximations 
worked? This is a key point of my presentation: we can test any proposed 
approximations against the database of papers on silicon. 

Some practical approximations come immediately to mind. For example, 
we can remove the nuclei from consideration, and focus only on the elec- 
tronic degrees of freedom. This is the so-called Born-Oppenheimer approxi- 
mation, [5]. It is justified because the nuclei are very massive, compared with 
the electrons, and as such, the electrons can be thought to respond instanta- 
neously to the nuclear positions. Another approximation is the one-electron 
approximation. Within this approximation, each electron is thought to move 
in the average potential field of all of the other electrons in the system. This 
is often called the Hartree approximation, [6]. Within these approximations, 
we need to solve the following equation: 

&n(r) = E n v n (r), (1.2) 

where V (r) represents the electrostatic potential, m is the mass of the elec- 
tron, and n is a quantum number. At this time, we will neglect any external 
fields and assume that the potential is not a function of time. The eigenvalues 
(E n ) of this equation will give us the energetic distribution of electrons, and 
the eigenfunctions (\P n ) will provide the spatial distribution of the electrons. 

We have transformed the original description of the electronic structure 
problem (1.1) to a much simpler one. Specifically, we have replaced the many- 
body problem in which the wave functions involve N coordinates (for N 
electrons), by one in which we solve for N one-electron orbitals. 

To confirm the success of these approximations, we can put the silicon test 
to work. But first, we need to make one additional - and a key - approxima- 
tion: the pseudopotential approximation, [7-10]. We can think of matter as 
consisting of the nucleus, core electrons, and valence (outer) electrons. This 
is illustrated in Fig. 1.1. Only the outer electrons (3s 2 3p 2 ) need to be consid- 
ered for our purposes because they are the chemically active electrons. Within 
the pseudopotential approximation, the core electrons are removed from the 
problem by transcribing the “all-electron” potential to a pseudopotential. 

The physical content of the pseudopotential is the same as the periodic ta- 
ble. The periodic table is organized by columns based on the valence electrons 
(e.g., carbon, silicon, germanium, tin, and lead are grouped together). The 
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Fig. 1.1. Pseudopotential model of a solid. The nucleus and core electrons make a 
chemical inert ion core, while the valence (outer) electrons are the chemically active 
electrons 



pseudopotential approximation proceeds in a similar fashion. Within this ap- 
proximation, the numerical complexities of silicon and lead are comparable, 
even though in terms of the total number of electrons, silicon has 14 electrons 
and lead has 82 electrons. 

In the 1960s, pseudopotentials were first used to describe the electronic 
structure of silicon. Since the pseudopotential replaces the strong all-electron 
potential with a weak pseudopotential, we can use sines and cosines to solve 
the problem, that is, we can use a Fourier series for both the pseudopo- 
tential and the wave functions. Because the potentials and wave functions 
are smoothly varying with no singularities, a Fourier transform converges 
quickly, [11]. This is illustrated schematically in Fig. 1.2, where a real-space 
pseudopotential is illustrated, along with its Fourier transform. 

For silicon, we can fix the required Fourier components of the potential 
by fitting them to experimental data. Typically, this can be done with three 
parameters, and two of them are not really linearly independent. Once the po- 
tential is determined, we can extract the energy bands of silicon. The method 
by which one fits the pseudopotential is called the empirical pseudopotential 
method (EPM), [11,12]. 

Silicon occurs in the diamond structure, as shown in Fig. 1.3. Within the 
primitive cell, there are eight electrons, which means there are four occupied 
valence bands. Shown in Fig. 1.4 are the energy bands for silicon in the 
diamond crystal structure. This represents one of the first realistic energy- 
band structures, [13]. In silicon, we find a bandgap of about 1.1 eV and a 
valence-band width of about 12 eV, [11]. I should add that this is a very easy 
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Fig. 1.2. Schematic pseudopotential in a real space and b Fourier space. V(r) is 
the electronic potential, q is the reciprocal distance, and G is a reciprocal space 
vector 




Fig. 1.3. Schematic illustration of silicon in the diamond structure 
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Fig. 1.4. Energy bands for silicon in the diamond crystal structure, [13]. The top 
of the valence band is taken as the zero of energy 
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numerical calculation. For example, one could do this calculation on a laptop 
or pocket PC; one only has to solve a 50 x 50 matrix problem. 

As a result of the EPM calculation, we have the energetic distribution 
of the electrons within the crystal through the band structure, and we have 
the corresponding wave functions for the spatial distribution. In Fig. 1.5, I 
have reproduced the calculated and measured modulated reflectivity spectra 
for crystalline silicon, [14]. We can use the oscillator strength between filled 
states and empty states, along with the topology of the energy bands, to pre- 
dict the origin of any structure in the reflectivity spectrum. The experimental 
work by Zucca and Shen in the 1970s (Fig. 1.5) reveals some highly struc- 
tured features, [14]. The general agreement between experiment and theory 
confirms our practical approximations. 




Fig. 1.5. Calculated (theory) and measured (experiment) modulated reflectivity 
spectra for crystalline silicon. The theoretical work is from an empirical pseudopo- 
tential calculations, [13]. The measured reflectivity is from Zucca and Shen, [14] 



However, we do not get everything right. For example, in the low-energy 
part of the spectra, there are some sharp structures that are not reproduced 
in the theoretical spectra. We can attribute this absence to the lack of any 
spin-orbit interactions within the EPM spectra. This feature was omitted in 
these early calculations, but it is easy to include it. Also, excitonic effects, 
the interaction of the excited electron and hole, are not properly included, 
which results in line shapes not in complete agreement with experiment, but 
this is a detail. With the advent of the EPM, it was quickly realized that one 
could obtain reliable optical spectra from theory. These theoretical spectra 
could be directly related to experiment. Before the 1960s, it was controversial 
whether one could learn anything from the optical properties of solids. It was 
thought that the one-electron picture was too crude. However, by the 1970s, 
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it was clear that one could learn a great deal. Thus, an explosion of spectro- 
scopic measurements of solids using optical probes began. The combination 
of experiment coupled to the EPM led to the first quantitative understanding 
of energy bands. This development had profound effects on our ability to do 
bandgap engineering, that is, to design an electronic material for a specific 
application, [11]. 

In Fig. 1.6, I illustrate x-ray photoemission spectroscopy (XPS) spectra 
from Ley et al., circa 1974, [15]. Using XPS, one can measure directly the en- 
ergy distribution of occupied states in silicon (i.e., the density of states), [11]. 
The theoretical density of states can include both empty and filled states; 
the empty states are not observed in photoemission. The agreement between 
theory and experiment is quite good, especially given that only a few pa- 
rameters were used. As in the case of the reflectivity calculations, there were 
some interesting details that we could not replicate in the early days. These 
features, such as the shoulder around — leV, below the valence-band max- 
imum in the bottom graph of Fig. 1.6, occurred because of surface states. 
These early calculations did not include surface contributions. 
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Fig. 1.6. X-ray photoemission spectroscopy (XPS) spectra and calculated density 
of states for crystalline silicon, from Ley et al., [15] 



Perhaps one of the most interesting aspects of these early calculations 
concerned the spatial distribution of electrons in silicon. From the wave func- 
tions obtained from the EPM, we can extract the spatial distribution of the 
bonding electrons. Fig. 1.7 is a contour map for such distributions within a 
silicon crystal. This figure provides one of the first visual depictions of the 
covalent bonds in silicon. 

Around 1974, Yang and Coppens did an x-ray experiment on silicon to 
determine the spatial distribution of electrons, [17]. With x-rays, we cannot 
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Fig. 1.7. Contour map for spatial distributions of the bonding electrons (charge 
density) in crystalline silicon, [11,16]. Regions of high electron density (e.g., the 
covanlent bonds) are shown in shades of dark gray; low-density regions are shown 
in pale gray going to dark gray. The plane shown is (110). The atomic positions are 
shown by black dots 




Fig. 1.8. Spatial distribution of electrons (charge density) for crystalline silicon, 
as inferred from x-ray measurements by Yang and Coppens, [17]. The gray coding 
is similar to that in Fig. 1.7 



obtain the precise spatial distribution because these probes measure inten- 
sities and not amplitudes. However, with a few simple - and justifiable - 
approximations, Yang and Coppens extracted what they believed to be the 
bonding configuration, [17]. The agreement between theory and experiment 
was striking (see Fig. 1.8). 



1.3 1970s: Theory of Surfaces Applied to Silicon 

Suppose we want to understand the surface of silicon. Many things happen 
at a surface. We no longer have a periodic system perpendicular to the sur- 
face. We have threefold-coordinated Si atoms at the surface, in contrast with 
fourfold-coordinated atoms within the bulk crystal. We may not have the 
same atomic structure or the same electronic configuration at the surface 
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that we have in the bulk. We have to account for these differences in solving 
for the electronic structure. 

In the mid-1970s, we introduced a new type of pseudopotential, [10,18,19] 
that resulted from the core electrons and nuclear charge and did not in- 
clude any screening from the valence electrons. We fixed the positions of 
these ion- core potentials and figuratively threw in the valence electrons. 
The valence electrons were allowed to relax to the lowest-energy configu- 
ration as determined by using density functional theory and the so-called 
local density approximation, [20,21]. This approximation allows us to screen 
the ion-core pseudopotential with an electrostatic potential arising from the 
valence electrons. This potential includes classical electrostatic screening and 
an exchange-correlation term that depends only on the density of a point of 
interest. Exchange-correlation terms arise from inherently quantum interac- 
tions, which have no classical analogue. 

We solve the screening process self-consistently, that is, we generate a 
Hamiltonian that is consistent with the charge density, based on the wave 
functions. The resulting potentials are called ab initio pseudopotentials. To 
construct these potentials, we start from an atomic-structure calculation, ex- 
tract the ion-core pseudopotential, and apply it to condensed-matter systems 
to obtain the lowest-energy solution. Unlike the empirical pseudopotentials, 
no input from experiment is used. 

We handle the loss of periodicity created by the presence of a surface by 
introducing “artificial periodicity.” Imagine that I want to look at the elec- 
tronic structure of a cluster - a system with no translational periodicity. I 
can do the following: I place the cluster in a large box and artificially repeat 
that box to fill up all space. When so constructed, this box is called a super- 
cell, [17, 18,22]. I Pow have a periodic system - a crystal of isolated clusters. 
If I solve for the electronic structure of this system, I get the electronic struc- 
ture of an isolated cluster. I can use this approach for any localized system, 
provided that I can take a supercell of sufficient size. Moreover, I can use 
computer codes that have been developed over the years to look at crystals 
and apply them to clusters, surfaces, liquids, defects - all the forms of silicon 
that are important. 

Let us examine one of the first such calculations for a surface. We will 
consider the silicon (111) ideal surface. The (111) surface is the cleavage plane 
for silicon. A model for this geometry is shown in Fig. 1.9. At the surface, each 
atom is threefold-coordinated. We can learn a few things about surfaces by 
considering this simple system. For example, if we examine the distributions 
of electronic charge at the surface (Fig. 1.10), we notice that the surface 
perturbation heals very quickly; the darker shades of gray regions indicating 
covalent bonds (which are missing at the surface) are restored (“healed”) 
a short distance below the surface. Within a few bond lengths, the charge 
density assumes the same distribution as it had in the infinite crystal. We 
can also imagine how impurities might migrate from the surface into the bulk 
crystal. For example, a channel devoid of any charge density exists from the 
vacuum into the bulk crystal, [22]. 
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Fig. 1.9. Model of the geometry of the Si(lll) ideal surface. The (111) plane 
corresponds to the top edge of the figure. The atoms shown as dark gray circles are 
within a plane shown in Fig. 1.10 




Fig. 1.10. Charge density of the Si(lll) surface, [22]. The dark gray circles rep- 
resent the atoms that correspond to the plane shown in Fig. 1.9. Here, regions of 
high charge density are shown in darker shades of gray 



One new electronic feature exists at the surface, namely, electronic states 
that occur at the vacuum-solid interface. Called surface states, they decay 
both into the vacuum and into the bulk crystal. Electrons occupying such 
states are “trapped” at the interface between the crystal and vacuum. These 
surface states arise from dangling bonds that occur because unsaturated 
bonds are present at the surface, [22]. When adsorbate atoms interact with 
the silicon surface, the nature of the chemical bond between the adsorbate and 
the surface will be largely determined by the presence of these surface states. 

We do not see the dangling-bond surface states in Fig. 1.10 because the 
charge density is found by summing up over all occupied states. Most of those 
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Fig. 1.11. Contour map for the dangling-bond state on the Si(lll) surface. The 
plane is similar to that shown in Fig. 1.9. The vacuum is represented by the large 
gray areas. See Schliiter et al. for details, [22] 



occupied states decay gently into the vacuum. However, within the bandgap of 
silicon, there are electronically active surface states corresponding to dangling 
bonds. If we examine the spatial distribution of these states, we find these 
states decay both into the vacuum and into the crystal, as in Fig. 1.11. 

With respect to surface properties in general, we can use ab initio pseu- 
dopotentials to examine many issues. For example, we can look at absorbates 
and the nature of the bonding. We can calculate work functions. We can see 
what happens when we passivate the surface. We can put metals on surfaces 
and look at the formation of Schott ky barriers. We know this by testing all 
of these issues against a known silicon database, [23]. 

However, we have an unresolved problem. Up to this point, we have as- 
sumed a given geometry for the surface. In the case illustrated for the Si(lll) 
surface, we assumed the atomic positions were not influenced by the presence 
of the surface. However, there is no good reason for making this assumption. 
Silicon surfaces are known to “reconstruct.” A reconstruction occurs when 
the surface atoms do not maintain atomic positions corresponding to the bulk 
symmetry of the crystal. The reconstructions for a simple elemental crystal 
like silicon can be quite complex. For example, the periodicity of the Si(lll) 
reconstructed surface can be described at high temperatures by a unit cell 
49 times the size of the ideal cell, that is, the so-called 7x7 reconstruc- 
tion, [22]. We need to know how the atoms are arranged at the surface. How 
are we going to proceed? We need a method for examining energy differences 
between competing surface configurations. 



1.4 1980s: Structural Energy of Silicon 

We go back to density functional theory. This theory dates back to Fermi 
and Slater, but the modern version dates to seminal work by Kohn and his 
collaborators in the mid-1960s, [20,21]. In this work, they found that the 
many-body part of the problem can be included by an effective exchange- 
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correlation potential. If one knows all of the appropriate electronic interac- 
tions - for example, the exchange-correlation, the ion-ion-interaction, and 
the electron-electron-electrostatic contributions - we can add up these inter- 
actions and find the total energy. We can calculate the energies of different 
structures. If we know the energies of structures, then we can predict which 
surface structure might be the lowest-energy one. 

The key equation to be solved is from Kohn and Sham: 

+ V ion (r) + Vh(t-) + V xc (r) >P n (r) = E n V n (r), (1.3) 

where P ion is the ion-core pseudopotential, Vr is the Coulomb or Hartree 
potential, and V xc is the effective exchange-correlation potential. The Hartree 
potential is obtained by solving a Poisson equation: 

V 2 Vh(t) = — 47rep(r), (1.4) 

where p{r) is the charge density given by 

P(r ) = ~e ^2 l^«( r )| 2 - (1-5) 

occup 

The summation is over all occupied states. Within the local density ap- 
proximation, the Vxc potential is a functional of the charge density: V*c = 
V xc [r]. Once the equation is solved, we can find the total electronic energy of 
the system from 

-Etotai = En ~ \ f v apd 3 r + j ( E xc - V xc )pd 3 r + E ion _ ion . (1.6) 

occup J ^ 

The first sum is over all occupied states. The second term subtracts off the 
double counting terms. The third term subtracts off the exchange-correlation 
potential and adds in the correct energy density functional. The last term is 
the ion-ion-core repulsion term. 

In one of the first applications of this formalism to real systems, Yin and 
Cohen evaluated the total energies of different silicon crystals as a function 
of crystal volume, [24]. Their work is shown in Fig. 1.12. They considered the 
following possible crystal structures for silicon: diamond, hexagonal diamond, 
white tin {(3- Sn), simple cubic, simple hexagonal, hep, bcc, and fee. The 
diamond crystal structure was the lowest in energy. 

Relying on our large silicon database, we can assess whether this picture is 
correct. The diamond structure is the lowest-energy structure for silicon, both 
experimentally and theoretically. By creating a common tangent between the 
diamond structure curve and the white tin structure curve, one can find the 
transition pressure between these two forms. The slope of that tangent will 
give us the transition pressure. They found this to be 9 GPa, which is roughly 
in agreement with experiment, [24]. Perhaps more important, Cohen and his 
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Fig. 1.12. Energy versus volume plot for several crystal structures of silicon: di- 
amond, hexagonal diamond, white tin (/ 3 - Sn), simple cubic (sc), simple hexagonal 
(sh), hep, bcc, and fee. This work is after Yin and Cohen, [24] 



students later found one of these high-pressure forms of silicon to be metallic, 
predicted it to be a superconductor, and it has been so observed, [25]. This 
stands out as one of the best examples of a theory predicting a property of 
silicon. 

As such, we have a lot of confidence in density functional theory when 
we are dealing with semiconductors. Typically, we obtain lattice parameters 
to within 1-3%, compressibilities within 5-10%, and lattice vibrations within 
1-3%. 

In the first applications of total energies from density functional theory, 
one did not do so well with cohesive energies. A cohesive energy is the energy 
of an isolated silicon atom versus that same silicon atom in a crystal. Those 
are very different environments, when compared with structural energies. If 
we are simply altering the volume of a crystal by small changes in the lattice 
constant, and comparing one solid-state configuration to another solid-state 
configuration, the resulting energy changes are more reliable. Why is this? For 
density functional theory to work, error cancellations are important and must 
be largely complete. For cohesive-energy calculations, the error cancellations 
between dissimilar environments are not as complete as for lattice-parameter 
calculations. If we examine more contemporary density functional theories, 
such as the generalized gradient approximation, the errors in cohesive energies 
are considerably reduced, [26]. 

One problem to be addressed later is that no excited-state properties have 
been included in what I have shown so far. At this point, we are interested 
only in the ground- state properties. Ground-state properties correspond to 
equilibrium properties in which the electrons occupy only the lowest-energy 
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Fig. 1.13. Charge density in liquid silicon. Frames show movements of atoms in 
the liquid over time. The shades of pale gray areas indicate a high electron density, 
as in Fig. 1.7 



orbitals. Such properties include the cohesive energy of a solid and the bond 
lengths. In contrast, if we shine light on a material, and the electrons are 
excited to higher-energy orbitals, we no longer have a system within the 
ground state. Density functional theory works only for the ground state. 
Later, I will deal with excited states and optical excitations. 

If we know the energy as a function of structure, we can do ab initio 
molecular dynamics. By ab initio here, I mean that the required interatomic 
forces in the simulations are calculated quantum-mechanically and not fit 
to some experimental data. For example, the Hellman-Feynman theorem 
can be used to calculate the forces on a particular particle with the use of 
pseudopotentials and density functional theory. We can use these quantum 
forces to integrate the equations of motions of the nuclei without making any 
ad hoc assumptions about interatomic forces. 

Of course, just as Yin and Cohen first looked at silicon to assess the relia- 
bility of density functional theory, the first applications of ab initio molecular 
dynamics for liquids were focused on silicon, [27,28]. 

Before we examine liquids, it is worthwhile to reexamine the charge den- 
sity distribution within the crystal (see Fig. 1.7). Within the plane illustrated 
in this figure, the charge density is highly localized in bonds. What will the 
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Fig. 1.14. Root-mean-square displacement of a Si atome in liquid Si. The tem- 
perature of the liquid is near the melting point. The slope of this curve is directly 
related to the self-diffusion constant of liquid silicon, [28] 



distribution of electrons in a liquid look like? In the liquid, the atoms are 
moving and one can only examine “snapshots” of the system or do some sort 
of averaging. In Fig. 1.13, I have illustrated the charge density of the liquid 
state. Liquid silicon is quite different than crystalline silicon. The charge den- 
sity of the liquid is quite diffuse and not highly localized. In fact, liquid silicon 
is observed experimentally to be metallic, as most covalent semiconductors 
are when melted. Yet, there is evidence for covalent bonds existing within 
the melt. In Fig. 1.13, you can see such a covalent bond existing between two 
atoms within the liquid. This finding implies that covalent bonds can exist 
in the silicon liquid, at least for a brief instant of time. Some have speculated 
that by thermal-quenching the liquid into a solid structure, we may preserve 
the microstructure of the melt. This would render a system with covalent 
bonds in a metallic matrix. Such a configuration is typical of a superconduc- 
tor, not a semiconductor. However, no one has been able to cool the silicon 
melt fast enough to preserve the metallic structure of the liquid. So, we do 
not know if silicon frozen in a liquid structure would be a superconductor or 
not. 

There are other issues of the melt that can be examined with theoretical 
tools. For example, one can calculate the self-diffusion in liquid silicon. We can 
look at the rms displacement of that silicon atom as a function of time, [28]. 
From the slope of this curve (see Fig. 1.14), we can obtain the self-diffusion 
constant. Diffusion constants are needed when modeling crystal growth, but 
they are difficult to measure. They are not so difficult to calculate. However, 
I confess this is one instance where our vast silicon database fails. I do not 
believe the diffusion of silicon in liquid silicon has been measured. On the 
other hand, it is nice to know that there are things that theory can do better 
than experiment. 
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1.5 1990s: Structure and Electronic Properties 
of Silicon Clusters and Quantum Dots 

Clusters are a special form of matter, groups of atoms that are stable only in 
isolation, making them difficult to handle either experimentally or theoreti- 
cally, [19]. For example, a cluster of 10 silicon atoms will not be stable if this 
cluster interacts with another cluster of 10 silicon atoms. The two clusters 
will merge seamlessly into a 20- atom silicon cluster. This would not be true 
if two molecules interacted. For example, consider two benzene molecules. If 
these molecules interact, they will retain their integrity as molecular species. 
In addition, we may have a number of atoms within the clusters interacting 
with no special symmetry, which means we can have a number of degrees of 
freedom - both structurally and electronically. This complicates the problem 
enormously from a theoretical perspective. 

Consider the following issue: what is the structure of a silicon cluster? We 
cannot answer this question by examining bulk forms of silicon. The atoms 
in a cluster are effectively all surface-like, which means they are not fourfold- 
coordinated. Just as a silicon surface will reconstruct, so will a cluster of 
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Fig. 1.15. Molecular-dynamics simulated anneal for a seven-atom silicon cluster. 
Over the course of this simulation, the temperature is reduced from about 5000 
K (on left) to 300 K (on right). The resulting structure of the cluster agrees with 
other theoretical studies and experimental data. Time steps are indicated by) At 
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Fig. 1.16. Simulated photoemission spectrum for a six-atom, negatively charged 
cluster of silicon (Sig ), compared with experiment, [31] 



silicon. We cannot measure the structure of a cluster directly. How do we 
know what the structure is? 

We can answer this theoretically by performing a “simulated anneal.” An 
anneal occurs when we slowly cool a system from a high temperature to a low 
one. Suppose we start with a hot gas and cool the system. Initially, the atoms 
will interact weakly. They will form structures that are inaccessible at low 
temperatures and sample a number of possible configurations. As we lower 
the temperature, only low-energy structures will be sampled. Eventually, if 
we cool slowly enough, we should quench out the lowest-energy structure 
or something close to this structure. We can simulate this process by per- 
forming a molecular-dynamics simulation using quantum forces, [29]. This is 
illustrated in Fig. 1.15 for a seven-atom cluster, [29]. We place seven atoms 
in a box and control their temperature by means of a hypothetical heat bath. 
We start off at a hot temperature and then cool the atoms slowly. (I should 
be clear here: “slowly” means that we consider a time frame of a picosecond 
or so. Of course, that is a short time experimentally, but it is a long time 
theoretically.) 

As the seven silicon atoms interact, the initial bonds formed are weak, 
given the high initial temperature. Many structures are formed as the sys- 
tem is quenched. Eventually, we find a tetramer and a t rimer, which form 
independently. In this simulation run, they merged to form a bicapped pen- 
tagonal cluster, which when formed resulted in a dramatic drop in the total 
energy of the system. How do we know if this structure is correct? Again, we 
can go to our silicon database. We can compare the theoretical calculations 
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to a number of experiments. For example, we can look at the vibrational 
modes of the cluster, optical absorption spectra, and photoemission spec- 
tra, [19,29,30]. Let me illustrate this for one example: a six-atom cluster of 
silicon, negatively charged (Sig ). We place this six-atom cluster in a heat 
bath and average the eigenvalue spectrum for this cluster as a function of 
time. This procedure yields a spectrum that can be compared to experiment, 
as indicated in Fig. 1.16. 

The comparison is quite good, perhaps even better than we have a right to 
expect, given the simplicity of the calculation. The only “parameter” entering 
this calculation is temperature. We do not know what the temperature is 
experimentally, but we can make a reasonable guess, and the results are not 
overly sensitive to our guess. Here we have yet another example where we 
can test our theoretical tools on a new system (clusters), and we test our 
calculations against silicon. 



0 

2.8 f 




Fig. 1.17. a A hydrogenated silicon quantum dot. The solid gray circles are sili- 
con atoms, and the open circles are hydrogen atoms. This quantum dot contains 
approximately 800 atoms. The silicon atoms are in a bulk-like environment, that 
is, each atom is fourfold-coordinated. The surface of this dot is passivated with hy- 
drogen atoms, b The measured optical gap for such dots is illustrated as a function 
of the dot diameter D. As the dot shrinks in size, the optical gap increases. This 
change in gap size occurs because of quantum confinement. The measurements are 
from Furukaea and Miyasato, [32] 
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One more application: optical excitations in finite systems. These systems 
are of great interest because the size of the cluster can be used to tune the 
optical properties of the system. 

I mentioned earlier in this presentation that the density functional theory 
was good for ground-state properties. However, some aspects of silicon do 
not lend themselves to ground-state properties. For example, optical proper- 
ties are straightforward to measure but difficult to describe theoretically. In 
Fig. 1.17, 1 illustrate such an experiment, [32] for a hydrogenated silicon quan- 
tum dot - a ball of silicon 2-3 nm in diameter capped off with hydrogen atoms. 
The size of the observed gap in such quantum dots can vary from ~ 2 eV to 
~ 2.5 eV; it is roughly twice the optical gap. It is widely accepted that con- 
finement of the optical excitation within the dot increases the optical gap. 

We can calculate the gap by solving for the Schrodinger equation as a func- 
tion of time. We use the so-called time-dependent local density approximation 
(TDLDA), [33,34]. We propagate wave functions in the presence of an elec- 
tric field and find normal modes of excitation. Within this approach, we make 
one important approximation. We assume that the electronic coordinates re- 
spond immediately to the applied field (i.e., the adiabatic approximation). 
Does this approximation work? Is it reasonable? We look at silicon again. 

Figure 1.18 shows a theoretical spectrum compared with experiment. In 
addition to the large hydrogenated silicon clusters (and quantum dots), we 
have included some small molecules such as silane and disilane. Experimental 
data are available for both of these molecules and the larger quantum dots. 
The agreement is rather striking, suggesting that at least in some favorable 
cases, TDLDA yields reasonable optical properties. This work remains in a 
formative stage, but shows much promise for examining the optical spectra 
of quantum dots and other nanostructures. 




Diameter (A) 



Fig. 1 . 18 . Absorption (or optical) gap for hydrogenated silicon clusters and quan- 
tum dots. The theoretical data are from time-dependet local density functional 
theory, [33,34]. The experimental data are from Furukawa and Miyasato for the 
dots, [32]. The cluster work is by Itoh et al., [35] 
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1.6 The Future 

Albert Einstein said, “I never think of the future, it comes soon enough.” , [36] 
I think I will follow his lead. Predicting the future is not easy. However, I 
have two comments concerning where theory is going. 

I said very little about advances in our computational tools, but not be- 
cause they are unimportant. The advances in computational platforms over 
the past few decades have been breathtaking. For example, I have a PC on 
my desk in Minnesota comparable to the mainframe that I used for my thesis 
work in 1975. But if you posed the question to me as follows: would I rather 
have the ideas of the year 2000 and the computers of 1980, or the computers 
of 2000 and the ideas of 1980? The answer to this question is easy. Roughly 
80-90% of my current work I could have done on those computers of the 
1980s because of new ideas and concepts such as ab initio pseudopotentials, 
density functional theory, and new algorithms to solve the diagonalization 
problem, among others. In contrast, if you give me the computers of today 
with the ideas of 20 years ago, I am in poor shape. I could not do most of 
my current work. 

In short, ideas , not hardware , have been the predominant driving force in 
the progress we have made. I have every confidence that ideas will continue 
to be more important, or at least as important, as hardware advances. 

I will say one more thing about the future. I think silicon is and certainly 
will be the material of choice for theorists to test ideas with for many decades 
to come. On this prediction, I feel secure. 
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2.1 Introduction 

Fifty years of silicon for semiconductor device applications is the milestone 
at which this series of articles has been written, which will present the many- 
faceted development of all the technologies that are connected with it, their 
present status, and recognizable future trends. The individual articles will 
cover topics such as: 

- growth of single crystals and its reproducibility in industrial applications 

- polycrystalline and amorphous silicon 

- epitaxial technologies and thin films 

- crystal defects, impurities, and doping 

- various processes for micro- and nano-structuring 

- materials requirements from the vantage point of the users in the fields of 
microelectronics, power electronics, optoelectronics, and micromechanics 

- interfaces to other materials such as III-V compounds, as well as the 
whole area of bioelectronics. 

Since this series is about silicon it is taken as self-evident that all these 
contributions will emphasize the material aspects. 

This undertaking is justified and useful because silicon has, like no other 
material, dramatically changed our world. Especially, the whole of informa- 
tion and communication technology would have developed completely differ- 
ently without the availability of silicon. Thus, we can with all justification 
talk of a silicon era, just like one talks of a stone, copper, bronze, or iron age, 
where a specific material that predominantly characterized the advancements 
made during that time was chosen for the name of that era. Even more than 
with iron and steel, we have to deal here with a multitude of individual tech- 
nological advances which ultimately made the material as we know it today. 
The variety of the topics mentioned above attests to this. Last but not least, 
it has to be mentioned that silicon, because of the intense technological in- 
terest in it, belongs to the small group of solids that have been exhaustively 
studied and where, during its study, significant contributions to materials 
science have been made. 

We were invited to write an introductory paper to this series of articles be- 
cause we belong to those few people that have lived through this development 
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from its very first beginnings - originally as technical-scientific researchers 
and later in responsible managerial positions. One of us (WH) was at Siemens, 
initially involved in the materials research and subsequently in device appli- 
cation. The other (KZ) was at RCA Laboratories in Princeton, NJ, USA, 
where he devoted his research efforts solely to silicon device technology. We 
have the indisputable advantage of a personal understanding of the various 
problems and an involvement in the sometimes dramatic happenings. On the 
other hand, there exists also the danger of a one-sided opinion. We believe 
that the advantage outweighs the disadvantage and that we can be rather 
objective; and so we have accepted this task. 

In our discussion we want to show that silicon - during all of its develop- 
mental stages - in no way ever looked clearly to be the obvious solution to 
the various problems as we so easily see it in retrospect today. On the con- 
trary, silicon’s march forward was often an adventurous path that had many 
individual successes, but also erroneous paths and fallacious assessments, as 
is common in all research- and development activities. 

The silicon semiconductor technology formed the basis for the develop- 
ment of the information society, a society which is characterized by the mental 
achievements of humankind. This partially virtual world - broken down into 
bits or built up from them - seems sometimes only a product of the human 
brain, a world made by humans. But still, where would this world be without 
silicon? 

Silicon does not appear as a free element in nature, because of its high 
chemical affinity, especially for oxygen. It can only be produced by chemical 
reduction. Is it then also a product of man’s creativity, custom tailored for 
his purpose? Or is it - with its special properties - still nothing else but a 
wonderful present of nature? 



2.2 Early History 

When, in this contribution to Silicon , we talk about making silicon available 
for semiconductor applications, it is not just for history’s sake. No, we also 
want the readers to understand how this development was possible, what 
parts were targeted goals, and what was simply serendipitous discovery? Here 
we immediately come to the age-old question of humanity: Can man create 
his own world - as often described or shown in some science fiction of our 
time - or is he still just embedded in this nature and creation that was given 
to us as a present? 

Despite some fundamental work carried out in the 1920s and 1930s on 
the band structure, and theoretical attempts concerning rectifier effects and 
several patents concerning the unipolar transistor in that period, the real 
semiconductor era began only with the proof of the bipolar transistor effect 
in germanium by Bardeen and Brattain at the end of 1947 [1]. On the basis of 
the rapidly increasing industrial interest, the procedures for crystal growth, 
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purification, and doping - still important even today - were then developed 
in the 1940s and 1950s, but initially just for germanium. 

At the same time, an increased interest in other semiconductor materials 
appeared. Were there perhaps materials other than germanium that would 
be even more suitable for specific applications? This question could only be 
answered by first understanding the transistor effect. The extremely high 
carrier mobilities in germanium, about 10 3 higher than those of oxide semi- 
conductors, were fascinating here. Achieving even higher mobilities was then 
one of the goals of the pioneering work in the field of III-V compounds by 
Heinrich Welker and his research team at the beginning of the 1950s [2]. 

Research on silicon began at about the same time, but rather in the back- 
ground. Sensational discoveries and/or advances were hardly expected unless 
one considered the proof of the semiconducting character of silicon - still in 
doubt in the 1940s - as such. The metallic shine and relatively high conduc- 
tivity of the (highly impure) samples, similar to that in the so-called hard 
metals, led to this erroneous conclusion. For example, in the 1953 edition of 
Linus Pauling’s book General Chemistry [3], silicon is still called a semimetal. 
On the other hand, Pearson and Bardeen [4] had discovered in 1949 the high- 
temperature transition to intrinsic conduction and, thus, presented the proof 
of the semiconducting character of silicon. The samples used were, however, 
not single-crystal, so that the conductivity below this transition did not show 
the typical temperature dependence of extrinsic semiconductor conductivity. 
This caused some irritation amongst the various researchers [5,6]. 

The experiments of Pearson and Bardeen showed that the bandgap was 
1.12 eV. The carrier mobility could also be determined at the beginning of the 
1950s by use of Hall and drift measurements. With a value of 1200cm 2 /V s 
for electrons and 300 cm 2 /V s for holes, it was about a factor of three lower 
than that of germanium. All this did not seem to be very exciting, and thus, 
there were only a few researchers who devoted themselves to silicon and its 
crystal growth. 

Because of the increasing importance of microwaves in the mid- 1940s 
various semiconductor detectors, based partially polycrystalline silicon, were 
used in microwave applications to replace microwave tubes because of their 
small dimensions and high cut-off frequencies. So even at that time, silicon 
was making inroads into communication technology. This was also where the 
newly discovered transistor was of special interest, because a higher carrier 
mobility is a definite advantage for achieving higher cut-off frequencies. So, 
a theoretical comparison - since the transistor effect in silicon was not yet 
experimentally proven at that time - clearly indicated the advantage of ger- 
manium for use in communication technology, and the limit on the thermal 
stress of 80° C, caused by the bandgap of only 0.7 eV, was considered accept- 
able. Only in cases of elevated heat production were these limitations serious, 
but it was hoped that they could be overcome by use of other semiconduc- 
tors such as the III-V compounds already mentioned or by silicon. The high 
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degree of adaptability, the high carrier mobility (in GaAs, for example), and 
a lower melting point favorable for processing, were all strong arguments for 
the III-V compounds. In silicon, on the other hand, one had to deal only 
with one kind of atom, which eliminates various kinds of lattice defects and 
guarantees a good lattice thermal conductivity. 

So much for the theoretical considerations. In the reality of the techno- 
logical world of the early 1950s one was far away from a general use of silicon 
as a semiconductor material. As already mentioned, because of silicon’s high 
chemical aggressiveness at the elevated temperatures required for its prepa- 
ration, all silicon samples were highly impure. Their level of purity was, as 
Pearson and Bardeen’s samples showed, in the range of several ppm. Despite 
this, research groups, especially that of G.K. Teal at Bell Laboratories, were 
not discouraged. Teal devoted himself, in addition to his main task of germa- 
nium, to silicon crystal growth until he went to Texas Instruments in 1952. 
But even there he built up a silicon research team which had the goal of devel- 
oping power transistors. The move to TI required time, and that significantly 
reduced the original advantage he had over possible competitors. 



2.3 Competition and Cooperation in the Silicon Race 

At the beginning of the 1950s, but at first entirely in a clandestine mode, 
another competitor came onto the scene: the Siemens Group, of which WH 
was a member. Despite entering late, Siemens definitely wanted to compete 
in the important, newly blossoming area of semiconductor physics and tech- 
nology, having already its own manufacturing facility for selenium rectifiers, 
located in its power group; there was also a production facility for transistors, 
using its own experience base in high-frequency rectifiers and following Bell 
Laboratories as far as germanium was concerned. With regard to additional 
research, it had one of the best-known semiconductor pioneers, Walter Schot- 
tky, within its own ranks. For new semiconductors, Heinrich Welker, with his 
pioneering ideas and experience in III-V semiconductors, was appointed as 
department head for the new research laboratories of Siemens-Schuckert. 

In this technological environment, the materials research laboratory of 
Siemens and Halske also entered the semiconductor area, and started in 1951 
to work mainly on trial-and-error experiments on silicides such as Mg 2 Si. 
The purification of silicon was included as a prerequisite in these fundamen- 
tal studies. To achieve this, two approaches were pursued: on the one hand 
the classical metallurgical preparation of pure silicon powder via magnesium 
or zinc reduction of pure quartz (the so-called B-process), and on the other 
hand the reduction of SiHCl 3 by hydrogen in an electrical discharge accord- 
ing to the method of van Arkel. This second approach was carried out in 
collaboration with Wiberg and Amberger of the University of Munich and 
was called the A-process. 
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Fig. 2.1. First “high-purity” silicon rod from Siemens grown by the so-called A- 
process in 1953 



While experiments were being carried out with this latter procedure a 
great surprise happened, namely, on one of the electrodes a thin silicon rod 
had grown (Fig. 2.1) which, in its single-crystal part, showed a purity that 
was orders of magnitude higher than that of all samples obtained by the 
B-process [7]. 

The specific resistance was 20 ohm cm, whereas the others had less than 
0.1 ohm cm. The breakdown voltages of needle electrodes were about 100 V 
and exhibited the polarity of an n-type semiconductor. So, with one step, the 
purity was increased by at least three orders of magnitude and was in the 
sub-ppm region. These first results could be reproduced, and subsequently 
the purity, the diameter of the needles, and the size of single-crystal areas 
could be improved even further. Our group could compare itself now with its 
international colleagues, and concentrated its efforts on the crystal growing 
and purification of silicon as its only goal 

Fortunately, the aforementioned laboratory for power rectifiers, under the 
leadership of E. Spenke in Pretzfeld, still working on selenium, also joined 
the silicon work. Spenke had, at that time, already recognized the importance 
of silicon for power applications and stated, “Silicon is, just like germanium, 
an elemental semiconductor and therefore does not have many of the defects 
that are possible with compound semiconductors because of imperfect sto- 
ichiometry and elemental dislocations. It has a sufficiently large band gap 
and a carrier mobility that is definitely acceptable for power applications. 
Thus, we will bet on it.” It is obvious that, with this decision, the internal 
competition with Welker’s research group working on III-V compounds for 
the same applications was preprogrammed. 
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In Spenke’s remarkable prognosis, made in 1953, one important charac- 
teristic of silicon is understandably not mentioned, namely the long carrier 
lifetime. This is a result of the specific band structure of silicon, which it 
shares with germanium, but was not yet known at that time, namely that 
the minimum of the conduction band - contrary to the original assumption 
- does not occur at the wave vector k = 0 but, rather, near the edge of the 
Brillouin zone. This prevents a direct optical recombination of electrons and 
holes, which would occur in a time on the order of magnitude of 1 microsec- 
ond (as, for example, in GaAs). This, of course, prevents, on the one hand, 
the technological use of silicon in the area of active light generation but al- 
lows, on the other hand, the achievement of long carrier lifetimes (just as in 
germanium) for high purity and perfect crystallinity. This gift of nature was 
a crucial (at that time of course unknown) precondition for the discovery and 
development of the bipolar germanium transistor, because it is the means for 
achieving the required diffusion lengths of minority carriers. High diffusion 
lengths are important factors for the I-V characteristics not only of bipolar 
transistors but also of all power devices such as rectifiers and thyristors. 

With these comments, we have got a little bit ahead of ourselves, because 
these fundamental characteristics of the band structure were only discovered 
step by step towards the end of the 1960s beginning with the work of Herman 
et al. [8]. So, let us return again to the year 1953 and to the then newly 
discovered levels of purity in the silicon samples produced by the von Arkel 
method. These results were quite encouraging but the limitation of sample 
diameters to a few mm made the samples unsuitable for practical application, 
especially in the power area. The question now arose of whether or not the 
electrical discharge, which was concentrated on small electrode areas in the 
van Arkel method, really was the key to the high-purity effect, or could the 
thermal reduction of the SiHCl 3 /hydrogen mixture on a hot, glowing silicon 
surface (“CVD, chemical vapor deposition” as it is called today) be sufficient? 
In order to answer this question, thin needles were heated in a specially 
developed reactor by sending current through them and could thereby be 
covered with a thick layer, which was, however, polycrystalline. To be able to 
assess the purity of these polycrystalline samples by resistance measurements, 
they had to be transformed into crystalline material, preferably into a single 
crystal. This had to be achieved without addition of more impurities, as would 
be caused for example by touching of the wall of the crucible. To achieve this, 
the vertical zone melting method was invented in 1952 almost concurrently 
by K.H. Theuerer at Bell Laboratories and K. Siebertz and H. Henker at 
Siemens. In this procedure a molten zone, produced by high-frequency (HF) 
heating, is carried by the original ingot or, as in the case of Fig. 2.2, by the 
already solidified new monocrystal below the glowing molten zone. 

The molten zone is held stable by surface tension, as well as by the elec- 
tromagnetic forces of the HF heating. The new crystal then grows out of the 
molten material. This zone melting method was further improved in Spenke’s 
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Fig. 2.2. Vertical zone melting (courtesy Wacker Chemitronics) 



laboratories so that the newly forming crystal rod was not rigidly connected 
to the original rod that was to be melted. Using different pulling speeds for 
the upper and lower rods, one could arbitrarily achieve different diameters 
for the newly formed part of the crystal. This was used in the example of 
Fig. 2.2 for the transition from the small diameter of the seed monocrystal 
to the desired final diameter of the growing rod. In the early stages Spenke’s 
group used this procedure for the growing of thin rods, which could then be 
thickened by the CVD method. A cross section of such a thickened sample 
can be seen in Fig. 2.3. 

By this means, a closed procedure - independent of the A-process - had 
been achieved for wall-free production of high-purity single-crystal silicon 
from the gaseous phase, which, after a number of additional technological 
improvements, was also suitable for mass production. With this complete 
method (now simply called the C-process), it was possible to produce silicon 
rods with a diameter of a few cm and a length of more than 1 m. The max- 
imum diameter of these rods was, however, restricted owing to the physical 
limitations set by the vertical zone melting itself. Thus, because of the ever- 
increasing demand for larger-diameter silicon wafers, and after some years 
of further technological development concerning oxygen and other contam- 
inants as well as crystal quality, the vertical zone melting procedure was 
pushed aside again by the classical pulling from a crucible according to the 
method of Czochralski. A picture of such a crucible- grown rod when it just 
has been drawn out of the crucible is shown in Fig. 2.4. 
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Fig. 2.3. Cross section of a thickened silicon rod. The monocrystalline center is 
surrounded by a polycrystalline CVD layer 




Fig. 2.4. Crucible-grown modern dislocation-free silicon monocrystal (courtesy 
Wacker Chemitronics) 
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Nevertheless, the development of the vertical zone melting process was, 
at that time, an absolutely necessary step for the industrial breakthrough of 
silicon as a semiconductor material. The complete C-process had opened the 
way to industrial mass production. 

During the time of its development, vertical zone melting was the key for 
thoroughly investigating the purity, properties, and crystal quality of all our 
silicon samples. This may be illustrated by the following story. When increas- 
ing the diameter of thin crystals by CVD layers we found, after deposition 
and transformation into single crystals, an unexpectedly high conductivity of 
the final single- crystal rod. This was found to be due to a donor concentra- 
tion that was close to 1 ppm. However, tests in an A-reactor using the same 
SiHCl 3 samples had shown a prevalence of acceptors with a concentration of 
about 0.01 ppm. Where did the high donor concentration come from? Were 
the donors impurities from the reactor? Were the samples contaminated by 
inadequate handling? Was this a problem of the deposition process itself? A 
lot of questions had to be answered simultaneously in the sub-ppm regime. 
A first positive result was that the impurities could be removed by multiple 
zone-pulling. But that was obviously cumbersome. 

What kind of impurities were these anyway? This question could not be 
answered easily, because of their small concentration. So, normal chemical- 
analysis methods were way too insensitive. A suspicion concerning phospho- 
rus could not be confirmed by a radiotracer method with neutron activation. 
The results were confusing. Furthermore, we measured the segregation coef- 
ficient for the desegregation during the zone melting. It did not fit anything. 
Thus, one talked about the donor X. Only the joint efforts of Honrath and 
Ziegler [9] produced clarity: during the radiotracer analysis, the neutron ra- 
diation not only activated the phosphorus but also created Si-31 from the 
Si-30 isotope which is contained in natural silicon. This transforms, through 
a gamma-process, into phosphorus. This additional phosphorus was then ac- 
tivated in a second step and consequently, depending on radiation dose and 
exposure time, resulted in erroneous results. In the zone-pulling procedure, 
on the other hand, one had to take into account not only the segregation 
coefficient of phosphorus between the molten material and the silicon crystal 
but also evaporation, which depended on the diameter of the molten zone. 

With this knowledge - simple only a posteriori - it was possible to identify 
phosphorus as the critical n-impurity. And then it became possible to reduce 
its concentration and thereby solve the problem. 

The story of the donor X may be considered representative of the problems 
we were confronted with in this early phase. Penetrating this region of ultra- 
high purity required thinking in new dimensions. The problems could only 
be solved by interdisciplinary cooperation: novel chemical means and equip- 
ment for the purification of the starting chemicals; measuring by overcoming 
oxide barriers and blocking layers; clarification of donor-acceptor compensa- 
tion; radiotracer analysis; thermodynamics of crystal growth, including phase 
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diagrams; interactions between the various contaminants and with lattice de- 
fects; etc. Thus, it is obvious that a close cooperation had to be developed 
between the different Siemens groups on the one hand and the suppliers of 
the chemical substances on the other hand. This mainly concerned the metal- 
organic compounds of the Si-H-Cl system. There was a continuous exchange 
of samples and data between our different groups on the one hand and Wacker 
(later on Wacker-Chemitronics) on the other hand. This cooperation had, at 
first, developed open-mindedly but then it was formalized and, finally, it led 
to a licensing agreement for the entire production and test process. 

Two special results of this early company cooperation should be men- 
tioned: 

- The boron problem: boron is an acceptor dopant still in use for device pro- 
duction. In contrast to phosphorus, it cannot be removed by zone refining 
or evaporation, because of its chemical similarity to silicon. Thus we had 
to rely entirely on Wacker’s purification process and reliability. 

- The carbon problem: chemically, carbon is homologous to silicon and does 
not act as a donor or acceptor; it cannot be detected by resistivity measure- 
ment. But, through the formation of SiC precipitates, it prevents monocrys- 
talline crystal growth. These SiC precipitates were the result of SiHC^CHs 
contamination of SiHCl 3 . Again, we depended here entirely on the capa- 
bility and quality control of Wacker. 

There was also some work on silicon at IBM in Schwuttke’s group. How- 
ever, it did not result in many pivotal advances in the field of very pure 
silicon. The contributions were more along the lines of crystal defect analysis 
by x-ray topography. 

These few examples from the early cooperative efforts may underline again 
that the development process described above was an expedition into the un- 
known that could have easily gone astray. But high-purity, perfect silicon 
crystals are not a purpose in themselves; they represent a crucial precon- 
dition for the proper functioning of semiconductor devices, which, in turn, 
are a result of proper doping, structuring, contacting, etc. All of this forms 
a separate set of problems, which had to be gotten under control through 
relevant research and development. These topics will be treated in separate 
contributions within the framework of this series, so that we do not have to 
go into details in this introduction. 



2.4 Initial Device Applications 

It seems significant to us that the Texas Instruments and Siemens groups, 
which worked independently on silicon, had also set themselves different goals. 
The main goal of Teal was the development of bipolar silicon transistors. He 
showed initial results at the 1954 IRE Conference in Dayton during his pre- 
sentation “Some recent developments in silicon and germanium materials and 




2 Silicon: the Semiconductor Material 



35 



devices.” But, as he stated himself in 1976 in his survey article [10], he could 
hardly overcome the existing reservations concerning the reproducibility and 
stability of silicon transistors. In addition, there was a lower cut-off frequency 
due to the lower carrier mobility for comparable geometries. This did not, 
however, deter him from continuing to pursue this approach, especially for 
military applications that had higher power requirements. 

Concerning the application of silicon in communication and information 
technology Siemens (at that time Siemens & Halske) remained sceptical de- 
spite the advances in the development of the highest-purity silicon - following 
the philosophy of Bell Laboratories. Only at Siemens-Schuckert (responsible 
for power technology) did Spenke and his group devote themselves consis- 
tently to the development and technical improvement of silicon for commer- 
cial application in high-power rectifiers in order to replace the old selenium 
technology. This new approach, including device technology, was ready in 
1956 for application and was used at first for power rectifiers in Siemens loco- 
motives [11]. Obviously, the total internal Siemens power-electric market was 
immediately available for the application of these rectifiers - an advantage not 
to be underestimated. Contrary to other companies, Siemens did not pursue a 
policy of a monopoly in the silicon market, but rather gave licenses for the to- 
tal high-purity silicon manufacturing process not only to Wacker in Germany 
but also to other chemical companies, mainly in the USA and Japan. These 
licensing agreements also included cooperation, so that further improvements 
could be exchanged, and some kind of worldwide cooperation developed. This 
had the consequence that one can say today that the total world production 
of silicon semiconductor material was initiated by the so-called Siemens Pro- 
cess. An example of a modern silicon rod can be seen in Fig. 2.4 and should 
be compared with the mini-rod of half a century ago (Fig. 2.1). 

As far as commercial power applications were concerned, Siemens obvi- 
ously did not stop with the development of silicon rectifiers; transistors and 
thyristors were also developed. Here, they encountered the same problem 
of instability in the I-V characteristics that Texas Instruments had already 
seen. One of the important concerns was related to the trapping problem, 
i.e. the time-limited presence of charge carriers at defect sites. Bell Labora- 
tories had already encountered this problem in 1953 during the examination 
of their silicon [12]. Was this trapping effect possibly due to “natural” de- 
fects that were intrinsic to silicon and therefore unavoidable, for example, 
lattice defects? We also attacked this problem and thoroughly examined var- 
ious trapping effects in the silicon that was produced in Spenke’s laboratories 
and also elsewhere [13,14]. The most important result of those investigations 
was that the trap density in the silicon produced by the Siemens process was 
below 10 11 /cm 3 and, therefore, caused no problem at room temperature. The 
reason for that was the absolutely wall-free preparation of this silicon - an 
advantage not planned but nevertheless crucial. 
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2.5 MOS Technology and Integration 

Despite all these above-mentioned encouraging results at Texas Instruments 
and Siemens, the breakthrough for the use of silicon instead of germanium in 
the communication and information area was not at all guaranteed yet. Even 
at the end of the 1950s, higher cut-off frequencies seemed to be the deter- 
mining factor. The higher carrier mobilities found in Ge and GaAs were far 
more attractive. The breakthrough of silicon came only with two innovations 
which were unexpected to most semiconductor specialists: 

1. The discovery that thermally grown Si02 films passivate (stabilize) the 
surface of the silicon substrate was the turning point in semiconductor 
technology resulting in the change from germanium to silicon, since ger- 
manium surfaces could not be stabilized in a similar manner. This passi- 
vation was due to a significant reduction of the surface states (dangling Si 
surface bonds) by forming Si-surface-0 bonds and made possible the con- 
trol of charge carriers via the oxide layer. The low density of surface states 
in Si-Si 02 structures opened up the way for developing the metal-oxide 
(Si02 ^semiconductor (Si) field-effect transistor (MOSFET), which, in 
its basic concept, utilizes ideas that were already known in the 1920s 
(e.g. [15]), but which were at that time miles away from being able to be 
realized. In the development of this technology, which is today the basis 
for microchips, especially those used in computers, the properties of the 
Si 02 film as a dielectric and mechanical layer also played an important 
role. 

The first realization of an MOS transistor was achieved in 1960 by 
Kahng and At alia at Bell Laboratories [16] and was followed in 1961 by 
Zaininger at RCA Laboratories [17]. But it still required a large amount of 
additional developmental work until the MOS transistor technology was 
under control and reproducible. This will be treated in detail in one of 
the following articles. Therefore we shall limit ourselves to simply point- 
ing out that, before the development of the MOS technology, it was a 
downright statement of faith that stable semiconductor devices had to 
avoid or at least to fight the detrimental influence of the surface. 

2. The second innovation is also related to the surface. It is the concept of 
device integration within a single silicon chip, which, at its beginning, 
seemed to many rather limited in its possibilities. One has to remember 
that the yield for single transistors at that time was about 30%. Thus, by 
simple deduction one would expect the yield for two hard-wired transis- 
tors to be 0.3 x 0.3, i.e. about 10%, for three transistors about 3%, and so 
on. It was Kilby’s brilliant mind [18] which realized that it is really the 
metal wire connection that is the main source of failures and that avoid- 
ing it by “integrating” could lead to higher yield and reliability. Indeed, 
he built the first functioning integrated circuits, initially a phase shift 
oscillator and then a few flip-flops, in the summer of 1957 by connecting 
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about 25 transistors that were on a 5 inch germanium wafer. But who at 
that time would have seriously thought of the high levels of integration 
that are characteristic of today’s microelectronics? These developments 
would not have been imaginable without the specific masking properties 
of the silicon dioxide layer. Since this question, together with the many 
required research topics and technological developments, will be discussed 
in detail in the following articles, we shall limit ourselves to just this one 
question. Which properties of silicon are crucial for the role of the silicon 
oxide layer? 

One property is pretty obvious. It is the high purity. Only on a pure 
material is it possible - provided that additional subsequent procedures are 
also clean - to grow a defect-free oxide in which, for example, no ions are 
contained that could move when an electric field is applied to the oxide and 
thereby change the I-V characteristics. Another property, at least as impor- 
tant as the first, is the chemical stability of the initial oxide layer. A clean, 
undisturbed silicon surface is unstable, as was shown, for instance, through 
investigations with LEED (low energy electron diffraction) on free silicon sur- 
faces in high vacuum [19]. For example, a normal (111) silicon surface clearly 
shows the sixfold symmetry of the uppermost layers, as expected from this 
crystal structure. However, this changes during annealing in ultra-high vac- 
uum into a much more complicated symmetry in which the dangling bonds 
satisfy each other (Fig. 2.5). 

But this “pure” state is only stable in high vacuum and eagerly attracts 
atoms of other elements. Important for our considerations here is the fact 
that these are preferably oxygen atoms, which then can form an initial oxide 
layer. This stable and atomically dense first layer is a crucial advantage of 
silicon and does not exist in other competing semiconductor materials. This 
is possible because of a fortunate situation, namely that the distance between 
the silicon atoms in the Si-O-Si bond coincides with the distance between 
two silicon atoms in the diamond structure of the basic lattice. Only this 
makes the growth of the dense and defect-free initial oxide layer explainable 
and the avoidance of undesirable surface and interface states possible. The 
atomically dense transition of the monocrystalline silicon substrate to the 
grown-on Si02 layer is shown in Fig. 2.6. 

In spite of the atomic fit, the oxide layer is amorphous because of the dif- 
fering crystal symmetries of silicon and silica. Provided that we are dealing 
with a perfect stabilization of the silicon surface by oxygen saturation of all 
dangling bonds, to suppress all undesirable interface states, the only require- 
ments which have to be fulfilled by the follow-up silica layer are stability and 
atomic density. This is necessary so that no contaminating ions are able to 
penetrate or migrate, since even minor migrations would cause instabilities 
of the device characteristics. 

Furthermore, we recognize that the amorphous silica layer on top of the 
stabilized interface can be replaced by other layers provided the stability 
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Fig. 2.5. Silicon surface, crystal structure, (a) LEED pattern of oxygen-stabilized 
(111) surface; (b) LEED pattern of oxygen-free (111) surface; (c) crystal structure 
of a (111) silicon surface with vertical dangling bonds, which have to be saturated 
by atoms of the next (not shown) layer; (d) self-saturation of dangling bonds, only 
stable in a vacuum that is better than 10 -9 torr: o atoms of the top layer with 
dangling bonds, o atoms of the top layer without dangling bonds, • atoms of the 
second layer from top 



requirements mentioned above are fulfilled. This degree of freedom is used, 
for example, in the case of SisN4 passivation and wherever else silica is to 
be replaced by low -k or high-/c materials for improving speed or integration 
density in modern IC technology. 

In summary, through this interface stabilization, nature has helped us 
again in the development of IC technology, including the modern varieties we 
are working on today. This is an effect which nobody thought of when the 
work on the use of silicon for semiconductor purposes began, especially at 
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Fig. 2.6. Interface between silicon substrate and SiC >2 surface layer in atomic 
resolution 

a time when there were so many other problems connected with the always 
present oxide layer during measurements and contact making. 

Finally, the following fact, which was crucial for the victorious advance 
of silicon into information technology, has to be pointed out. Advanced MOS 
Technology and very large-scale integration (VLSI) - both based on the ex- 
traordinary properties of the Si-Si02 system - opened the way for a cost- 
effective digital technology, which then, in turn, opened the way for the 
necessary mass market in silicon integrated circuits for use in information 
technology. 



2.6 Conclusion 

With these remarks, which already reach into the heart of the silicon era, we 
want to conclude this review of the pioneering times of silicon, the semicon- 
ductor material. We hope that this description of the whole development of 
pure, single-crystal silicon makes three things clear: 

1. Silicon, with all its positive basic attributes, had first to be made read- 
ily available for large-scale common use. This was an often difficult path 
into the unknown, where only the human pioneering spirit had a chance 
to overcome all the difficulties that were encountered. It certainly was 
not a straightforward development - as it might appear to someone in 
retrospect and as extrapolations such as Moore’s Law might make one 
believe - but rather one that was characterized by many, often extremely 
complex individual developments. It was an outstanding achievement of 
the human spirit in research, as well as of interdisciplinary cooperation 
between material researchers, device developers, designers, and technol- 
ogists. 





40 



W. Heywang and K.H. Zaininger 



2. Most importantly, it is obvious that a uniform, high-purity, perfect single- 
crystal piece of silicon material alone would be of extremely limited tech- 
nological use. It is only when this material is suitably altered and struc- 
tured through controlled, reproducible processes and then made into use- 
ful devices that it becomes valuable. All of these requirements could not 
have been achieved were it not for the fact that nature provided us with 
an extraordinary gift, through suitable physical properties and constants, 
etc. - an abundance of wonderful, often crucial properties and character- 
istics of silicon, silicon dioxide, and the Si-SiC >2 interface that, together, 
make modern integrated silicon technology possible at all. Let us just 
quickly enumerate the most important properties and characteristics: 

2.6.1 Silicon 

- Abundant: easy to obtain, low cost. 

- Single crystal: with ever larger rod diameters (30 cm). Defects can be 
eliminated or selectively utilized for advantage. 

- Not brittle: can easily be handled and is an excellent mechanical substrate 
for individual devices and integrated circuit chips. 

- Adequate thermal conductivity to take away the electrically generated 
heat in chips. 

- Can be microstructured by a combination of suitable optical and chemical 
methods (lithography), even breaking through the 0.1 micron barrier. 

- Thin crystalline silicon films with different electrical properties can be 
grown onto silicon substrates via epitaxy. 

- Thin crystalline silicon films with various electrical properties can be 
grown onto insulators (sapphire, etc.) to provide improved isolation and 
speed, and lower capacitance. 

- Thin crystalline germanium films and, probably, novel films of III-V com- 
pounds containing quantum dots, offering different electrical and optical 
properties, can be grown onto silicon substrates via chemical vapor depo- 
sition or molecular-beam epitaxy. 

- Buried thin films of SiC >2 can be created under the silicon surface by 
oxygen ion implantation and subsequent annealing (SIMOX structures). 

- Has a very useful energy gap (1.12 eV). 

- Conductivity can be tailored (n-type, p-type, value) by doping using dif- 
fusion and/or ion implantation. 

- As an elemental semiconductor, it does not have the multitude of ma- 
terials problems and chemical behavior that compound semiconductors 
have. 

- Annealing works very well. 

- Carrier mobility is good for both electrons and holes (important in CMOS 
circuits). 
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- Carrier lifetime for both electrons and holes is good because of special 
band structure properties and low density of traps (important for bi-polar 
devices) . 

- Not light-sensitive (stable operation of devices under various light condi- 
tions). 



2.6.2 Silicon Dioxide [20] 

- Can be thermally grown as a native oxide by a simple, inexpensive and 
reliable (oxidation) process. 

- Can be deposited via chemical vapor deposition and other methods. 

- Is stable up to very high temperatures (important for annealing). 

- Films can be very thin (100 A) (necessary for ultrasmall MOS devices). 

- Acts as a chemical barrier during etching of selected silicon areas, 

- Can act as a diffusion barrier for certain materials, especially most of the 
common dopants. 

- Acts as a barrier during ion implantation. 

- Is chemically stable but can be microstructured by a combination of suit- 
able optical and chemical methods (lithography), even breaking through 
the 0.1 micron barrier. 

- Metal patterns, deposited on it by various methods, adhere very well. 

- Is mechanically strong and can act as a protective layer (physical and 
ionic protection). 

- Can be polished to planarize the surface. 

- Is transparent. 

- High electrical breakdown strength. 

- Useful dielectric constant (but here there is a need for new insulating 
materials to replace SiCU in certain areas: high-/c materials for the gate 
and low -k materials for insulating the wiring). 



2.6.3 Si-Si0 2 Interface [21] 

- Has an extremely low density of interface states when properly prepared. 

- Very stable. 

Had this been different - either through a quirk of nature or a dispensation 
of providence - the development would have taken a different path, and the 
enormous advances we see today, especially in microelectronics and informa- 
tion technology, would hardly be imaginable. 

3. As outlined in item 2 above, silicon is a unique gift of nature, so that 
we are justified in speaking of the semiconductor material. It cannot be 
supplanted in its importance to our technology and will continue to dom- 
inate the core of semiconductor electronics. Important complementary 
technologies can only be expected in areas where silicon encounters its 
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natural limits, for instance in optoelectronics, large display technologies, 
sensor technology, or modern bioelectronics. In these areas one also needs 
new materials and material combinations which might partially contain 
silicon. 

However, significant new applications may still be discovered for this 
unique gift of nature, making it then one of the most significant if not 
the most significant material in the world today. 
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3.1 Introduction 

The influence of industrial mass production of high-grade, single-crystal sil- 
icon on the development of our civilization was and is unique in the whole 
history of mankind: computers, communication systems, sensors, medical 
equipments, photovoltaics, satellites, space shuttles, etc. It could not have 
been predicted at all. Industrial companies worldwide, such as Bell Labora- 
tories and Texas Instruments in the USA, and Philips, Siemens and Wacker in 
Europe, recognized their chance. However, the companies active in this field 
have also developed and changed. Today, a big portion of the relevant silicon 
is produced in Japan; the other part is shared between companies in the USA 
and Wacker in Europe. A brief, concise summary from the beginning up to 
the newest developments can be found in [1] and references cited therein. 



3.2 The Principal Processes 

The Siemens C-process (see Chap. 2), developed in the 1950s to produce high- 
grade single-crystal silicon, and the purification of the silicon by multiple zone 
refining, the trichlorosilane float-zone (FZ) technique, were key techniques 
and were adopted by Wacker. The competing technique forged in the USA 
was the Czochralski (CZ) pulling process. The FZ wafers cut from silicon 
rods were initially used mainly for power devices, and the CZ wafers were 
used for integrated circuits designed by Texas Instruments and Fairchild. 
The initial diameters of the wafers were 3 cm to 5 cm; today a diameter of 
30 cm is already a standard dimension, and we are looking for diameters 
larger than 30 cm, say 40 cm, in order to increase the yield. Fortunately, the 
risky pioneering work went ahead in spite of “far-sighted experts” who were 
convinced that large-diameter wafers and 1 Mbit memories would never be 
needed and therefore never be produced. 

Large-diameter wafers may exhibit a warping effect, due to high- 
temperature processes for instance. Thus whole- wafer contact printing to 
produce structures had to be replaced by projection printing and later by 
step-and-repeat single-chip printing techniques. The resolution was increased 
by applying light with ultrashort wavelengths, even in the UV or soft X-ray 
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region, or by switching to electron or ion beam exposure with de Broglie 
wavelengths in the subatomic range. 

Initially it was a dogma either to utilize the extremely pure FZ material or 
to utilize the oxygen- containing CZ material. However, it soon became clear 
that the CZ material was mechanically more stable than the FZ material 
because of dislocation pinning. This concerned, for instance, ion implantation, 
with its inherent problem of annealing radiation damage. The fracture of a 
wafer can also be reduced by simply rounding the wafer edge. Further, the 
oxygen in a wafer contributes to gettering deleterious impurities. The FZ-CZ 
dogma is nowadays smiled at, and only the proper quality of the silicon wafer 
is considered to be crucial for any particular application. 

In order to reduce the costs of producing wafers, it has been proposed 
that wafers should not be made anymore of expensive high-quality single- 
crystal silicon but of a more economical form of silicon. The really needed 
thin, high-quality layer which incorporates the devices is then prepared by 
high-quality epitaxial deposition processes. 



3.3 Some Details of Silicon Production 

Si 02 in the form of quartz sand is the starting material for producing 
electronic-grade silicon. First of all, this sand is reduced with carbon (coke) 
by an electro-thermal reaction at 2100 K to crude elemental silicon of a purity 
of approximately 98% in the presence of Fe to prevent the formation of SiC: 

Si0 2 + 2C -» Si + 2CO. (3.1) 

This silicon, in turn, is converted to high-purity trichlorosilane: 

Si + 3HC1 SiHCls + H 2 . (3.2) 

The trichlorosilane serves as the parent substance for forming ultrapure poly- 
crystalline silicon on slim silicon rods by chemical vapour deposition (CVD) 
at approximately 1400 K, via the simultaneous reactions 

SiHCls + H 2 -> Si + 3HC1, 

2SiHCl 3 -> Si + SiCl 4 + 2HC1, (3.3) 

4SiHCl 3 Si + 3SiCl 4 + 2H 2 . 

Single-crystal silicon is then prepared applying, for example the crucible 
pulling (CZ) process by melting the silicon in a quartz crucible at 1415° C, 
adding dopants to the melt to adjust the resistivity, and pulling a crystal out 
of the melt using a single-crystal Si seed crystal forming a so-called neck so 
as to solidify the melt, with rotation, into a single-crystal silicon rod. The 
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diameter of the rod increases with decreasing pulling speed. This oxygen- 
containing silicon is mainly used to produce ICs. The float-zone pulling pro- 
cess is mainly used to prepare high-purity single-crystal silicon to be used to 
fabricate discrete devices such as power devices. This silicon is doped during 
the FZ process by exposing it to dopants in the gas atmosphere. Hyperpure 
silicon wafers are uniformly doped by neutron transmutation. 

The rods are sliced into wafers by inner-diameter saw blades or multiwire 
slicing, the edges of the wafers are rounded, and the surface is lapped, etched 
to remove surface damage, chemically polished in a complex three-stage pro- 
cess, and possibly covered with a thin high-resistivity epitaxial layer. 

Wacker, for instance, supplies wafers (up to 30 cm diameter) to the semi- 
conductor industry today. This progress requires new equipment and new 
material characterization. The production of 45 cm wafers is already under 
discussion. The choice of CZ silicon is due in part to the mechanical prop- 
erties. The weight of such a 45 cm rod may rise to approximately 400 kg, 
requiring larger-diameter necks, say of 1 cm to 2 cm. Hence, the complete 
technology must be subject to revision. Note that these wafers must be free 
of defects even on an atomic scale, apart from those which are present ow- 
ing to the thermodynamic equilibrium conditions. Thus a rigorous control by 
defect analysis is required. 

The industrial use of silicon, however, is not limited to microelectronics: 
silicon is used also in polycrystalline form for photovoltaics, chemical sensors, 
biosensors, physical sensors such as pressure sensors, flow sensors, mechani- 
cal sensors, temperature sensors, IR sensors, radiation detectors, Michelson 
interferometers, etc. 

Note that amorphous silicon and even more, porous silicon are materials 
which are in development and show unexpected effects, which perhaps are 
not yet completely understod and are still under controversial. In particular, 
porous silicon became interesting to scientists because of properties such as 
light emission and its explosive property at low temperatures in the presence 
of hydrogen. It may be an attractive field for future industrial activities. 
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4.1 Introduction 

Polycrystalline silicon (poly-Si) plays an important role in the electronic de- 
vices of today. Several advantages are offered by poly-Si, which makes it one 
of the most important fundamental developments in the history of integrated 
circuits. First, from a structural point of view, poly-Si matches the mechan- 
ical properties of single-crystal Si, has good step coverage if deposited by 
CVD, has a high melting point, forms an adherent oxide, and is compatible 
with HF. From the device fabrication side, it absorbs and re-emits dopants, 
it neutralizes heavy metals (gettering), it has a compatible work function for 
MOS devices, and it forms high-conductivity silicides. 

These properties make poly-Si widely used as an electronically active 
layer in integrated circuits (ICs) [1] and, more recently, in large-area elec- 
tronic device technologies such as active-matrix liquid crystal displays (AML- 
CDs) [1,2], silicon-based solar cells [3], and transducers [4,5]. 

For IC processing, poly-Si offers many advantages because it can be se- 
lectively deposited, permits formation of shallow, high-quality junctions, fills 
trenches, permits saliciding, and provides a low MOS threshold voltage [6]. 
These advantages have resulted in many device applications, including self- 
aligned MOS gates, source/drain contacts, multilayer interconnects, dielec- 
tric isolation, nonvolatile floating gates, and emitter diffusion sources to form 
shallow junctions. 

Subsequent processing for polysilicon gates involves doping, etching, and 
oxidation. In some device structures a second polysilicon layer is deposited. 
This layer may be used as a contact material in small windows or as an 
interconnect between conducting features. 

The interest in polycrystalline silicon devices is also driven by the rapid 
growth of large-area electronic systems, specifically, flat-panel active-matrix 
displays and two-dimensional imagers [7], usually based on standard hydro- 
genated amorphous Si (a-Si:H) material. Poly-Si can satisfy many of the re- 
quirements because of its higher carrier mobility (~ 100 versus 1 cm 2 V -1 s -1 
for a- Si) and the availability of good p-type poly silicon TFTs, thin film 
transistors, enabling high-performance CMOS, complementary metal-oxide- 
semiconductor circuits. 
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On the other hand, the fabrication of solar cells based on thin, polycrys- 
talline Si films on foreign substrates (glass, metal, or ceramics) appears to be 
one of the most attractive routes to realizing cheap and efficient photovoltaic 
devices [3,8,9]. The challenge is poly-Si material with controlled resistivity 
and high minority carrier lifetime. 

For these two large- area applications, the requirements on the material 
structure are rather different. In the case of TFTs, poly-Si films with a homo- 
geneous grain size distribution are required in order to obtain reproducible 
electrical properties of the transistors. For thin-film solar cells, large- area 
polycrystalline films are required with a grain size of several pm or even sev- 
eral times 10 pm, depending on the cell concept. For solar cells, the position 
of the grains is not critical. Moreover, there is no defined requirement on the 
grain size distribution, provided only that grains below 1 pm in diameter are 
absent. 

Finally, there is a growing interest in poly- Si-based microcircuit transduc- 
ers [1,10] such as pressure sensors, strain gauges, vapor sensors, and mechani- 
cal components. The main advantages are reduction in material consumption 
and compatibility with IC processing. 



4.2 Classification of Polycrystalline Silicon Films 

Poly crystalline silicon films are composed of independent crystalline grains 
which are bounded by interfaces with the substrate or with the adjacent 
grains. A schematic view is shown in Fig. 4.1. Their properties and char- 
acteristics are inherently those of the inside of the grains and those of the 
interfaces. Therefore the grain structure is of importance in the application 
of poly crystalline thin films as materials. Thus, the average grain size should 
be as large as possible if the properties of bulk crystals are essential. Some 
applications require shrinking the grain size so that it is smaller than the 
area of the thin film used. If properties specific to a certain grain size are 
required, the size distribution of the grains must be as narrow as possible at 
that size. If both a large grain size and spatial uniformity are needed at the 




Fig. 4.1. Schematic cross section of a polycrystalline silicon film on a substrate 
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Table 4.1. Classification of polycrystalline Si films according to grain size 





nc-Si 


pc-Si 


pc-Si 


Average grain 
size G 


1 nm-50 nm 


0.01 pm-1 pm 


0.5 pm-1 mm 


Growth temp. 
T g (°C) 


150 < T g < 300° C 


250 < T g < 500° C 


> 500° C 


Electron mobility 
(cm 2 /V s) 


1-10 


10-50 


50-500 


Hole mobility 
(cm 2 /V s) 


0.01-0.1 


0.1-10 


10-200 


Minority carrier 
diffusion length 


< 0.1 pm 


< 1pm 


1-20 pm 


Applications 


NMOS, 
solar cells 


CMOS, TFTs, 
solar cells 


PMOS, CMOS, TFTs, 
sensors, solar cells 



same time, one has to control the location of grains and their boundaries. 
In any case, the control of the grain structure is indispensable for achieving 
high-performance polycrystalline thin-film materials. 

In most cases, the grain structure (size and distribution) in a poly crys- 
talline silicon film and its subsequent electronic properties are strongly related 
to the processing temperature used to create the film and/or to the subse- 
quent thermal treatment. This is clearly seen in Table 4.1, which presents 
a classification of crystalline Si films on a substrate according to grain size. 
“Polysilicon” or “poly-Si” is used as a generic word, whereas “nc-Si”, “pc- 
Si”, and “pc-Si” correspond to a range in grain size. The material required 
depends on the application. 

The present review starts with a report on the different techniques used for 
the formation of polycrystalline Si thin films. These include direct (CVD, . . . ) 
as well as indirect (SPC, solid phase crystallization, metal-IC, metal-induced 
crystallization, laser annealing, . . . ) methods. A closer look at the structural 
properties of these Si films allows one to distinguish basic types of polycrys- 
talline Si films with specific electrical properties. This overview discusses the 
specific limitations on performance associated with these properties. 



4.3 Growth and Microcrystalline Structure of Poly-Si 

Polycrystalline silicon has been grown by a variety of techniques, each suited 
to the needs of particular semiconductor device technologies [1]. 

Thin layers (< 0.1pm) are generally grown by vacuum deposition tech- 
niques such as sputtering, evaporation, or molecular beam epitaxy (MBE). 
The athermal nature of the deposition processes allows one to use low temper- 
atures (20-600° C). These techniques find application where thermally unsta- 
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ble substrates are used (e.g. solar cells, thick-film transistors, and hard mask 
layers). 

Layers in the thickness range 10~ 2 -10pm are usually grown at temper- 
atures between 150 and 850° C by low-pressure chemical vapor deposition 
(LPCVD). Nearly all the polycrystalline silicon layers incorporated into sili- 
con integrated circuits are now deposited in this way, because of the unifor- 
mity, reproducibility, and conformal nature of the layer. 

Thicker layers (1-100 pm) can be grown in atmospheric chemical vapor 
deposition systems over the temperature range 900-1 300° C; at this higher 
pressure, however, uniformity of deposition depends on gas phase diffusion, 
thus reducing the number of wafers processed and therefore the throughput. 
These layers find application as materials for solar cell applications. 

Besides the above methods, a number of deposition techniques have been 
studied in which the thermal activation energy is supplemented by other 
energy sources, including plasmas (PECVD, plasma enhanced chemical vapor 
deposition, HWCVD, hot wire chemical vapor deposition, and ECRCVD, 
electron cyclotron resonance chemical vapor deposition) and laser or lamp 
irradiation. 

In general, the grain size of the poly-Si increases with deposition tem- 
perature and with film thickness, increasing from less than 10 nm for thin 
evaporated films to greater than 1 mm for thick layers grown by LPCVD fol- 
lowed by zone- melting recrystallization (ZMR). The microstructure is, how- 
ever, a complex function of the deposition conditions, and will be discussed 
in relation to the technique used to form the poly-Si film. 

4.3.1 Poly-Si by CVD 
Growth/Deposition by CVD 

In the early days (1963-1970), poly-Si formation was investigated by phys- 
ical vapor deposition (PVD) techniques. However, x-ray and ion damage, 
unwanted impurities, nonuniform step coverage, thickness variation, and low 
throughput prevented widespread use of these methods. Later (1970-1976), 
cold-wall, atmospheric-pressure CVD (APCVD) reactors were used for poly- 
Si deposition. The principle of chemical vapor deposition can be found else- 
where [11] and will not be described here. In the case of APCVD, the de- 
position is generally mass transport controlled, so wafers must be in a low- 
packing-density configuration to allow access of gases to the wafer surfaces. 
Such reactors gave quite high thickness variations and low gas efficiency. 
Controlled grain size was possible, depending on the used gas mixture and 
processing temperature used, to the detriment of the thickness uniformity. 
Even with these limitations, Si-gate PMOS and NMOS ICs became a major 
factor in the semiconductor device market in the early 1970s. 

In 1976, the low-pressure CVD (LPCVD) process was introduced to de- 
posit poly-Si layers. With LPCVD pressures in the range 1-100 Pa, the de- 
position is kinetically controlled and wafers can be standing up, with a high 
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packing density [12]. This led to lower cost than with APCVD (by more 
than 90%) and to improved uniformities (±1-2%), and provided the opti- 
mum grain structure for good post-deposition doping control. Although the 
pressures used in LPCVD systems are three to four orders of magnitude 
lower than in APCVD systems, deposition rates are typically only one order 
of magnitude lower at similar temperatures. This is because the precursor 
gas is diluted in APCVD systems, so the partial pressures of the precursor 
gas differ by only an order of magnitude or so between APCVD and LPCVD 
systems. 

As a result, the LPCVD system has been the primary means of poly-Si 
deposition for ICs during the last 25 years, and this will continue for many 
years to come. The LPCVD reactors are selected depending on the device 
applications. Hot-wall, higher-temperature (850° C) LPCVD at higher pres- 
sures (0.5-5 Torr) and larger wafer spacing offers the interesting possibility 
of higher growth rates for selective poly-Si deposition. Conventional LPCVD 
(~ 600° C) in a horizontal or vertical diffusion furnace permits filling of the 
deep trenches or stacked capacitor cavities that are required for advanced 
CMOS memory devices. Additional capabilities include multilayer, sequen- 
tial, in-situ deposition with special cleaning and etching steps. 

Among the alternatives to LPCVD introduced in the 1980s, there is rapid 
thermal CVD (RTCVD), which uses an optically heated system [13]. RTCVD 
techniques include limited reaction processing (LRP), in which the reactant 
gases are present in the reactor and rapid heating/cooling of the wafer is used 
to start/stop the reaction [14]. A special quartz wafer carrier is used, which 
holds two layers of wafers and forms a volume separate from the rest of the 
reactor into which the precursor can be injected. This avoids deposition on 
the walls of the reactor and allows a high chemical yield. The drawback is that 
RTCVD techniques are usually limited to a single- wafer reaction chamber, 
which is an issue for high throughput. Lower temperatures (600-650° C) pro- 
vide a desirable grain size but an unacceptably low growth rate. Conversely, 
higher temperatures (900-1000° C) provide higher productivity, but with an 
undesirable large grain size. Multiple steps (low-temperature nucleation with 
higher-temperature growth) offer some compromises [12]. 

The APCVD, LPCVD, and RTCVD systems allow the fabrication of high- 
quality poly-Si layers but at quite high temperatures (> 600°C). However, 
there is an increasing need for depositing at low temperatures (< 500° C) and 
at high deposition rate. In the last decade, growth rates have been consider- 
ably enhanced by supplying additional energy from plasmas or lasers, as will 
be seen below. 

Deposition Rate of CVD Poly-Si 

The transfer of silicon from gaseous-phase compounds (e.g. silane) to a solid 
phase incorporated into a growing polycrystalline silicon layer on a planar 
substrate has been extensively studied. Over a wide range of substrate tem- 
peratures and gas composition and pressure, the deposition rate is found not 
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to be limited by the transport of silicon from the gas to the substrate sur- 
face; the rate-limiting step is the rate of migration of SiH 4 molecules across 
the poly silicon surface and their self- nucleat ion and growth. It is this process 
which is thought to determine the measured activation energy for deposition. 

If you look in the literature, the deposition rates of polycrystalline silicon 
obtained in real chemical vapor deposition systems are not usually directly 
comparable, because of the effects of contaminants and also because the pub- 
lished data is seldom comprehensive enough to enable comparison for exactly 
the same values of the important parameters. Key parameters are the partial 
pressure and nature of the silicon compound (e.g. SiH 4 or SiCl 4 ), the partial 
pressure of hydrogen, the doping gas and inert gas, and the total pressure in 
the system, as well as the substrate temperature. 

In LPCVD furnace deposition systems, which typically operate in the 
range 600-650°C, with pure silane gas (pressures 100-400 mTorr) and depo- 
sition rates of 5-20nm/min, gas transport is not the limiting factor, and it is 
because of this that such systems with high reproducibility are used. At such 
temperatures, the nature of the substrate has little influence on nucleation or 
growth: the native oxide (5-15 A) always present on silicon substrates is sta- 
ble, and so growth effectively takes place always on an amorphous substrate, 
whether silicon, silicon dioxide, or silicon nitride is the nominal underlayer. 

In LPCVD systems, the deposition rate increases rapidly as the tempera- 
ture increases. The activation energies are about 1.7 eV (40kcal/mole), which 
is somewhat higher than the values observed for atmospheric-pressure depo- 
sition. The difference is caused by changes in the desorption of the hydrogen 
produced in the reaction and by differences in the roles of mass transport 
and homogeneous reactions. At temperatures higher than 650° C, gas phase 
reactions, which result in a rough, loosely adhering deposit, and precursor gas 
depletion, which causes poor uniformity, become significant. At temperatures 
much lower than 600° C, the deposition rate is too slow to be practical. 

The gaseous silicon species used for CVD has a strong effect on the de- 
position rate. To illustrate, Fig. 4.2 plots the deposition rates of Si films on 
several substrates as a function of the deposition temperature at atmospheric 
pressure for trichlorosilane (TCS) [15] or dichlorosilane (DCS) [16] diluted in 
hydrogen. Data for thermally oxidized wafers (t-Si02) and monocrystalline 
wafers (sc-Si) are also included. Different regimes which are characteristic 
of deposition of silicon using thermal CVD [11] are observed. At low tem- 
peratures, the deposition rate is surface-reaction-controlled and it follows an 
exponential law with temperature: r a exp (— E a /kT ), where E a = 1.4-1. 7 eV 
is the activation energy for the overall reaction. At high temperatures, the 
temperature dependence is much smaller. In this regime, the gas-phase dif- 
fusion of reactants to the surface is the limiting factor for the growth rate. 
This regime is referred as the diffusion-controlled reaction regime. 

For Si homoepitaxy, high deposition rates of up to 6pm/min and 
0.6pm/min in TCS-H 2 and DCS-H 2 , respectively, can be obtained, which 
can be ascribed to a more rapid nucleation and binding of the arriving silicon 
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Fig. 4.2. Deposition rate of Si versus temperature on various foreign substrates. 
Depositions were carried out at atmospheric pressure with 15% TCS in H 2 [15] or 
1.2% DCS in H 2 [16] 



species to the Si atoms of the substrate. On the other hand, the deposition 
rate of poly-Si on t-Si02 and ceramic substrates in both regimes shows lower 
values when compared with deposition on sc-Si. Diffusion of reactive species 
on the substrate surface on one hand and the nucleation step on the other 
hand explain the difference in the kinetics of the deposition process between 
the various substrates. 

Deposition rates from DCS are lower than from TCS. Indeed, the HC1 
interferes with the nucleation process and also reduces the surface mobility 
of the adsorbed silicon species. This is corroborated by the data in Table 4.2, 
which summarizes the growth rates from silane, dichlorosilane, trichlorosi- 
lane, and silicon tetrachloride measured over the temperature range 650- 
1200°C. Depositions were carried out at atmospheric pressure with 0.1% 
gaseous Si source in H 2 . In the surface-limited regime, all the activation ener- 
gies controlling the temperature dependence were the same (1.45 eV), while 



Table 4.2. Temperature range and corresponding deposition rate for different pre- 
cursor silicon gases 



Gaseous 
Si source 


Temperature 
range (°C) 


Activation 
energy (eV) 


Preexponential 

factor 

(pm/min) 


SiH 4 


630-850 


1.45 


1.1 x 10 6 


SiH 2 Cl 2 


800-950 


1.45 


3.0 x 10 5 


SiHCls 


800-1000 


1.45 


1.3 x 10 s 


SiCl 4 


850-1100 


1.45 


2.9 x 10 4 
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the preexponential factors decreased as the chlorine content of the species 
increased. At very high deposition temperatures, the formation of gaseous 
HC1 facilitates the etching of the Si surface and therefore competes with the 
Si deposition. 

Growth rates can be increased by increasing the silicon content of the 
gas molecule (e.g. SUHg versus SiH 4 ). Polysilicon can be doped during de- 
position by adding phosphine, arsine, or diborane to the reactants [17]. The 
dopant affects the deposition rate. For example, adding diborane causes a 
large increase in the deposition rate. Similar effects have been observed for 
deposition at atmospheric pressure. However, the thickness uniformity across 
a single wafer degrades when dopants are added. In fact, the in-situ doping 
method has not really found favor in horizontal tube reactors because of tech- 
nical problems. Uniformity has been achieved by using an insert to control 
the flow of reactant gases around the samples. 

Other species are known to act on the deposition rate (e.g. carbon and 
oxygen) and it is likely that these and other trace contaminants are respon- 
sible for the different values of the prefactor above which can be derived 
from the deposition rates published by different workers. The stability of the 
nuclei and the reproducibility of their occurrence are both worse at higher 
temperatures (> 700° C) and in the presence of HC1. 

Microstructure and Grain Size of CVD Poly-Si 

The aim of direct deposition of polycrystalline silicon layers on nonsilicon 
substrates to obtain grains with a controlled size and distribution. To realize 
this, it is necessary to understand the laws governing silicon growth on amor- 
phous substrates (oxidized silicon, glass, ceramics, . . . ), where heterogeneous 
nucleation and grain growth are quite complex processes and in which many 
different mechanisms can play a crucial role. In the case of CVD, the final 
grain size is determined on one hand by the early-phase deposition, i.e. the 
nucleation phase, and on the other hand by competitive grain growth. During 
the nucleation phase, nuclei are formed and start capturing free atoms on the 
substrate surface; while these existing grains grow, new ones may be formed 
in the spaces between them. After coalescence, however, grains grow further 
epitaxially, continuing the underlying crystalline structure throughout the 
layer. The deposited film forms an amorphous structure if the arrival rate 
J of the silicon atoms is greater than the surface diffusion rate D, so that 
pairs of atoms form individual nuclei rather than migrating to larger nuclei. 
This happens up to a critical temperature T c characteristic of each deposition 
system and deposition rate. T c increases with deposition rate. Hydrogenated 
surfaces are reported to reduce crystallite nucleation and therefore to increase 
T c [18]. The presence of other chemical species during deposition also affects 
T c . At deposition temperatures above T c , the structure could be partially 
or totally polycrystalline. In LPCVD systems, the films are fully crystalline 
at around 580-620° C and have a columnar structure, and the Si crystallites 
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have different crystal orientations [19]. They form grain boundaries when they 
reach each other. The relationship between 7V X (the number of nuclei just be- 
fore coalescence) and S g (the grain size in the final layer) can be roughly 
approximated by iV x = S~ 2 . For 10 pm grains, for instance, the nucleus den- 
sity to be obtained is 10 6 cm -2 . Thus it is the balance between nucleation and 
growth before coalescence which should be controlled to obtain a layer with 
the required average size. It is obvious that the density of nuclei and therefore 
the final grain size depend strongly on the substrate surface morphology and 
composition. 

On the other hand, the continual increase in grain size S g as the film thick- 
ness W increases has been simplified [20] to the relationship 5 g = 0.25 • W. 
The grain size is typically between 0.03 and 0.3 pm. The simple relationship 
is only a very rough guide, partly because it fails to take into account the 
effect of ambient pressure and temperature on grain size, but also because the 
actual grain structure is bimodal, containing equiaxed as well as columnar 
grains. The grain size after crystallization depends also on the dopant con- 
centration. Poly silicon doped with a high concentration of phosphorus and 
heated between 900 and 1000° C for 20 min has an average grain size of 1 pm. 

The crystallization temperature and, consequently, the final grain size are 
also reported to be affected by the presence of contamination [21]. Oxygen, 
nitrogen, or carbon impurities stabilize the amorphous structure to tempera- 
tures above 1000°C, and arsenic stabilizes the columnar structure to 900° C. 
Oxygen contamination is reduced as the deposition rate increases and there 
is an associated increase of grain size in polysilicon layers thicker than a few 
microns [22]. A similar effect is reported for carbon incorporation in CVD 
polysilicon growth. Occasional very large grains have been attributed to en- 
hancement of growth by localized contamination. These results suggest that 
some of the differences in the observed grain size may be due to the different 
levels of purity of the deposition gases used in each investigation and the 
different surface purities of the starting substrates. 

At high growth temperatures and pressures, Si nucleation is an adsorption 
process which is determined by the interaction between the impinging silicon 
atoms or a silicon atom cluster and the substrate surface [23]. It is critically 
influenced by the nature of the substrate because of the energy barrier for 
adsorption, which is different from one substrate to another [24]. Much larger 
grains can be obtained under these conditions. Table 4.3 compares the grain 
size and growth rate of different CVD systems. 

It is usual that polysilicon films deposited at 600-650° C have a {110} pre- 
ferred orientation [25]. At higher deposition temperatures the {100} orienta- 
tion predominates, but the structure contains significant contributions from 
other orientations, such as {110}, {111}, {311}, and {331} [26]. Dopants and 
impurities, as well as temperature, also influence the preferred orientation. 




58 



A. Slaoui and P. Siffert 



Table 4.3. Grain size and growth rate for different CVD systems and gases used 



Process 


APCVD 


LPCVD 


PECVD 


HWCVD 


ECRCVD 


T (°C) 


800-1300 


550-850 


150-300 


150-450 


100-400 


Precursor 


SiH 4 , 


SiH 4 , 


SiH 4 , 


SiH 4 , 


SiH 4 , 


Si gas 


DCS, TCS, DCS, TCS 
SiCl 4 


Si 2 H 6 


Si 2 H 6 


Si 2 H 6 


Substrate 


t-Si02, 


Glass, 


Glass, 


Glass, 


Glass, 


Growth rate 
(pm/min) 


graphite, 

ceramics 

1-10 


t-Si0 2 


t-Si0 2 


metal foil 


metal foil, 
plastic 


(nm/min) 




5-20 


5-20 


50-200 


5-50 


Sg (lim) 


1-50 pm 


0.05-1 pm 0.05-0.1 pm 0.05-1 pm 0.05-0.1 pm 


Applications 


CMOS, 
solar cells 


CMOS, 
solar cells 


Solar cells 


Solar cells 


Solar cells 


References 


[15-17] 


[38,39] 


[27-31] 


[32-35] 


[36, 37] 



Alternatives to Thermal CVD 

Although LPCVD systems allow the fabrication of high-quality poly- Si lay- 
ers, at low temperatures (< 600° C) the deposition rate is generally too low. 
The deposition rate can be scaled up by plasma activation of the precursor 
gas. With plasma-enhanced CVD (PECVD), some of the energy required to 
break chemical bonds is provided by the plasma, so the temperature required 
to achieve a given growth rate can be lower [27,28]. The high-energy elec- 
trons in the plasma collide with and dissociate gas molecules, which initiates 
the chemical reaction. In addition, the bombardment of the wafer surface by 
positive ions from the plasma can change the surface chemistry, resulting in 
different film structures and growth rates. RF glow discharges, which result 
in weakly ionized plasmas, are most commonly used for PECVD. Depending 
on the reactor configuration, the substrates are either within or downstream 
of the plasma. If the plasma is downstream of the plasma, improved control of 
the reaction chemistry can be achieved but it is often only possible to deposit 
on one substrate at a time. A disadvantage of PECVD is that the plasma can 
cause surface damage during deposition. When PECVD is performed at 200- 
300° C the result is relatively high-quality microcrystalline Si (pc-Si). The first 
report on this material was published in 1968 by Veprek and Marecek [29]. 
Overviews of the structural, optical, and electrical properties of pc-Si:H ma- 
terial can be found in [30]. However, the material has a high hydrogen content 
(> 10% atomic) [31]. This is a drawback in the process, as bubbles appear 
in the film as a result of hydrogen evolution at high temperature and this 
leads to macroscopic defect creation in the bulk. This is why pc-Si:H never 
gained much interest for application as a photovoltaically active material in 
solar cells or for ICs; it was, however, widely used for the doped layers of hy- 
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drogenated p-i-n solar cells, with hydrogenated amorphous silicon (a-Si:H) 
as the photoactive layer. A low hydrogen content is beneficial for suppressing 
spontaneous nucleation during deposition. Therefore temperatures of about 
500° C are used [29]. 

Another plasma-assisted CVD technique is hot-wire CVD (HWCVD), 
where source gases such as SiH 4 and H 2 are pyrolytically decomposed on a 
filament catalyzer which is heated to about 1300-2000° C and located several 
centimeters from the surface of the substrate [32-35]. Gas-phase reactions 
and thin-film deposition then take place from the atomic and molecular pre- 
cursors generated at the filament surface. The process takes place under high 
vacuum (~ 10 Pa). Doping can be readily achieved by adding B 2 H6 or PH 3 to 
the source gas. HWCVD is a simple and low-cost procedure. Single-step fab- 
rication of poly-Si with reasonable deposition rates and good doping control 
is achievable. Large-area deposition is attainable by optimized superposition 
of precursors in a multiple- filament configuration. 

One promising CVD method is electron cyclotron resonance CVD 
(ECRCVD) [36,37]. This is a form of PECVD which uses ECR to produce 
the plasma. Cyclotron resonance occurs when the frequency of an alternating 
electric field matches the frequency of electrons orbiting the lines of force of 
a magnetic field. The plasma densities are higher with ECRCVD than with 
conventional RF PECVD. A specific advantage of ECRCVD is that it causes 
little surface damage, since the plasma source and substrate are well sepa- 
rated, and the operation pressure and plasma potential are low. In addition, 
substrate biasing allows separate variation of the plasma current and particle 
energy, there is the possibility of in-situ substrate pretreatment and layer 
post-treatment, there are no hot filaments or active electrodes, a higher pro- 
portion of the process gas is used, and there is the possibility of upscaling. A 
limitation of ECRCVD is the need for a very low pressure (0.1-1 Pa) and a 
high-intensity magnetic field, which increases the cost of the system. 



4.3.2 Poly-Si by Crystallization of Amorphous Si 

Formation of polycrystalline silicon films by deposition of a precursor film 
followed by crystallization has been extensively investigated over the last 
25 years. The main driving force is the use of such films in macroelect ronic 
devices such as large- area displays and solar cells. The thermal budget for 
processing poly-Si needs to be very low to enable the use of cheap and/or flex- 
ible substrates such as glass [38,39] and organic polymers (plastics) [40]. Once 
amorphous silicon or fine-grained polysilicon has been deposited, there are 
several improvements in quality which may be made by further crystalliza- 
tion. The main high-temperature recrystallization technique is zone melting 
recrystallization (ZMR) [41]. Low-temperature crystallization techniques in- 
clude solid-phase crystallization (SPC), metal-induced crystallization (MIC), 
and laser crystallization (LIC). Although crystallization adds another step 
to the process, it allows the use of a lower-cost, lower-quality initial silicon 
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deposition. These poly-Si layers may be used as either a seed layer or a base 
material for the device. 

The most extensively studied method to obtain poly-Si is the SPC [42] of 
amorphous silicon deposited by PECVD, sputtering, or simple evaporation. 
The advantages of using SPC of a-Si are that it is simple and cost-effective, 
requires a low process temperature, produces a relatively high-quality active 
layer, is easy to scale up, and allows the possibility of in-sit u phosphorus 
doping. SPC may be performed at temperatures above about 500° C, and 
produces large grain sizes. However, throughput is low. The development of 
the grain distribution during SPC of Si is described in [43]. 

For all growth temperatures during SPC, there is generally a log-normal 
distribution of grain sizes [44], which inevitably results in a large proportion 
of unfavorably small grains: the average grain size is a factor 3-5 smaller 
than the maximum grain size. This is especially important for solar cell ap- 
plications, since the open-circuit voltage decreases significantly if even a small 
proportion of the grains have a diffusion length which is small compared with 
the grains in the cell. 

Pulsed rapid thermal processing (PRTP), is a very fast method of 
SPC [45], as is metal-induced crystallization. It has been reported that the 
SPC temperature of a-Si can be lowered by the addition of some metals, 
such as Al, Ni, or Pd [46]. Metals lead to a lower thermal annealing temper- 
ature for the crystallization of a-Si by forming a metal silicide, by eutectic- 
alloy formation, by migration of metal silicide, or by some combination of 
these. Originally, Liu and Fonash [47] introduced a thin Pd film deposited 
on predeposited a-Si, which reduces the crystallization temperature, but the 
crystalline quality was not very satisfactory for device applications. Yoon et 
al. [48] reported on the crystallization of a-Si by annealing at ~ 500° C for 
20 h using an ultrathin Ni layer on it. The Ni atoms on a-Si, after thermal an- 
nealing, form octahedral NiS^ precipitates in the a-Si matrix. The NiSi 2 pre- 
cipitates are formed at the initial stage of thermal annealing and act as sites 
for crystallization. Needle-like Si crystallites are formed by silicide- mediated 
crystallization (SMC) of a-Si and the migration of NiSi 2 precipitates through 
the a-Si network. A Ni-SMC poly-Si TFT using a Ni solution exhibited a 
field-effect mobility of about 105 cm 2 /V s. More recently, nickel- nucleated lat- 
eral solid-phase epitaxy was achieved by nickel particles applied by means of 
a nickel colloidal “ink” [49]. The amorphous silicon layer crystallized fully 
before the onset of random nucleation, with each nickel particle seeding one 
grain, achieving grain sizes > 100 pm. Within each grain, however, there were 
many low- angle subgrain boundaries that arose from the needle-like crystal 
growth. 

In spite of the low-temperature crystallization of a-Si, this method suffers 
from drawbacks such as metal contamination of the crystallized Si matrix 
and the long time for crystallization. To lower the crystallization tempera- 
ture to 400° C and/or to shorten the duration of crystallization, an electrical 
bias has been applied during the Ni-SMC of a-Si [50]. The crystallization 
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speed increases with increasing electric field strength, which results from the 
accelerated migration velocity of the NiSi 2 precipitates in an electric field. In 
the presence of an electric field, the a-Si has been fully crystallized at 400° C 
for 30 min or 500° C for 10 min. A poly-Si TFT made using Ni field-enhanced 
SMC poly-Si exhibited a field-effect mobility up to 120 cm 2 /V s. 

To avoid contamination, aluminum has been preferred. The aluminum- 
induced crystallization (AIC) method has been investigated to crystallize 
amorphous silicon layers deposited on glass [51] and ceramics [52]. Layers are 
made by thermally evaporating A1 to a thickness of 0.5 pm and depositing 
a 0.5 pm layer of silicon by DC magnetron sputtering or PECVD. AIC is 
then done in a nitrogen gas ambient, with the result that the aluminium and 
silicon interchange as the silicon crystallizes, so that the structure is then 
glass/ceramic, poly-Si, Al+Si. At temperatures below 577° C, the silicon 
layer has a uniform thickness and forms separate crystals. Grains 10-20 pm 
in diameter are formed at an AIC temperature of 480° C. The grain size and 
speed of crystallization are also related to the average grain size of the A1 [53] . 

Another extensively studied method for creating good-quality poly-Si on 
low-temperature substrates is excimer laser processing of amorphous sili- 
con [54]. This is due to the fact that the excimer’s short wavelength, high 
intensity, and narrow temporal pulse width ensure that thin a-Si films are 
melted and solidified rapidly, producing high-quality poly-Si before thermal 
damage of the substrate occurs. The rapid temperature changes achievable 
with pulsed laser illumination allow nucleation to occur near the melting point 
of silicon without melting a glass substrate. Since the nucleation rate is low 
near the melting point of silicon, grain sizes obtained by laser crystallization 
tend to be large. 

The most established setup to produce large grains is the technique called 
sequential lateral solidification (SLS) [55]. The amorphous-Si layer is irradi- 
ated by an excimer laser through a patterned mask. After the exposed area 
has melted, the film is moved relative to the mask and another laser pulse 
is used to irradiate the silicon. This process has several remarkable features. 
Firstly, the substrate is at room temperature. Secondly, the process may lead 
to production of large single-crystal Si regions on glass. Thirdly, the log- 
normal distribution of grain sizes and the random grain boundary positions 
are avoided. Grain lengths of 200 pm have been produced thus. At present, 
the grain boundaries formed are essentially parallel. However, since the less 
energetically favorable grains eventually die out, the grain width increases 
slightly as the distance from the crystallization origin increases [55]. 

A combination of two techniques, lateral epitaxial growth and lateral ex- 
plosive crystallization, has also been used to crystallize a thin layer of amor- 
phous silicon deposited on glass [56]. The crystallized layer is used as a seed 
layer for an epitaxial thickening process. The principle of both techniques is 
to heat the silicon film while avoiding direct heating of the substrate. The 
lateral epitaxial solidification involves a 700 ps pulse from an Ar + laser. The 
melt crystallizes epitaxially after several hundred microseconds of exposure. 
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Crystallization begins at the outer rim of the melt pool, and the surface is 
corrugated and has few defects. Crystal grains around 100 pm long have been 
achieved. 

Despite yielding excellent thin- film transistors [57], the width of these 
grains of several pm is too small for thin- film solar cells [58]. 

4.3.3 Chemistry of Grain Boundaries in CVD Poly-Si 

In the 1980s, a number of reviews of the structure and properties of grain 
boundaries (GBs) in silicon were published, as well as several conference pro- 
ceedings devoted to the same topic [59]. This was stimulated by the wide 
use made of this material as an interconnect in integrated-circuit metalliza- 
tion systems, and of rather larger-grained material in silicon solar cells. The 
hope is to find a link between the GB structure/chemistry and the electronic 
properties of these materials. 

The current understanding of the structure of grain boundaries in poly- 
crystalline silicon is that the core of some highly symmetric boundaries can 
be considered as a two-dimensional array of characteristic structural units. 
Because some of these units are highly distorted from the six-membered ring 
unit characteristic of the perfect silicon lattice, they are expected to offer 
preferential segregation sites for impurity atoms present in the grain inte- 
riors. Segregation to grain boundaries can alter the electronic properties of 
polycrystalline semiconductor materials quite dramatically, and it has been 
suggested that the electrical activity of grain boundaries is wholly a result of 
impurity segregation [60]. 

One of the most widely studied impurity segregation phenomena in silicon 
grain boundaries is that of oxygen diffusion to the grain boundaries during 
annealing treatments at over 600° C [61]. The increasing concentration of oxy- 
gen at the grain boundaries as the annealing time or temperature is increased 
has been linked to a larger grain boundary potential barrier. This decreases 
the conductivity of the polycrystalline aggregate, and also increases the rate 
of recombination at the boundaries. It is thus expected that annealing any 
large-grained material intended for solar cell production will result in a strong 
degradation of device performance. Indeed, most of these materials contain 
a high oxygen concentration. It is still not clear whether the oxygen forms 
oxide precipitates at the GBs [62] or is present as individual segregated atoms 
along the boundary plane. The more severe the segregation, the more likely 
it is that precipitates will be formed. 

Fluorine seems to segregate to silicon GBs as well, and has a behavior 
similar to that of oxygen [63]. Titanium and aluminum have also been shown 
to segregate to silicon GBs, and the segregated boundaries appear to have a 
higher potential barrier than “clean” boundaries. On the other hand, dopants 
such as phosphorus and arsenic segregate strongly to silicon GBs to a satu- 
ration level between 0.1 and 1 monolayer. This is an equilibrium segregation 
process. Interestingly, little evidence has yet been found for the segregation 
of boron to silicon GBs. 
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Although most segregation phenomena have been observed after high- 
temperature heat treatments for relatively long times, as-deposited CVD 
polysilicon has also shown dopant segregation [64] . It is strongly thought that 
segregation phenomena have a significant influence on the electrical proper- 
ties of both large- and small-grained polysilicon material. 

On the other hand, the passivation of GBs in silicon sheets with hydro- 
gen has also been widely investigated following the identification of dangling 
bonds at boundaries [65] . It has been assumed that the hydrogen will saturate 
the dangling bonds and lower the electrical activity at the boundaries. Clear 
observations have been made of the segregation of hydrogen to GBs in sili- 
con [66]. Hydrogenation treatment has been shown to decrease the potential 
barriers and the recombination rates at GBs, and to increase the efficiency of 
silicon solar cells. The replacement of oxygen in silicon GBs by hydrogen has 
also been observed, although the nature of the exchange reaction between 
the two elements has not yet been determined. Kazmerski [2] has suggested 
that hydrogen segregating to oxygen-rich GBs saturates the oxygen-induced 
dangling bonds by the formation of hydroxyl groups. This reaction has been 
widely tested for improving the performance of polycrystalline silicon solar 
cells, whatever the grain size may be [67]. However, the extrapolation of infor- 
mation about the structure of grain boundaries obtained from large-grained 
material to describe the electrical properties of CVD polysilicon films before 
and/or after hydrogenation must be treated with caution. In fine-grained 
material it is common to ignore the problem of identifying the structure of 
the GBs altogether and to think of the boundaries as all having the same 
potential barrier, which is quite wrong. 

One important characteristic of GBs is their orientation. Owing to the 
(110) texture, many boundaries should be of [110] tilt type. Such GBs are 
electrically inactive, and they grow without broken bonds. This is the case 
for nano- and microcrystalline Si materials. These [110] tilt type boundaries 
become active if they contain either impurities (e.g. oxygen) or structural 
defects which disturb the pure tilt behavior either by lattice dislocations or 
by twist components. It seems that growing Si with a (100) surface texture 
is the key to obtaining GBs with a low density of crystallographic defects. It 
is not an easy task, but it is needed for obtaining good thin-film transistors 
and highly-efficient solar cells. 



4.3.4 Doping of Poly-Si 

The incorporation of dopants into polysilicon is important because of the key 
role of polysilicon layers in VLSI technology (as an interconnect, as a gate 
material, and as a diffusion source to the underlying substrate) and in solar 
cell technology. The doping process has been mainly carried out by diffusion, 
implantation, or the addition of dopant gases during deposition (in-situ dop- 
ing) [21,68]. Usually, a good correlation is found between the resistivity of the 
diffused poly silicon and the dopant solubility. Diffusion of dopants is faster 
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in polysilicon than in single-crystal silicon, and lateral diffusion in a polysili- 
con film is faster than diffusion perpendicular to the surface. This increase is 
attributed to the presence of grain boundaries in the poly-Si, which provide 
high-diffusivity paths through the material. Measurements of the diffusivity 
of dopants within polysilicon must therefore take account of two parallel pro- 
cesses: diffusion at and along the grain boundaries, and diffusion within the 
bulk interior of the grains. This information is very important for applica- 
tions which require knowledge of the diffusion both vertically and laterally 
in the polysilicon, and in the underlying substrate [69]. 

The reported measurements of diffusivities in polysilicon can be divided 
into two categories: those that apply a single effective diffusivity to describe 
the combined effects of the grain interior and the grain boundary; and those 
that analyze the two separate processes, providing values for the diffusivity at 
the GB and in the grain interior. Measurements in the later category generally 
require a 2D analysis of the dopant distribution around a single grain bound- 
ary, and so large-grain material (cast or laser-enhanced recrystallized CVD) 
is used. Effects such as the segregation of dopants between grains and GBs, 
and the motion of GBs during heat treatment have also been considered [70]. 

It is also possible to take advantage of preferential diffusion of dopants 
along grain boundaries in order to increase the effective minority carrier diffu- 
sion length in fine-grained poly-Si [71]. Moreover, the grain boundaries with a 
high diffusivity are also those with a high recombination velocity. Converting 
the grain boundaries into n-type material (in the case of phosphorus doping, 
for instance) therefore decreases the number of recombination centers where 
electrons in the base can recombine. Furthermore, deep phosphorus diffusion 
enhances the gettering effect. All these effects should have strong effects on 
the collection of the carriers and therefore on the cell efficiency [72]. 

From the device point of view, a comparison of the three doping processes 
shows that the major differences are a lower resistivity for diffusion, a lower 
dopant concentration for implantation, and a lower mobility for in-situ dop- 
ing. Implantation and in-situ doping, however, offer the advantage of lower 
processing temperatures, which is often the dominant consideration in VLSI 
processing. 



4.4 Electronic Properties of Poly-Si 

Electronic transport in poly-Si is considerably different from transport in 
single-crystal Si. It depends on the microcrystalline structure (grain size and 
orientation), the doping level in the grains, the grain boundary chemistry, 
and the defect density. Electronic charges at the grain boundaries control the 
material quality, and finally the device performance. Pinning of the Fermi 
level at deep states around midgap is the reason for the high sensitivity of Si 
to defects. 

A band diagram for a GB in Si, belonging the so-called symmetric de- 
pletion type, is schematically shown in Fig. 4.3 [73]. For a classification and 
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Fig. 4.3. Schematic illustration of band diagram for a GB in Si in the presence of 
a trap density Ni S in n-type Si 



a prediction of the electronic activity of GBs in different materials, see [74]. 
The barrier around the boundary hinders current transport of majority carri- 
ers. As a consequence, in a thin- film transistor the effective channel mobility 
is lower than for a single-crystalline material, whereas in poly-Si-based solar 
cells the interfacial charges attract minority carriers, enhance recombination, 
and thus lower the open-circuit voltage and efficiency [75]. 

The effects of the barrier height and defect density depend on the grain. 
For instance, recent theoretical and experimental investigations indicate that 
there is no significant band bending at grain boundaries of grains with diame- 
ters of 10 to 20 nm. The Debye screening length in Si is in the region of 100 nm 
and thus is much higher than the average grain size. The carrier transport 
in nanocrystalline Si is therefore dominated by trapping and recombination 
and not by the potential barriers at GBs. Thus the majority carrier mobility 
is of the order of a few cm 2 /V s and the minority carrier diffusion length is 
generally well below 1 pm. In this case, minority carrier devices such as solar 
cells are realized using pin structures in order to benefit from drift fields for 
carrier extraction. 

In contrast, carrier transport in pc- or poly-Si films is governed by po- 
tential barriers at grain boundaries. The density of dangling bonds is quite 
sufficient to explain the observed potential-barrier heights at silicon grain 
boundaries, and models of grain boundary recombination and resistivity in 
poly-Si have been developed which give reasonable agreement with experi- 
mental measurements of the variation of these parameters with barrier height. 
A relationship between the resistivity and the barrier height, and the average 
grain size as well, has been established [76]: 

(2nmk B T) 1/2 fE B \ 

p = -^vcs, - exp Ur ) ’ 

where ra* is the “carrier” effective mass, and Eb is the barrier height. 
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Fig. 4.4. Resistivity p as a function of acceptor concentration measured in poly- 
crystalline silicon films of different grain sizes 



As an illustration, Fig. 4.4 plots the resistivity of poly-Si layers with differ- 
ent grain sizes S g versus the intragrain doping density Nq [77]. As expected, 
the resistivity of pc-Si is higher than that of single-crystal Si, especially at low 
doping levels. The smaller the grain size, the larger is the difference [78,79]. 
This is attributed to trapping of carriers at the grain boundaries. Usually, 
the grain size S g (pm), the trap density at GBs Nt (cm -2 ), and the doping 
level Nq (cm -3 ) are compared [80-82]: 

(i) For low doping levels (Nq < iVr/G), all carriers are trapped by the 
interface states at GBs (depleted grains), which leads to a quite low 
carrier concentration and therefore to a high resistivity. 

(ii) In the case where Nq — Nq* = TVr/G, the carrier concentrations in the 
grains and the traps at GBs are mutually neutralized. This corresponds 
to a sharp decrease in the mobility (Fig. 4.5). Increasing the grain size 
results in a shift of the mobility minimum to low doping levels. 

(iii) For high doping levels such as Nq > N^/G, all traps at GBs are satu- 
rated, and the space charge region width is smaller than the grain size. 
A neutral zone appears in the grain in which the carrier concentration 
corresponds to the doping concentration, and becomes close to that of 
sc-Si as the doping concentration increases. 

Thus, with typical values of TVt < 10 12 cm -2 and average grain sizes 
G > 1 pm, the doping level is usually chosen > 10 16 cm -3 to avoid partial or 
complete depletion of the grains. 

Reduction of the potential barrier in as-grown poly-Si films through bulk 
passivation of the GB interface states by monatomic hydrogen has been 
widely studied. The efficiency of such treatment is not always straightforward. 
Fig. 4.6 plots typical curves of resistivity versus temperature for poly-Si layers 
before and after hydrogenation. These poly-Si films were deposited on silicon 
oxides in APCVD and LPCVD reactors (the average grain sizes were 4 pm 
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Fig. 4.5. Hall mobility versus carrier concentration for polycrystalline Si layers 
with different grain sizes. Data from [78-82] 
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Fig. 4.6. Resistivity versus temperature, as measured before and after plasma 
hydrogenation (400°C, lh), for p-type polycrystalline silicon deposited on foreign 
substrates in RT-APCVD and LPCVD reactors 
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and 0.5 pm, respectively). For as-grown layers, the transport is dominated by 
the trap density, and the deduced (conductivity) activation energy E B is in 
the range 180-200 meV. This corresponds to a density of positively charged 
interface states N T at the grain boundaries of around 1 x 10 12 cm -2 . After 
hydrogenation treatment (400° C, lh), complete passivation of grain bound- 
aries in the APCVD layer has been achieved, thus resulting in a significant 
resistivity reduction. The increase with temperature is characteristic of the 
mobility increase in silicon grains due to scattering by optical phonons. In the 
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small-grained (LPCVD) layer, however, only a small reduction (A ~ 20 meV) 
is obtained after hydrogenation. In this case, the measured resistivity is gov- 
erned by that at grain boundaries, with no conductivity contribution from 
the intragrain regions, which are still partly depleted. 

In the case of solar cell applications, the electronic quality of the poly-Si 
is related to the lifetime of the free carriers generated in the bulk of the base 
layer. However, all CVD fine-grained polycrystalline silicon materials on for- 
eign substrates show relatively short minority carrier lifetimes compared with 
multi- or monocrystalline silicon materials. Minority carrier diffusion lengths 
are usually in the range of only a few pm. The analysis of minority carrier 
properties of poly-Si films is intrinsically complicated by its inhomogeneous 
nature, which results from the broad grain size distribution and potential 
fluctuations within individual GBs. As a consequence, the open-circuit volt- 
age of poly-Si thin-film cells is quite small (< 500 mV) [3,8,24]. In order to 
reduce the barrier height and thus charge carrier recombination, one has to 
reduce the doping of the absorber layer and/or the trap density at the grain 
boundary or increase the grain size. In the case of pc-Si-based solar cells, 
a pin-junction structure is employed instead. Furthermore, these materials 
contain several percent of hydrogen, and thus any remaining GB activity is 
passivated. Efficiencies of about 10.1% on glass have been reached. In large- 
grained Si (~ mm) the spacing of grain boundaries is so large that potential 
barriers do not dominate recombination anymore, and a pn junction, with its 
higher open-circuit voltage potential, is usually used. Efficiencies in the range 
of 15-17% on high-temperature-resistant substrates [83] have been obtained. 



4.5 Conclusion 

The first application of a polysilicon gate in the MOS process, around 1970, 
was a crucial breakthrough for MOS technology, because it allowed the major 
advantages of polysilicon to be exploited. Since then, polycrystalline silicon 
has been used in the fabrication of all manner of devices, such as MOS, 
CMOS, and BiCMOC devices, bipolar transistors, displays, transducers, and 
solar cells, thanks to properties such as excellent compatibility with other 
materials used in silicon technology, temperature stability to over 1000°C, 
ease of doping and oxidation, and the ability to produce conformal edge 
coverage. 

There are still some challenges in the formation of high-quality polycrys- 
talline silicon films, such as: 

- control of grain structure and doping 

- enhanced conductivity 

- integrated, multilayer processing 

- high throughput, high growth rate, and large area (250 and 300 mm wafers). 
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Numerous new opportunities have still not been completely explored to- 
day, which will make poly-Si an important material for semiconductor devices 
well into the 21st century. 
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5.1 Introduction 

Photovoltaics (PVs), which convert solar energy directly into electricity, are 
probably the most effective alternative energy source to conventional power 
supplies. The world demand for terrestrial applications of photovoltaic sys- 
tems has increased, first for isolated areas and more recently in connection 
with grids in large PV roof programs, the most important cases being in 
Japan and Germany. 

Many types of solar cell structures have been developed, based on various 
semiconductor materials, including II- VI or III-V compounds. Silicon was the 
first material used and is probably still the most appropriate candidate for 
the next 20 years of large-scale applications. The reasons for this success are 
the great availability, technical advance and environmental safety of silicon. 

Solar cells produced from cast multicrystalline silicon (large-grain poly- 
crystalline silicon, referred to as mc-Si) can be considered as the only present- 
day technology capable of achieving low-cost high-rate production without 
excessive loss of efficiency compared with single-crystal silicon (sc-Si). The 
global module-shipping market reached 530 MWp in 2002 [1] (Fig. 5.1), quite 
twice the market two years before, with 99% of the products still based on 
silicon and now more than 55% on cast mc-Si ingots [2] (see Fig. 5.2). 

Polycrystalline silicon substrates contain grain boundaries and residual 
impurities in higher concentrations than in single-crystal silicon. For this 
reason, the photovoltaic efficiency was initially inferior to that obtained using 
conventional Czochralski (Cz) or float-zone (FZ) silicon. 

However, 25 years of research on multicrystalline silicon have enriched 
the knowledge of the material and of its thermally activated defect reactions 
during cell processing, leading to a substantial improvement of the manufac- 
turing techniques and to the capability to produce high-efficiency solar cells 
with this material. The difference between polycrystalline and single-crystal 
cells has since decreased continuously. 
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Fig. 5.1. Evolution of the cost per module and of the world module-shipping 
market. In 2001 the production reached 400 MWp, twice the 1999 market [1], and 
530 MWp in 2002 [2] (also quite twice the year 2000 market), now with a shipping 
cost lower than 3 euros/ Wp 



5.2 Silicon Material for PVs 

This part will be devoted to the material-growing technology. It covers the 
initially used Cz single crystals, cast multicrystalline ingots, silicon ribbons 
and the various thin- film deposition processes. It also addresses the emerging 
crucial problem of the preparation of cheap solar-grade feedstock material. 

Although the ribbon and film processes can use electronic-grade silicon or 
pure SiH 4 gas as feedstock material, the cast-ingot technologies need cheap 
parent materials since about 60% of the material is lost during the slicing 
into 300 pm sheets. For these reasons, the PV industry has up to now used 
materials rejected by the microelectronics industry. However, since the PV 
market is growing faster than the microelectronic market, the cost of the 
parent material has multiplied by a factor of 3, now exceeding $25 per kg. 
Consequently, the availability of silicon-grade feedstock material has become 
a crucial problem. 

Today, simplified purification methods based on adapted chemical meth- 
ods or derived from directional solidification processes that apply, for ex- 
ample, electron beam pulling methods [3] or plasma purification, are being 
investigated. 
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Fig. 5.2. Illustration of the percentage of the different type of materials in the 
total world production: The share of silicon in the total world product is still 99%, 
with more than 55% of it being cast mc-Si ingots [2] 



5.2.1 History and State of the Art of Different Growing Processes 
(a) Cast Ingots by Directional Solidification 

In 1975, Wacker proposed a new method, called the Wacker ingot casting pro- 
cess (WICP) [4], to manufacture low-cost substrates for terrestrial solar cells, 
instead of the conventional Czochralski technology. Later on, many other cast- 
ing processes were introduced by a large number of research groups and indus- 
trial companies throughout the world, such as Solarex (UCP) [5], Crystal- 
System (HEM) [6], CGE/Photowatt (Polix) [7], IBM (DS) [8], NEC/OTC 
(NMR) [9], Eurosolare [10], Crystalox [11] and Bayer [12]. 

These processes use quartz crucibles to melt silicon pieces from Cz ingots 
rejected by the microelectronics industry and subsequently apply a directional 
solidification. The solidification process is carried out with a controlled ver- 
tical temperature gradient of the silicon melt in the mould. This leads to a 
silicon block with vertical lines of crystalline silicon with a columnar structure 
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Fig. 5.3. Illustration of the solidification process carried out with a controlled 
vertical temperature gradient of the silicon melt in the mould to obtain a block of 
crystalline silicon with a columnar structure of vertical lines from the bottom to 
the top of the block, e.g. Polix pulling. From Photowatt International [13] 



extending from the bottom to the top (see Fig. 5.3). The casting methods 
were rapidly proven to be cheaper than conventional Cz methods, but their 
main disadvantage was that they yielded materials containing stresses, im- 
purities and grain boundaries. 

Many methods have been investigated to improve the heat flux control 
during solidification, in order to yield interfaces as planar as possible and 
hence perfect columnar crystal growth. The manufacturers have gradually 
reduced the internal stresses and have been able to suppress the generation 
of cracks by a more careful control of the temperature gradient. 

The manufacturers have also tried to avoid interaction of the molten sili- 
con with the mould. Graphite moulds, which can be reused with an additional 
coating of the inner walls, induce significant contamination. They have been 
progressively replaced by single-use quartz moulds, as these allow manufac- 
turers to reduce considerably the oxygen and carbon content of the material. 

Moreover, in order to reduce the manufacturing costs, efforts to obtain 
larger blocks have been made. Ingots with cross-sectional areas larger than 
50 x 50 cm 2 , a height of 18 or 28 cm, and 250 kg in weight are now currently 
available. 

After contouring and removal of the bottom and top regions, which do 
not satisfy the conditions for use, the ingot is partitioned into 9, 16 or 25 
elementary blocks having a base area between 10 x 10cm 2 and 15 x 15 cm 2 , 
using bandsaws. The final slicing into wafers with a thickness of about 300 pm 
is performed with multi- wire saws. 
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Both the progress in multi- wire sawing of very thin slices - Photowatt [13] 
was the first to cut at about 200 pm - and the further development of contin- 
uous casting are the main reasons for the success of cast ingots as compared 
with the ribbon technology. 

(b) Electromagnetic Casting (EMC) 

In 1981-1985, OTC [14] and SERI [15] developed a cold-crucible casting 
technique based on induction heating. Neither a crucible nor a mould is used 
in this method. The molten silicon is heated and confined electromagnetically 
by induction power in order to avoid impurity contamination from the furnace 
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Fig. 5.4. Illustration of the cold-crucible casting technique based on induction 
heating. In this method, no mould is used. The molten silicon is heated and confined 
electromagnetically, for example in the Emix process, initially developed by EPM- 
Madlylam with Photowatt [17] and now used industrially by EMIX S.A. [18] 
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(Fig. 5.4). The EMC vertical continuous-pulling method was developed by 
Sumitomo SiTiX Corp. [16], formerly OTC, as well as by EPM-Madylam [17] 
together with Photowatt, and will be used by EMIX SA in the future [18]. 
Crystalox [19], on the other hand, has developed a horizontal-zone refining 
method for silicon applying induction heating. 

Ingots of a cross-sectional area of approx. 35 x 35 cm 2 , 3 m long and with a 
weight of 850 kg can be obtained by these continuous-pulling techniques using 
plasma torch melting for better control of the solid/liquid interface and of 
contamination [20]. 

The cold-crucible casting technique, which reduces the energy consump- 
tion for crystal pulling by almost a factor of 4, constitutes a major opportu- 
nity for the future evolution of multicrystalline silicon, which is in constant 
competition with silicon ribbons and, more recently, with silicon thin films. 

(c) Ribbon Silicon for PV 

Silicon ribbon technology, another promising method that is in competition 
with both ingot casting and thin-film technologies, also produces multicrys- 
talline material. The production of the first silicon ribbons was done simulta- 
neously in 1975 by Westinghouse [21] with the dendritic WEB process called 
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Fig. 5.5. Illustration of the WEB process for growing silicon sheets [21] 
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“WEB” ribbon process (Fig. 5.5), by ASE- Americas [22] (formerly Mobil- 
Tyco/Mobil-Solar) with the EFG, edge defined film fed grown [23] process 
using two graphite dies, and by Motorola [24] with the RTR, ribbon-to-ribbon 
crystal growth process using laser melting. 

A process of two-sided film deposition on carbon sheets (RAD, ribbon 
against drop pulling process ribbon) was developed later by CGE [25] in 
France. The silicon grain structure obtained by all these processes shows more 
longitudinal grains compared with cast ingots. The crystallization quality 
depends strongly on the pulling velocity (generally around a few cm per 
minute) and on the pulling material, such as graphite or carbon sheets. 

At present, the ribbon material represents 3.7% of the world market [26]. 
Research is going towards thinner substrates by developing 50 cm diameter 
hollow cylindrical tubes with a thickness of 75-80 pm [27]. In Europe, RWE- 
Schott-Solar, Germany, has recently started a 2 x 30MWp factory based on 
the EFG technology [28]. 



5.2.2 The Thin-Film Deposition Processes 

(a) Amorphous, Microcrystalline or Quasi-crystalline 
Silicon Thin Films for PVs 

The thin-film technologies represent today about 9% of the world PV mar- 
ket, and this percentage is mainly accounted for by amorphous silicon. Fig- 
ure 5.6 [29] reports all laboratory cell efficiency results reported for the var- 
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Fig. 5.6. Illustration of the laboratory cell efficiencies of thin-silicon-film technolo- 
gies as a function of the grain size (from amorphous to epilayers) [29] 
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Fig. 5.7. Illustration of the amorphous-thin-silicon-film technology [30] 



ious silicon film technologies, from amorphous to almost single-crystal films 
(quasi-monocrystalline epitaxial layers). 

For amorphous silicon, which can be prepared at low temperatures, the 
substrate is usually glass. The collecting structure consists generally of three 
layers: a boron-doped and a phosphorus-doped layer with an intrinsic layer in 
between for improved charge transport in the internal electric field (p-i-n); 
see Fig. 5.7 [30]. 

In order to yield higher efficiencies, double and triple p-i-n structures 
have been developed with thinner layers, resulting in improved minority car- 
rier diffusion length values. Also, small grain sizes in an otherwise amorphous 
matrix improve the charge transport properties, so that micro- or polymor- 
phous materials have been developed successfully [31] (left part of Fig. 5.6). 

The right side of Fig. 5.6 represents the results of research efforts either to 
growth by CVD processes epitaxial silicon on quasi-single crystals obtained 
from thermal crystallization of a double porous layer on a Si wafer [32] (see 
Fig. 5.8), or to transfer a silicon film from a silicon ingot by various tech- 
niques, including fragility enhancement of an intermediate layer and ion beam 
processing [33]. The data in the central region of Fig. 5.6, with grain sizes 
corresponding to polycrystalline silicon films, are not discussed in this chap- 
ter. See Chap. 4 on “Poly crystalline Silicon Films for Electronic Devices” for 
further information. 

From an industrial point of view, the thin-film technologies are important 
both for reducing substantially the amount of silicon used and for being 
compatible with roll-to-roll processes [34] (Fig. 5.9) with flexible substrates 
such as stainless steel or plastic films. 
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Fig. 5.8. Illustration of the transfer technology of quasi-monocrystalline silicon 
films [32] 
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Fig. 5.9. Illustration of the roll-to-roll process adapted to thin- film technologies [34] 
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Fig. 5.10. Newly developed HIT structure, which combines the advantage of 
crystalline bulk transport properties with low-temperature amorphous hetero- 
structures [35,36]. TCO, transparent conductive oxide 



(b) Wending of Amorphous with Crystalline Silicon for PV 

Sanyo has developed a new structure (HIT) [35] (Fig. 5.10) which combines 
the efficient charge transport properties of bulk crystalline silicon with the 
low-temperature process of amorphous silicon deposition. Two heterostruc- 
tures of amorphous silicon were produced on both sides of the cell. Efficiencies 
up to 21% have been obtained on n-type crystalline silicon with two-sided 
illumination [36] . If the industrial feasibility is clearly demonstrated for single 
crystals, the feasibility of the process on p-type multicrystalline substrates 
has to be confirmed next, before the process is used industrially on a larger 
scale. 



5.3 Transport Properties in PV Silicon 

The crystallographic properties of mc-Si materials are now quite satisfactory: 
a columnar structure with large grains more than 1 cm 2 in size, and few 
dislocations and intragrain defects. However, multicrystalline silicon contains 
larger quantities of impurities than does single-crystal silicon, which can have 
detrimental effects on the bulk minority carrier diffusion length (L n?p ). These 
impurities, which include metals as well as high concentrations of carbon and 
oxygen, can degrade the photovoltaic properties of solar cells and require 
specific treatments, presented in Sect. 5.3.2. 
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5.3.1 Effects of Defects and Impurities 
on the Transport Properties of Silicon 

Impurities and residual defects can have detrimental effects on charge carrier 
transport and degrade the photovoltaic properties of a solar cell. Specific 
treatments such as gettering, applied separately or in conjunction with doping 
steps, can limit or avoid the degradation of the bulk diffusion length. The 
efficiency of these treatments depends strongly on the type of impurities 
present in the bulk. 

Hydrogen passivation of electrically active defects is another efficient way 
to improve the transport properties, especially for materials having high den- 
sities of intragrain defects and smaller grains. It can be advantageously cou- 
pled with gettering processes, as well as with processes used to provide an- 
tireflection coatings such as SiN:H plasma deposition. 



(a) Defects in Single-Crystal Silicon (sc-Si) 

In high-efficiency cells fabricated using single-crystal silicon, a small degra- 
dation of the bulk minority carrier diffusion length L n?p can result from the 
presence of residual defects and impurities. It was found that for cells man- 
ufactured on boron-doped Cz silicon material, the efficiency decreases with 
time and with illumination. This effect, which does not appear in FZ silicon 
or in Ga-doped Cz materials, is now attributed to a vacancy-oxygen-boron 
complex [37,38]. 



(b) Defects in Multicrystalline Silicon (mc-Si) 

Multi-crystalline silicon wafers are characterized by a large grain size (larger 
than a few mm) and by a high density and large variety of intragrain de- 
fects, independently of the method used to grow the ingots, i.e. for different 
crucibles, liners, thermal steps during the solidification, etc. Dislocations, 
dislocation lineages, dislocation tangles, twins (decorated or not by disloca- 
tions) and subgrain boundaries are found. These defects can interact with 
grain boundaries [39]. 

Point defects such as vacancies and self-interstitials must also be taken 
into account, as well as impurities such as metal, oxygen and carbon atoms. 
These point defects and impurities can segregate at extended defects and 
form precipitates at defects sites or in the grains. The simultaneous presence 
of all these imperfections is the main characteristic of this type of materials, 
which appear to be very complex systems. 

The interactions between defects and impurities are driven by chemical 
and mechanical potential gradients, since oxygen and carbon, at least, are fre- 
quently present in supersaturation concentrations [39] . The rate of interaction 
increases with temperature. Therefore the interaction is strongly influenced 
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by high-temperature processing steps during solar cell manufacture and ex- 
plains the large variations in conversion efficiency; see the section devoted to 
solar cells (Sect. 5.4). 

5.3.2 Improvement of the Material by Gettering 

The main part of the recombination strength of extended defects is due to 
segregation of impurities. Impurity precipitates are also sources of recombi- 
nation centres. Thus me- Si wafers could be markedly improved by removing 
impurities from the bulk, especially metallic impurities. 

The “gettering” effect can be used to clean the material. The basic mecha- 
nisms were divided into three categories by Schroter et al. [40]: (i) relaxation- 
induced gettering, i.e. trapping of supersaturated impurities by crystallo- 
graphic defects; (ii) segregation-induced gettering by enhancement of the sol- 
ubility in a certain region of the wafer; and (iii) injection-induced gettering, 
i.e. injection of self-interstitials and interaction with impurities. 

(a) External Gettering 

Multicrystalline silicon wafers are used exclusively to produce solar cells. 
Such wafers have the advantage of being cost-effective compared with single- 
crystal wafers. Hence inexpensive gettering techniques must be employed. 
The best solutions will be those which correspond to processing steps already 
included in the industrial cell fabrication process, such as phosphorus, boron 
or aluminium diffusion near the surfaces, and oxidation. “External” gettering 
of impurities is based on the creation of gettering sites at or near the external 
surfaces, and on the extraction, fast diffusion, and capture of impurities. 

A heavy phosphorus diffusion near the surface is able to create crystallo- 
graphic defects which behave as gettering sites. The phosphorus concentra- 
tion is frequently beyond the solubility, and precipitates of SiP are formed. 
Ourmazd and Schroter [41] have shown that dislocations which trap fast dif- 
fusers such as Fe and Ni are generated at the border of these orthorhombic 
precipitates. 

Gettering also results from the existence of a region where the impurity 
solubility is enhanced by the high phosphorus doping level, owing to the 
formation of complexes between impurities and doping atoms or to the shift of 
the Fermi energy level towards the conduction band. Highly A^ + phosphorous- 
doped regions, for instance, contain a high density of vacancies due to the 
phosphorus diffusion, which can trap interstitial atoms and increase their 
solubility. 

Phosphorus diffusion has a further beneficial effect on gettering. External 
gettering requires the extraction of impurities from their substitutional po- 
sitions, from precipitates, from segregation sites at extended defects or from 
the impurity cloud which surrounds these defects. The extracted impurities 




5 Silicon for Photovoltaics 



85 



must reach interstitial positions in order to diffuse rapidly through the crys- 
tal to the gettering sites. The extraction is facilitated when an excess of Sii 
is injected into the bulk during phosphorus diffusion and participates in the 
well-known kick-out mechanism and in the shrinkage of precipitates [42] . This 
is exactly what phosphorus diffusion can do when SiP precipitates are formed 
near the surface, because this formation involves a molar- volume expansion 
which generates an excess of Sii. 

Very large minority carrier diffusion lengths could be obtained when thin 
wafers (« 200 pm thick) of multicrystalline material were phosphorus diffused 
in a classical furnace at 900° C for several hours, using POCI3 as a diffusion 
source [43] . The effect of phosphorus diffusion was applied successfully to var- 
ious multicrystalline materials such as Silso, Polix, Eurosil and Solarex [44], 
increasing solar cell efficiencies [45-47] by the removal of metallic impurities 
such as Fe, Cu and Ni from the active part of the cell and by their accumu- 
lation in the front 7V + layer [43,45]. 

A large number of reports show that the minority carrier diffusion length 
can also be enhanced if the silicon wafers are annealed in the presence of an 
aluminium layer. Aluminium is an acceptor in silicon, and its diffusion leads 
to P + -type regions, which can be used as ohmic contacts or to realize a back 
surface field (BSF). This diffusion length improvement, which can be as large 
as several hundred micrometers [48-50] , suggests the existence of a gettering 
mechanism: metallic impurities could be trapped at the aluminium/silicon in- 
terface by an aluminium-silicon alloy. This process was found to be enhanced 
by dislocations. 

Aluminium gettering is also an efficient means to improve multicrystalline 
silicon wafers. Large values of the effective diffusion length L e fr (frequently 
larger than 200 pm) are obtained after the deposition of a 1 pm thick layer 
of aluminium and annealing at 950° C for 30 min, especially when the wafers 
have been previously gettered by phosphorus diffusion [51]. 

These improvements have been applied to solar cells to obtain high effi- 
ciencies [51,52]. In spite of the complexity of the measurements (of the back 
surface field effect), a large part of the improvements of the cell efficiency 
have been attributed to gettering. Note that phosphorus and aluminium get- 
tering can advantageously be applied simultaneously at the same tempera- 
ture [49,53]. 

(b) The Particular Case of Rapid Thermal Gettering 

Despite its success in the microelectronics industry, rapid thermal processing 
(RTP) had to overcome a major difficulty for PV devices. RTP was revealed 
to be much more sensitive to contamination than were classical thermal treat- 
ments with slow cooling rates. In multicrystalline materials the higher con- 
centrations of impurities are in supersaturation during the high-temperature 
step, and in the presence of a large density of crystallographic defects, some of 
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them can be frozen into electrically active sites during the quenching step [54] 
which is inherently associated with the fast cooling rate of an RTP cycle. 

Fast-diffusing impurities (e.g. Co, Cu and Ni) generally have enough time 
to form electrically inactive precipitates, whereas the slower- diffusing im- 
purities (e.g. Mo, Ti, V, Cr and Fe) mostly remain interstitially dissolved, 
depending on the quenching speed, and introduce recombination centres. For 
this reason the second group of metals is harmful to the performance of solar 
cells at much lower concentrations than the first group [55]. 

It has been shown that rapid thermal gettering can be just as efficient in 
improving the bulk minority carrier lifetime as conventional gettering [56]. 
The precise mechanism which allows gettering of metallic impurities within 
seconds is not yet well established. Some suggestions can be found in [57], 
where rapid thermal diffusion of phosphorus from a spin-on deposited source 
was applied to gold-contaminated monocrystalline silicon. 

For mc-Si materials, simultaneous rapid thermal co-diffusion of phospho- 
rus and aluminium [58] is required. Only under this condition does the cu- 
mulative effect of both gettering mechanisms lead to an improved minor- 
ity diffusion length. The optimal process temperature depends on the mc-Si 
material, owing to the permanent competition between gettering and the 
quenching- induced formation of recombination centres; see also [59]. 



(c) Improvement by Passivation of the Material 

Besides the remarkable efforts in research on impurity gettering as described 
above, many kinds of hydrogen passivation techniques have been developed 
in order to neutralize the activity of dangling bonds and of residual metal- 
lic impurities. It has been shown, in particular, that passivation by atomic 
hydrogen is very effective in improving the performance of multicrystalline- 
silicon solar cells [60,61]. 

Hydrogenation can be performed by various techniques, including RF, 
remote-plasma and ion beam processes. These treatments need to be per- 
formed on the finished cells since the bonds of hydrogen with defects or 
impurities can be broken at temperatures above 400° C [62] , where hydrogen 
diffuses out of the wafer. 

Hydrogen passivation can be applied to the front side and/or to the back. 
However, for all techniques involving energetic beams [63], back-surface ir- 
radiation is preferred in order to avoid damaging the active part of the cell. 
The most effective hydrogenation procedure was performed by Kyocera [64] 
during silicon nitride deposition (by PECVD) and is now widely used in the 
industry in order to form the antireflective coating simultaneously. By this 
method the cell is encapsulated and passivation can be performed during a 
short-time high-temperature sintering of the screen-printed contacts, with an 
additional positive effect on the bulk diffusion length if aluminium is present 
on the back surface [65]. 
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(d) Role of Hydrogen in Amorphous Silicon 

It has been proved that atomic hydrogen is very effective in improving 
the transport properties of amorphous materials by saturating the dangling 
bonds, and similarly in most materials with a low degree of crystallization. 
The hydrogenation is generally done during plasma or CVD deposition pro- 
cesses. The stability of this passivation process depends mostly on the deposi- 
tion temperature. At 200° C, Si-H(n) bonds are formed, which are less stable 
than Si-H bonds formed close to 400° C [62] (for more details see Chap. 7, 
“Amorphous Hydrogenated Silicon”). 



5.4 Silicon Solar Cells 

5.4.1 Silicon Solar Cell Technology 
in Comparison with Other Technologies 

Silicon solar cell technology has now reached almost its theoretical effi- 
ciency limit with the development of the PERL, passivated emitter rear 
locally-diffused cell by Green at the University of New South Wales (see 
Fig. 5.11) [66]. The technology using amorphous material which started in 
the 1960s has now been overtaken by the newly developed CIS, Cu-In-Se 
compounds. The Si thin- film technology now has to improve its crystal qual- 
ity and efficiency. Organic cells, which have stability problems, still have a 
long way to go before industrial production. The new concepts which have 
been suggested to circumvent the thermodynamic efficiency limit of silicon 
cells are still lacking experimental confirmation (see Fig. 5.12) [67]. 




double layer 
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Fig. 5.11. Illustration of the best cell structure that can be formed on an FZ silicon 
substrate, confirming that silicon solar cell technology has now reached almost its 
efficiency limit with the development of the PERL cell by Green [66] 
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Fig. 5.12. Evolution of the laboratory conversion efficiencies for the three genera- 
tions of silicon solar cells: the first generation, represented by crystalline silicon; the 
second one, ranging from amorphous silicon, CIS compounds, which have rapidly 
surpassed a-Si, and silicon thin films to the more recent organic cells; and the third 
one, with new materials and new concepts which may improve the efficiency over 
the present limit [67] 



5.4.2 Multicrystalline Silicon Solar Cell Technology 

Many organizations have been involved in research and development on mul- 
ticrystalline silicon solar cells processed using one of the above-mentioned 
casting methods. The University of New South Wales [68] and Georgia 
Tech. [47, 52] were the first to successfully achieve high conversion efficiencies 
in 1 to 4 cm 2 laboratory-scale multicrystalline-silicon solar cells. 

The conversion efficiency of large, 100 cm 2 pre-manufacturable multi- 
crystalline-silicon solar cells has rapidly reached a maximum of 17.2% by 
use of a mechanically grooved front electrode [69], screen-printing technol- 
ogy [70] and selective emitters [71]. Moreover, on larger-area (225 cm 2 ) solar 
cells, efficiencies up to 16.7% [72] have been achieved. 

However, the industrial conversion efficiencies of 100 cm 2 cells in produc- 
tion are between 12.5 and 14.5% (see Fig. 5.13 [59]). For industrical cells in 
which SiN(H) has been introduced in production as an ant ir effective coating 
and as bulk and surface passivation, the efficiencies are closer to 16%. 

For rapid thermal processing with fast cooling, it has been shown that 
the efficiencies of multicrystalline-silicon solar cells can be of the same order 
as those obtained by classical thermal processes [73]. The highest value, of 
16.7% on a 25 cm 2 cell on Polix material from Photowatt, was obtained at 
the CNRS-PHASE Laboratory [74]. 
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Fig. 5.13. Evolution of the laboratory conversion efficiencies for multicrystalline- 
silicon solar cells from small laboratory cells to the current industrial cells [59] 



5.5 Conclusion 

The strategy of future research in industrial silicon solar cell technology has 
to be concentrated upon the fabrication of larger cells (more than the present 
15 x 15cm 2 ), cut from larger cast multicrystalline ingots or from continuous- 
pulling electromagnetic-casting materials. Oxygen, carbon and metallic im- 
purity concentrations need to be reduced and, consequently, bulk transport 
properties enhanced. Classical and rapid thermal gettering as well as hy- 
drogenation processes can still be improved, reducing the difference in the 
conversion efficiency between multi- and monocrystalline silicon cells. 

Solar cells have also to be made thinner (150 pm slices for the near future 
and down to 50 pm if possible) in order to reduce the silicon losses during 
ingot slicing from 40 to 20% and to remain competitive with the ribbon and 
thin- film technologies for another 50 years. 
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Part III 



Epitaxy, Films, and Porous Layers 




6 Films by Molecular-Beam Epitaxy 



I. Eisele, J. Schulze, E. Kasper 



6.1 Equipment Principles and Growth Mechanisms 

Epitaxial growth proceeds by the attachment of atoms on the correct posi- 
tions of a given lattice. The orientation and atomic spacings of the lattice 
are usually those predicted from a single-crystalline substrate with a clean 
surface. The attachment of atoms from the vapour phase typically follows 
a three-step scheme of adsorption, diffusion and incorporation into surface 
steps (Fig. 6.1). The adsorbed atoms, called adatoms, are in a precursor state 
for later incorporation into the lattice. The adsorption energy lT a d is lower 
than the binding energy VTb , usually 1/2 to 2/3 of Wb . 




Fig. 6.1. Basic steps in the growth of an epitaxial layer from the vapour phase 



But even when adsorbed, the adatom may escape by a later desorption 
step caused by thermal vibrations. A regular network of places on the surface 
is available for the adatoms. The adatoms jump rather easily from one of these 
places to another one; this is described as surface diffusion with an activation 
barrier. By a random walk, if they are not desorbed in the meantime the 
adatoms will reach a step nearby and become incorporated into the crystal 
(Fig. 6.2). 

The most common source of monatomic steps, with a step height ft, in 
silicon is the unintentional misorientation i of commercial wafers, with the 
angles i being typically between 0.1° and 0.5°. Even with nominally oriented 
substrates, terrace widths L of 15 nm to 75 nm are expected. 
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Fig. 6.2. Step growth by the attachment of diffusing adatoms. The distance be- 
tween steps (the terrace width L ) is given by the misorientation i of the substrate 
surface and the step height h 
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Fig. 6.3. Nucleation of adatoms. The size of the critical nucleus is dependent on 
supersaturation because of the dynamic equilibrium between decay and growth 
processes 



When all adatoms reach the already existing misorientation steps (in im- 
perfect substrates, dislocation steps also act in a similar manner) then the 
monatomic steps move laterally forward by adatom capture. This happens 
at higher temperatures; as a rough estimate one can consider temperatures 
above T m /2 (T m is the melting point, 1734 K for Si). At lower temperatures 
the slowly moving adatoms nucleate into two-dimensional islands (Fig. 6.3). 

A critical nucleus is defined by a size where growth by capture of adatoms 
is more probable than decay of the nucleus. With higher supersaturation the 
size of the critical nucleus becomes smaller, being two atoms under most 
MBE conditions. Fig. 6.4 compares both adatom capture mechanisms in the 
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Fig. 6.4. Side view of the basic two-dimensional growth mechanisms 
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Fig. 6.5. Basic scheme of MBE 



two-dimensional (van der Merwe) growth mode. The step flow mechanism 
is based on the lateral movement of pre-existing misorientation steps; the 
two-dimensional (2D) nucleation mechanism creates steps by a nucleation 
process. These nuclei annihilate after one monolayer so that 2D nucleation is 
a periodic process. 

The molecular-beam epitaxy (MBE) process is performed in a very clean 
ultrahigh vacuum (UHV) environment. Atomic or molecular beams of the 
necessary species are directed towards the heated substrate and grow into 
an epitaxial layer as depicted in the principal Figs. 6.1 to 6.5 before. The 
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Fig. 6.6. Technical implementation of a Si MBE apparatus 



molecular beams are created from heated source materials in effusion cells 
(Fig. 6.5). For highly refractory or reactive materials such as silicon, electron 
evaporators are used. Gas source MBE (GS-MBE) uses gaseous compounds 
(mainly compounds with hydrogen, or chlorine or organometallic compounds) 
directed by nozzles towards the substrate. Typical source materials contain 
the matrix elements Si, germanium (Ge) and carbon (C), and the dopant ele- 
ments boron (B), gallium (Ga), antimony (Sb) and phosphorus (P); but also 
metals (silicides) and insulators (CaF 2 and oxides) can be grown by MBE. 
The MBE system is always equipped with one or more pieces of sophisticated 
in situ monitoring equipment. 

In order to improve vacuum quality and to allow cluster processing, the 
growth chamber (Fig. 6.6) is connected to a storage chamber and a load lock, 
with additional options to cluster the chamber with analytical and processing 
equipment by a transfer system. 



6.2 Historical Development 

More than 35 years ago Unvala [1] and Hale [2] prepared and evaluated silicon 
epitaxial films grown in vacuum, in which they used some of the techniques 
now common in Si MBE. However, because of the insufficiently high vacuum 
conditions available at that time for such processes, this work may not strictly 
be considered to be the origin of Si MBE. In 1968, silicon was grown under 
typical conditions applicable to Si MBE, and Abbink et al. [3] grew epitaxial 
films with very smooth surfaces at temperatures of 800° C. 
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The significant details of Abbink et al.’s procedure include electron gun 
evaporation of the source material, beam modulation by a shutter, in situ 
monitoring of beam intensity and gas composition, and in situ cleaning of the 
substrate surface. Using a combination of in situ replication and transmission 
electron microscopy, they established an intrinsic 2D growth mode of clean 
silicon surfaces with fast-moving adatoms. These early investigations brought 
about an exciting amount of fundamental understanding of growth process 
on an atomic level [4-12]. 

Despite the excellent nature of the early work, it failed to have the nec- 
essary impact on silicon technology because of the lack of effective doping 
methods in vacuum deposition. The difficult problem of incorporating for- 
eign atoms in a perfect silicon matrix is now understood, but for the early 
investigators a lack of understanding of the doping incorporation prevented 
useful practical application. 

Heavy surface segregation of dopant atoms has been investigated since 
about 1975 and has been overcome by a variety of doping techniques. The 
first successful tests of MBE layers in integrated circuit (IC) fabrication [13] 
followed in 1985. For an overview and a bibliography of the relevant contri- 
butions up to 1985, see the first book on Si MBE [14]. 

MBE stimulated strongly the research on silicon-based heterostructures, 
both with insulators (e.g. CaF 2 ) and metals (e.g. silicides) and with other 
semiconductors (e.g. SiGe/Si). The latter heterostructure is now in common 
use for SiGe heterobipolar transistors (HBTs) in high-frequency circuits and 
will soon have broad utilization in “strained silicon MOSFETs” with sub- 
90 nm gate lengths. 

Early attempts at vacuum evaporation of Si/Ge started at the end of the 
1960s and culminated in 1975-1979 with a basic understanding of critical 
thicknesses and the formation of SiGe superlattices by Kasper [15,16]. 

The reduction of growth temperatures to 550° C by Bean et al. [17] al- 
lowed higher critical thicknesses and started the second wave of strained-layer 
epitaxy on silicon. 



6.3 Stability of Strained Heterostructures 

The lattice constant of SiGe is slightly larger than that of Si. For a rough 
overview, the lattice mismatch / of an alloy can be linearly interpolated 
(Vegard’s law) between the two parent materials: 

/ = af - ~ — = 0.042 X, (6.1) 

Q s 

where af and a s are the lattice constants of the film and substrate, respec- 
tively, and X is the Ge content of the alloy. 

For more exact calculations, a small parabolic deviation has to be con- 
sidered. Recent investigations [18] on epitaxial material confirmed the old 
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measurements on bulk crystals [19]. The structural and morphological sta- 
bility of lattice-mismatched heterostructures is rather complex and covers 
both extremes, instability and perfect stability. For device processing, a ba- 
sic insight into the fundamental mechanisms of mismatch accommodation is 
necessary. Nature gives several answers to lattice mismatch. In the case of 
SiGe on Si they are a strained film, strain relaxation by misfit dislocations, 
surface undulations and cracking. Cracking happens only during cooling down 
of thick Ge films and need not be considered for most devices. To simplify 
the picture we first treat the equilibrium answer and then discuss the kinetic 
limitations imposed by the low growth temperatures and by processing of 
multilayer device structures. 



6.3.1 Critical Thickness of Strained Layers 

Up to a critical thickness t c the layer is strained; this means that every atomic 
row in the substrate is continued across the interface. This low-t hickness 
regime is completely stable. The reason is given by the energy balance, favour- 
ing strain in a small volume instead of creating possible atomic defect struc- 
tures such as misfit dislocations. Misfit dislocations are line defects where 
atomic rows are not continued across the interface. A misfit dislocation is 
characterized by its line vector l and its Burgers vector 6, which defines the 
inhomogeneous strain field around the dislocation. The glide plane given by 
the vectors l and b allows easy movement of the dislocation. In diamond lat- 
tices the glide plane is the densely packed (111) plane. Dislocations cannot 
end in the material; they either are closed or end at surfaces. 

The equilibrium critical thickness may be calculated rather easily from 
basic dislocation theory when - the reader should keep this in mind - the 
film is assumed to be flat. The differences in published numerical values are 
caused by differing assumptions about the dislocation core and the range of 
the inhomogeneous strain [20] . The calculated equilibrium thickness t crn (the 
index “m” refers to van der Merwe and to Matthews and Blakeslee, who 
pioneered this kind of equilibrium calculation) is rather small, e.g. 6 nm for 
a 25% SiGe alloy (/ ^ 0.01): 

/ = 5.78 x 10- 2 In . (6.2) 

The magnitude b of the Burgers vector is 0.384 nm in Si. 

The concept of the equilibrium critical thickness in the simple form given 
is only meaningful for low lattice mismatches. At higher mismatch values the 
film strain is reduced by surface corrugations, which cause a conversion from 
the flat van der Merwe growth mode to direct island growth (Volmer- Weber 
mode) or island growth on a thin wetting layer (Stranski-Krastanov mode); 
for example, Ge on Si builds a wetting layer only about 0.5 nm thick, on which 
nucleation of islands takes place. When the islands grow larger, then misfit 
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Fig. 6.7. Nucleation of dislocation half-loops (NS) and movement to the interface, 
creating segments M and T 



dislocations are generated additionally. The generation of at least the first 
dislocations is assumed to be from surface nucleation sites (NS), which are 
either small imperfections or surface steps (Fig. 6.7). Under the strain force, 
dislocation half-loops move to the interface, creating a straight misfit dislo- 
cation segment (M) and two threading dislocation arms (T) connecting the 
misfit dislocation with the surface. A misfit dislocation network, when placed 
below an active device, could be the ultimate near-device getter, but the 
threading dislocations cause electronic problems with this kind of material. 



6.3.2 Metastable Pseudomorphic Growth 

The growth temperature of SiGe is strongly reduced (typically 450°C-750°C) 
compared with Si epitaxy. Surface atom migration and dislocation nucleation 
are kinetically suppressed. Flat, strained layers (pseudomorphic structure) 
are obtained under metastable growth conditions to much higher thicknesses 
and higher mismatch values than at equilibrium. In Fig. 6.8, the critical 
thicknesses at equilibrium (lower line) and those obtained at low growth 
temperatures (MBE, 550° C) are compared. 




Fig. 6.8. Critical thickness t c as function of the Ge content x. The stable region 
(6.2) and metastable region (6.3) are strained. The relaxed region contains misfit 
dislocations 
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The metastable critical thickness t c b (the index “b” refers to People and 
Bean, who discovered the large amount of metastability and published a fit 
relation in 1984) is roughly given by 

With growth temperatures below 550° C, even higher critical thicknesses 
can be obtained (ultrametastability). 

6.3.3 Processing and Annealing of Device Structures 

Strained layers with thicknesses below the equilibrium critical thickness t cm 
are inherently stable. But metastable layers also turned out to be stable 
against heat treatments considerably higher than their growth temperature. 
The main reason is the silicon cap on top of the SiGe structure, which is 
grown either for functional purposes (HBT emitter) or to facilitate processing 
steps (oxidation and resist coverage). The equilibrium critical thickness is 
doubled by the cap, but the kinetic limitation is even stronger, as one can 
easily understand that, starting from a surface nucleation site, the dislocation 
half-loops are not forced to move through the unstrained cap. Processing of 
strained SiGe up to 850° C has been successfully demonstrated. 

For processing with a low thermal budget, transient enhanced diffusion 
(TED) is gaining in importance, and this is nothing specific to heterostruc- 
tures. But in heterostructures, the role of carbon doping in the suppression 
of boron diffusion [21] has been emphasized. Interstitials react with substi- 
tutional carbon and thereby avoid enhanced interstitialcy-driven boron dif- 
fusion - sharp, extremely highly doped regions are possible [22]. 



6.4 Dopant Distribution in Films Grown 
by Silicon MBE 

6.4.1 The Doping Problem 

Conceptually, and in practice, the easiest way to dope films during physical 
vapour deposition is co-evaporation, i.e. the dopant atoms are deposited to- 
gether with the matrix atoms. In principle this allows almost arbitrary dopant 
concentration profiles. However, this is not true for Si MBE, because at typi- 
cal growth temperatures > 400° C dopant incorporation is governed by severe 
surface segregation and low incorporation probabilities at the growing sur- 
face (Fig. 6.9). This well-known phenomenon leads to significantly broadened 
doping profiles and causes a severe “Si doping problem” [23-25] . 

The tendency of a dopant to segregate is characterized by a segregation 
coefficient r, which basically denotes the ratio between the deposited and the 
actual areal density of one monolayer [26]. 
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Fig. 6.9. Schematic diagram of the growing surface during Si MBE 



As can be seen from Fig. 6.10, segregation can be reduced significantly 
by lowering the growth temperature. In addition, a decreasing flux of the im- 
pinging Si atoms lowers the transition temperature between thermodynamic 
equilibrium and the kinetically limited segregation regime [27]. 




Fig. 6.10. Segregation coefficient r as a function of growth temperature for Sb 
doping. The squares correspond to experimental results from [27] for a growth rate 
of 0.3nm/s; the triangles are experimental data from [28] for 0.02 nm/s 



However, arbitrarily lowering the growth temperature is not possible be- 
cause there exists a “critical temperature” which separates the epitaxial, 
single-crystalline regime from the amorphous growth regime [29]. 

This model has been extended by Eaglesham [30] . For decreasing growth 
temperatures, he found a decreasing critical thickness £ ep i for which single- 
crystalline growth is still possible. Above this thickness value, amorphous 
growth takes place. £ ep i decreases exponentially with temperature (see 
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Fig. 6.11. Critical epi thickness for (100) Si at a growth rate of 0.07 nm/s as a 
function of growth temperature. The activation energy is indicated [26] 
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Fig. 6.12. Mean positron lifetime of MBE layers grown at various temperatures 
with a growth rate of 0.1 nm/s 



Fig. 6.11). Increasing the growth rate also decreases the critical epi thick- 
ness. The transition between crystalline and amorphous growth is explained 
by an increasing surface roughness due to local nucleation. 

For device applications, additional investigations regarding the defect den- 
sity of single-crystal layers are of importance. With decreasing temperature, 
the surface diffusion of impinging atoms also decreases and eventually not 
all lattice sites are occupied, resulting in an increased concentration of point 
defects. This effect has to be avoided because these point defects can enhance 
diffusion effects and thus broaden the doping profiles. In addition, they act 
as recombination centres degrading the electrical device characteristics. Us- 
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ing positron annihilation spectroscopy, the resulting point defect density can 
be determined from the mean positron lifetime [31,32]. An increased lifetime 
can be corelated with an increased point defect density. A typical example for 
800 nm thick MBE layers grown at various temperatures is shown in Fig. 6.12. 

Below 475° C the enhanced lifetime is caused by an increased point de- 
fect density, whereas above this temperature the values correspond to the 
bulk values of a Si substrate and prove perfect crystalline quality. It also 
has been shown that the temperature for perfect growth can be lowered if 
intermediate annealing steps at temperatures above 500° C are carried out. 
For the fabrication of abrupt doping profiles and 5-type profiles, therefore, 
either low-temperature epitaxial growth or amorphous growth followed by 
annealing steps for recrystallization (solid phase epitaxy) can be used. 

6.4.2 Abrupt and 5-Type Doping Profiles 

5-type doping profiles in silicon were fabricated for the first time by the solid 
phase epitaxy approach in 1987 by Zeindl et al. [33]. An areal dopant density 
of Sb was deposited on a Si surface at room temperature and, after growing 
a 3nm thick amorphous cap layer of Si, recrystallization at 700° C was car- 
ried out. By this procedure, doping concentrations up to 2 x 10 14 cm -2 were 
confined within about 1-2 nm. 5-layers have been investigated by numerous 
analytical techniques [26,34]. As an example, a high-resolution TEM (trans- 
mission electron microscopy) picture of Sb deltas is presented in Fig. 6.13. 

Besides Sb, 5-layers of P [25], Ga [35] and B [36] were reported in the 
following years and numerous publications followed. For a review, see [26,34]. 

Low-temperature MBE of silicon and solid phase epitaxy turned out also 
to be the key to the fabrication of abrupt and nearly arbitrary doping pro- 
files. In addition, secondary silicon ions, which are always present if silicon 
is evaporated by an e-gun, can be used in order to achieve well-defined dop- 
ing profiles. If these ions are accelerated towards the substrate, they cause 
knock-on effects and the doping atoms are pushed into the bulk, thus reduc- 
ing segregation effects [37]. Using one of these techniques or a combination 
of them, unsurpassed square profiles with a steepness of only a few nm per 
decade can be achieved by MBE. 

Regarding the electronic properties of a 5-layer, it is of particular in- 
terest that the electronic levels form a set of two-dimensional subbands 
in a V-shaped potential. By solving self-consistently the one-dimensional 
Schrodinger equation for motion perpendicular to the surface and Poisson’s 
equation in order to obtain the electrostatic potential, the energy diagram 
in Fig. 6.14 can be obtained. The energy separation between the subbands 
depends on the 5-doping concentration and can be as large as 150 meV. This 
means that inter-subband transitions and resonant tunneling effects can be 
considered for device applications. 
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Fig. 6.13. Transmission electron micrograph of 15 Sb (5-layers spaced by 50 nm [38] 




Fig. 6.14. Quantized energy levels, Fermi level Ef and electron charge distribution 
of the subbands for a (5-layer with 2 x 10 13 cm -2 Sb atoms [39] 



6.5 Semiconductor Device Research 

MOS field effect transistors (MOSFETs) along with bipolar transistors, 
are the most popular devices in the commercial electronics market. While 
MOSFETs are more common in high-density circuits, bipolar transistors en- 
able high-speed circuits because of their high transconductance. It therefore 
is obvious that MBE device activities should primarily be devoted to the 
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improvement of these devices. Another interesting topic is the optoelectronic 
behaviour of silicon-based devices. 

6.5.1 Heteroj unction Bipolar Transistors 

The continuously variable energy gap of the SiGe system [40] allows one to 
optimize the various demands on bipolar transistors such as high current gain 
and high Early voltage. 

The properties of Si/Sii-^Ge^/Si heteroj unction bipolar transistors 
(HBTs) with a strained Sii_ x Ge x base grown on (100) Si substrates were 
first reported in 1988 by Tatsumi et al. [41]. Several publications by vari- 
ous groups followed during the same year (for a review see [42]). The lower 
band gap in the base allows a better current gain of the HBT because of 
the increased collector current Iq as compared with a homoj unction device 
(bipolar junction transistor, BJT). For a uniform Ge fraction in the base, the 
current enhancement can be approximated by 

^C,HBT / ^C,BJT OC e AW ^ kT (6.4) 

where AW is the band gap reduction in the base. 

In addition, a graded Sii-^Ge^ profile according to Fig. 6.15 produces an 
additional electric field, which enhances the injection of electrons from the 
emitter into the collector, leading to shorter transit times and thus higher 
cut-off frequencies. 




Fig. 6.15. Schematic illustration of (a) graded Ge concentration, and (b) band 
diagram of a heteroj unction bipolar transistor [44] 
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Fig. 6.16. Graded-Ge SiGe:C HBT [45] 



As SiGe HBT base profiles become aggressively scaled to meet high per- 
formance requirements, the out-diffusion of B has become a severe problem. 
The addition of carbon to the B-doped regions of the base and slightly outside 
of this region on either side of the base (Fig. 6.16; see Chap. 8) can reduce 
this effect significantly, providing a narrower base region and thus even higher 
frequencies. 

Despite the fact that most of the devices nowadays are fabricated with 
CVD techniques for production, most of the important issues have been in- 
vestigated with MBE. As a result, from 1994 to today the maximum re- 
ported unity-current-gain cut-off frequency /t has increased from 113 GHz 
to 170 GHz, and / max has increased from 90 GHz to 350 GHz [43]. 

6.5.2 SiGe MOSFETs and MODFETs 

One way to improve the electron and hole mobilities in a Si or SiGe channel 
is to stretch the lattice in order to achieve stress-induced valley splitting of 
the subband systems [46]. 

Owing to the fact that the hole mobility in silicon is smaller than the 
electron mobility, an NMOSFET always is faster than the complementary 
PMOSFET. From this one can deduce that the maximum speed of a CMOS 
inverter structure is limited by the PMOSFET. The idea behind one type of 
SiGe MOSFET is therefore to increase the hole mobility in a p-type channel. 
This can be achieved if the charge carriers are confined within a pseudo- 
morphically strained Sii-^Ge^ channel, which can be grown by MBE. This 
offers the possibility to create faster CMOS inverters without changing the 
technology node. 

However, the concept suffers from the problem that it is impossible to 
establish a high-quality gate oxide, which is needed for good high-frequency 
performance. The only known appropriate gate insulator material so far is 
Si02 thermally grown at temperatures above 750° C. But a high thermal 
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budget induces stress relaxation by introducing dislocations (lattice damage), 
causing a breakdown of the mobility improvement. Furthermore, Si and Ge 
start to interdiffuse, causing a smear-out of the multilayer heterostructure 
composition. This problem is solved by using a Si cap layer of a few nm 
which then can be oxidized by a low-temperature oxide. 

For a SiGe NMOSFET, a strained Si channel has to be grown on a 
fully relaxed Sii_ x Ge x alloy. In Fig. 6.17, the classical channel structure is 
shown [47]. The source, channel and drain of a SiGe MOSFET are arranged 
in the same way as in a classical MOSFET. 
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Fig. 6.17. Schematic view of a SiGe MOSFET channel, rotated by 90° clockwise 



To introduce the mechanical stress into the Si channel, a graded SiGe 
buffer is grown by means of MBE on a Si substrate, with a final relaxed, 
doped SiGe top layer with a constant Ge mole fraction used as a SiGe 
pseudo-substrate. On this pseudo-substrate, the doped, strained Si channel is 
deposited, also by means of MBE. For all further fabrication steps, standard 
lateral MOSFET technology is used. 

In Fig. 6.18, the classical channel structure of an n-type SiGe MODFET 
is shown. The source, channel and drain of a SiGe MODFET are arranged 
in the same way as in a classical MOSFET. 




Fig. 6.18. Schematic view of a SiGe-based MODFET, channel rotated by 90° 
clockwise 



With the gate electrode, one can control the electron concentration (do- 
nated by the n _ -type-doped SiGe layer) in the pseudomorphically stretched 
intrinsic Si layer with a thickness of a few nm. Owing to the lattice mismatch 
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between the Sii-^Ge^ layers and the Si layer, a mechanical stress is always 
present in the channel. 

The electron mobility in this channel is much higher than the electron mo- 
bility in the inversion layer of a classical Si MOSFET on the Si channel/gate 
oxide interface. The reasons for this are: (1) Owing to the tensile stress, 
the intrinsic Si layer is Sii-^Ge^-like (in general, the mobility in Sii-xGe^ 
is higher than in pure Si), (2) no electron scattering on ionized scattering 
centres (ionized acceptors or donors) occurs, and (3) no electron interface 
scattering occurs. 

For SiGe-based MODFETs, the fabrication of the MOS gate stack is also 
extremely difficult owing to the fact that Ge does not form a stable ther- 
mal oxide. It is hoped that the ongoing development of so-called “high-/c” 
dielectrics deposited by means of low-temperature LPCVD or ALD will yield 
solutions to this problem. 

6.5.3 Vertical MOSFET Structures 

As mentioned above, the main advantage of using MBE is the possible fabri- 
cation of ultra-sharp ^-profiles and the thickness control on an atomic scale 
of the deposited Si or SiGe films. This was the main reason why many re- 
searchers worldwide have used this technique to fabricate vertical devices with 
nanometre dimensions, independent of the advanced lithography method. 

In 1993, for the first time, a fully MBE-fabricated vertical MOS device 
was presented. This new device concept was developed by Gossner et al. and 
was called a “planar-doped-barrier MOSFET” (PDBFET) [48]. In Fig. 6.19, 
the schematic structure of a PDBFET is shown. 

The whole channel doping concentration is confined in a very sharp 5- 
doping profile. After all process steps, the effective 5-t hickness is in the 
range of 6nm (the as-grown thickness amounts to approximately 3nm). 




Fig. 6.19. Schematic structure of a vertical planar-doped-barrier MOSFET 
(PDBFET) 
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This ^-doping structure is flanked by lightly doped source and drain exten- 
sions (LDDs) and by the highly doped source and drain regions themselves. 
The doping concentrations inside the LDDs and inside the source and drain 
amount to 1 x 10 16 cm -3 and 5 x 10 19 cm -3 , respectively. In their work, the au- 
thors of [48] investigated mainly the influence of LDD length and of (5-doping 
concentration. 

From the graphs in Fig. 6.20 one can see that the drain-induced barrier 
lowering (DIBL) depends strongly on the (5-doping concentration. With a 
shorter distance between the source and drain, a higher (5-doping is neces- 
sary for a successful suppression of the DIBL. Here one well-known problem 
arises: with increasing (5-doping for DIBL suppression, one will lose Up control 
because higher (5-doping causes a higher threshold voltage. 
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Fig. 6.20. Transfer characteristics of a PDBFET with a distance of 120 nm (left) 
and 30 nm (right) between source and drain. In both transistors the position of the 
(5-doping is symmetric and all doping levels are nearly equal [49] 



At this point one retrospective remark should be made: at the panel dis- 
cussion of the International Electron Devices Meeting (IEDM) 2001, the fea- 
sibility of a 10 nm bulk Si MOSFET was discussed and contradictions were 
apparent. Unfortunately, Gossner et al. incorrectly identified the distance be- 
tween the source and drain as the channel length of their devices. However, 
the true channel length is given by the effective (5-t hickness. Therefore, one 
can state that a positive answer to this question was given in 1993. 

One major disadvantage of all vertical device structures fabricated by 
means of MBE is the fact that the gate structure cannot be fabricated so that 
it is self-aligned with the source and drain. Therefore a vertical MOSFET is 
heavily loaded with parasitic overlap capacitances. This is the reason why 
high-speed electronics for logic applications with high clocking frequencies 
are still realized with lateral MOSFET technology. 

Therefore, in MBE research for manufacturing of vertical devices, one 
focus was placed on vertical device structures for power electronics, where 
parasitic overlap capacities are not a “killing argument” . 
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A vertical power MOSFET is characterized by a lightly doped (or un- 
doped) drift zone between the channel region and the drain acting as a 
bleeder. The breakdown voltage in the off-state of the power transistor is 
defined by the length of this drift zone (several microns). Two main contri- 
butions to the on-state resistance i^oN - which determines the power losses 
during operation - can be identified: (1) the channel region, and (2) the drift 
zone. Fink showed that the series resistance of the channel region can be more 
effectively reduced if the PDBFET concept is used instead of vertical power 
concepts with homogeneously doped channel regions [50]. From Fig. 6.21, 
one can clearly see that for identical gate voltages the on-current between 
the source and drain increases significantly for a power PDBFET. 




Fig. 6.21. Output characteristics of a vertical power PDBFET ( squares ) com- 
pared with vertical power MOSFET with a homogeneously doped channel region 
( triangles ) with identical channel length. Vg — Ur = 1 , 2, 3 V [50] 



6.6 Selected Research Highlights 

6.6.1 Cascade Laser 

Quantum cascade (QC) structures offer a viable method for the fabrication of 
Si-based lasers, because these devices rely on intersubband transitions only. 
These are so-called direct transitions, with a high quantum efficiency for the 
generation of light as compared with the indirect transitions between the 
conduction and valence bands. Using Si/SiGe quantum wells, the energetic 
subband splitting allows - depending on composition - a wavelength regime 
between 3 and 300 pm. In order to achieve a high efficiency, multiple quantum 
wells in the injector and collector regions with a fully developed miniband 
structure are grown by MBE. A schematic drawing of the calculated va- 
lence band structure for a strain-compensated QC superlattice is depicted in 
Fig. 6.22 [51]. 
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Fig. 6.22. Valence band edge of Si/SiGe quantum cascade structure 



Besides interband photoluminescence measurements, the electrolumines- 
cence has also been investigated. Pronounced peaks at 80 K have been ob- 
served at an energy of 176 meV, which agrees reasonably well with the ex- 
pected value. These results are one important step towards a Si/SiGe-based 
laser. 



6.6.2 Resurf Structures 

If the channel length of a power MOSFET is small compared with its drift 
zone, and if the drift zone length itself is several tens of microns, then the se- 
ries resistance of the drift zone is the dominant part of the total on-resistance 
i?ON, which should be as low as possible. On the other hand, in the off-state 
the drift zone determines the breakdown voltage. The highest breakdown 
voltages can be achieved if the drift zone is ideally intrinsic, i.e. Roff must 
be as high as possible. One way out of this dilemma is a dynamic resistance, 
which can be realized by so-called resurf (reduced surface field) structures. 

One possible lateral multi-resurf structure is the well-known N(SniSpi) 
structure fabricated by means of MBE [52-54]. As shown in Fig. 6.23, the 
base (£ni£pi) structure is an alternating layer sequence with an n-type 5- 
doping followed by an undoped (intrinsic) layer, a p-type ^-doping, and again 
an intrinsic layer. N gives the number of repetitions of (Jni^pi). 

As shown by Dohler in 1982, such N(Sm8pi) structures can be designed to 
be fully compensated [55] . This means that all acceptors and all donors in the 
structure are ionized (the donor electrons occupy the acceptor states) and the 
number of free electrons and holes is given only by the intrinsic carrier con- 
centration of Si, i.e. a well-designed N(SniSpi) structure acts like intrinsic Si. 
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Fig. 6.23. Schematic structure of a lateral power MOSFET with a multi-resurf 
structure used as a drift zone (top); this multi-resurf structure can be designed as a 
(£ni£pi) structure (bottom right); SIMS profile of the p-type doping in this (^ni^pi) 
structure (buttom left) [52-54] 



This explains why N(5m5pi) structures are interesting for high-power 
electronics. In the off-state of the transistor, the N(SniSpi) drift zone is fully 
compensated and behaves like intrinsic Si. In this case the breakdown voltage 
is determined only by the drift zone length and the critical electrical field for 
breakdown of intrinsic Si. In the on-state, electrons coming from the source 
are injected into the drift zone and flow to the drain in the highly n-type 
doped layers of the TV^ni^pi) drift zone with a small series resistance. 

6.6.3 Self-Organization and Ordering 

One of the major topics in Si and SiGe MBE research is the investigation 
of self-organized growth and ordering phenomena. This provides a possible 
alternative method for implementing optoelectronic and nanoelectronic ap- 
plications without the drawback of using advanced lithography, thus avoiding 
process-induced damage. The potential device applications of self-organized 
nanostructures can be found in review papers [56,57]. In the following sub- 
sections, prominent areas of this research will be presented. 
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Self-Organization of Si and SiGe 
by Micro- Shadow Mask Technique 

The micro-shadow mask technique for self-organized Si growth was first pub- 
lished in 1993 by Hammerl and Eisele [58]. Two years later, Brunner et al. 
discussed self-organized SiGe growth [59]. Self-organized growth by using 
micro-shadow masks is a unique molecular-beam epitaxy technique. Initially, 
self-organized growth of Si and SiGe stripes was under investigation (see 
Fig. 6.24). 




Fig. 6.24. SEM micrograph of locally grown and cleaved Si mesa stripes (left) and 
cross-sectional TEM micrograph of a locally grown Si mesa structure with {111} 
facetted mesa side- walls (right) [58] 



Self-organized growth as a function of deposition temperature, growth 
rate, mask aperture and mask alignment has been investigated. Gossner et 
al., for instance, investigated the self-organized formation of Si pyramids with 
four {111} faceted side- walls on a Si (100) substrate as a function of mask 
alignment with respect to the substrate [60]. They showed that only in an 
initial growth stage do the Si mesa islands correspond to the mask shape and 
alignment. If growth continues, the influence of the mask is negligible and 
pyramidal structures of identical size and shape are formed (see Fig. 6.25). 

These results could be explained by a model which is based on the ex- 
perimental fact that the {111} Si facet is one of the most stable Si facets. 
In terms of energy, this means that the surface free-energy function has a 
minimum for the {111} facet and the driving force for self-organized growth 
is the reduction of the total surface free energy [61]. 

Germanium Quantum Dots on Silicon 

In the long list of publications on Si and SiGe MBE research, the formation 
of Ge quantum dots - also known as “hut-clusters” - has a leading position. 
For self-organized Ge dots on Si (100) substrates, one of the main advantages 
is compatibility with the present Si ULSI technology. 
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Fig. 6.25. SEM micrographs of Si mesa structures grown by MBE with micro- 
shadow masks, in growth states after 10 and 90 min. The mask alignment with 
respect to the crystallographic orientation and the shape of the mask aperture are 
indicated. The mask opening was 250 nm and the growth temperature was kept 
constant at 500° C [60] 



The strain caused by the 4.2% difference in the lattice parameters of Si 
and Ge can lead to island formation in the Stranski-Krastanov mode [62]. 
However, owing to the random process of island nucleation, the self-assembly 
technique suffers from broad distributions in both size and position [63]. In 
recent years it has been shown that, starting from a single layer with inho- 
mogeneous islands, one can greatly improve the size homogeneity by growing 
several multilayer structures, i.e. structures in which the layers containing Ge 
islands are separated by Si spacer layers. In this case the islands in the upper 
layers grow on top of the buried islands, giving rise to a vertical correlation 
between islands along the growth direction. A cross-sectional TEM image 
of a sample with 10 Ge layers (nominally 4 monolayers thick) separated by 
22 nm Si spacers is shown in Fig. 6.26 [65]. The image clearly shows that each 
island in the upper layers grows on top of the islands in the lower layers. 

Besides the size homogeneity, the spatial distribution of the dots is im- 
portant if one wishes to exploit dot arrays for computational and signal- 
processing applications, for example, quantum-dot cellular automata [66]. 
One of the most interesting approaches for the arrangement of self-organized 
Ge dots is to use selective epitaxial growth (SEG) of Si mesas (prepared by 
micro-shadow mask technique) as templates for subsequent Ge growth. 

As can be seen from Fig. 6.27, one-dimensional dot arrays have been 
grown by MBE on the ridges of Si mesas [67]. The average spacing may 
be attributed to the balance between the strain energy of the dots and the 
repulsive interactions of neighbouring dots through the substrate. 
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Fig. 6.26. Cross-sectional TEM image taken along the [Oil] azimuth of a sample 
containing 10 Ge/Si bilayers [65] 



<b> * 




Fig. 6.27. Self-aligned one-dimensional array of Ge dots (10 monolayers Ge) on 
the rigde of a Si mesa stripe oriented in the (110) direction: (a) 3D AFM image, 
and (b) 2D image of the sample as seen from the top [67] 



Self-Organization of Boron on Silicon 

To reach the ideal case of a 5-layer with a thickness of just one atomic layer, 
Zotov et al. [68] and Baumgartner et al. [69] proposed the use of the “ordered 
5-doping technique”, i.e., the formation of surface phases with doping atoms 
ordered periodically in a 2D plane. 

Surface phases on Si represent 2D superlattices on top of a Si substrate. 
Many adsorbate materials and their surface phases on different Si orientations 
have been examined and studied in recent years [70]. Regarding B, which is 
one of the important doping materials, the most interesting surface phase 
is the T4~v / 3 x V3-I130 o -B surface phase (T 4 -BSP) on top of a Si (111) 
substrate [71,72,74,75]. By MBE techniques, B is deposited onto the Si 
surface at a substrate temperature near 600° C with a deposition of 1/3 ML 
(1/3 monolayer = 2.6 x 10 14 B atoms per cm 2 ). In this phase one B atom 
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Fig. 6.28. B atoms ( light circles ) on top of a Si (111) surface ( dark circles). Each B 
atom saturates three Si top-layer atoms of the Si (111) double layer. The primitive 
cell of the 2D Si surface lattice (vectors a and b) and the primitive cell of the 
T4-BSP with an area of A = 0.383 nm 2 , are also shown (vectors a p = \/3 a and 
bp = \/3b). The B density in the surface phase 2.6 x 10 14 cm -2 =1/3 ML 



resides in a T 4 site atop the Si (111) plane saturating three Si dangling bonds 
(see Fig. 6.28) [72]. 

STM studies by Stimpel et al. (see Fig. 6.29) show a three-step formation 
process for the T 4 -BSP, with a 7 x 7 reconstructed Si (111) surface as the 
starting point [76]. 

In the first step the B atoms, deposited at a temperature near 600° C, start 
to substitute for the Si top atoms in the subunits of the 7x7 reconstruction. 
After replacement of around 50% of all Si top atoms of one 7x7 unit cell by B, 




Fig. 6.29. (a) B atoms ( light circles in the schematic picture) substitute for Si 
top atoms in the subunits of the 7x7 reconstructed Si (111) surface (STM image: 
A = 17 x 17pm 2 ); (b) breakdown of the 7x7 reconstruction: Si and B atoms 
together form a T 4 -V 3 x >/3-R30 o reconstruction (STM image: A = 17 x 17 nm 2 ); 
(c) a complete T4-BSP is formed (STM image: A — 17 x 17nm 2 ) 
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the 7x7 reconstruction breaks down, and together the Si and B atoms form 
a T 4 ->/3 x \/3-El30 o reconstruction (second step). A further B deposition 
leads to the displacement of the remaining Si atoms m the T' 4 ~\/3 x \/3- 
R30° reconstruction (third step), and after the deposition of 1/3 ML of B a 
complete T 4 -BSP is formed. 

Further STM studies revealed that the T 4 -BSP is stable for a temper- 
ature stress range < 825° C. At higher temperatures the boron atoms start 
to diffuse by two-step diffusion via the S 5 crystal lattice positions into the 
silicon substrate. 

It is interesting to note that the T 4 -BSP and also the T 4 -SiSP in combi- 
nation with the S 5 -BSP can cause self-organized growth. The fully passivated 
surface allows a large surface diffusion length, which leads to nucleation of 
impinging atoms and thus to nanodots. Schulze et al. observed self-organized 
MBE growth of triangular pyramidal {113} faceted germanium quantum dots 
at 400° C on the T 4 -BSP. The dots are uniform in mechanical stress and size, 
and aligned in parallel chains (see Fig. 6.30) [64,77]. 




Fig. 6.30. Ge quantum dots on the T4-BSP on (111) Si: AFM picture (A — 
15 x 15 pm 2 ) (left) and contour lines (A = 0.7 x 0.7pm 2 ) (right) 



6.7 Conclusion 

During the past decades, Si MBE has been an extremely valuable tool for 
the investigation of novel layer structures with thickness control on an atomic 
scale. The successful growth of abrupt and (5-type doping profiles and of SiGe 
heterostructures has contributed significantly to the understanding of new 
materials and devices for microelectronics. The ongoing research activities 
are directed towards self-limiting and self-organizing processes which will be 
necessary in order to fulfil the requirements set out in the ITRS roadmap for 
scaling devices to nanometer dimensions. 
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7.1 Introduction 

The research in the field of amorphous semiconductors, from the very begin- 
ning, has been driven by both the scientific interest in basic aspects of disorder 
in the properties of solids and technological applications. In the early years 
chalcogenide glasses were at the center of the interest owing to thin-film appli- 
cations in imaging, xerography, memory and switching devices. At that time 
amorphous silicon and amorphous germanium, a-Si and a-Ge, were of more 
academic scientific interest. As simple elemental tetrahedrally bonded amor- 
phous semiconductors, they served as model systems in which the disorder 
was less complicated, being defined not by chemical composition but by the 
structural disorder only. These amorphous semiconductors were prepared as 
thin films, about 0.1-1 pm thick, on glass or quartz substrates by a variety of 
methods such as thermal or e-gun evaporation, sputtering, ion bombardment 
and electrolysis. The simplest model for the structure of tetrahedrally bonded 
semiconductors is the continuous random network (CRN) structure in which 
the average coordination number is close to 4. Fluctuations in the bond an- 
gles and nearest-neighbor distances lead to a loss of long-range order even in 
the second-neighbor shell. This loss of long-range order is the characteristic 
structural feature of amorphous semiconductors. As a result, important theo- 
retical concepts which are based on periodicity (Bloch’s principle) fail, such as 
band structure, k-ve ctor, Bloch states, effective masses and optical selection 
rules. The optical spectra of amorphous semiconductors appear to be more 
or less broadened versions of their crystalline counterparts, which shows that 
the density-of-states distribution is the decisive quantity; this is largely deter- 
mined by the nature and structure of the chemical bonding. Perhaps the most 
obvious effect of disorder is the localization of electronic states, in particular 
near the band edges, which strongly affects the transport properties. 

In the 1960s the major challenge consisted in understanding the role of 
disorder and in developing new theoretical concepts. However, the early forms 
of amorphous silicon had unacceptable electronic properties due to large de- 
fect densities, which caused high densities of states in the energy gap, which 
pinned the Fermi level. The only defect that has been identified microscop- 
ically by electron spin resonance is the Si dangling bond (Si-db), which is 
present in an amount of some 10 19 cm -3 in evaporated or sputtered material. 
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Si dangling bonds form deep gap states, which act as effective centers for 
nonradiative recombination. The conductivity in this kind of amorphous sil- 
icon was very low and, below room temperature, was in general determined 
by hopping transport between localized gap states. Owing to the effective 
pinning of the Fermi level in a high density of gap states, the conductivity 
could not be varied by doping, illumination or carrier injection. Such material 
properties prevented this material from being useful for electronic devices. 

The situation changed rather abruptly when the beneficial role of hydro- 
gen incorporation was discovered at the beginning of the 1970s. Six main 
milestones in the material and device research led to a burst of research ac- 
tivities in this field and to numerous applications of hydrogenated amorphous 
silicon, a-Si:H: 

- The first to use the plasma deposition technique were Chittick, Alexander 
and Sterling in 1969 [1]. In this technique, silane (SiH 4 ) was decomposed 
in a radio- frequency (rf) glow discharge and the film was formed on heated 
substrates. 

- The work at the University of Dundee showed that the defect density in 
this kind of amorphous silicon was low, which resulted in high photocon- 
ductivity [2]. 

- The essential role of hydrogen in passivating defects was first discovered 
by the Harvard group, studying sputtered a-Si:H and a-Ge:H [3]. Later on, 
numerous studies gave proof that the superior semiconducting and pho- 
toelectric properties of glow-discharge-deposited amorphous silicon were 
due to the incorporation of hydrogen. 

- In 1975 Spear and LeComber [4] reported on substitutional n-type and 
p-type doping by addition of phosphine or diborane to the process gas. 
This procedure allowed one to control the electrical conductivity over 10 
orders of magnitude. 

- The first report on photovoltaic devices, by Carlson and Wronski in 
1976 [5], demonstrated the feasibility of a-Si:H solar cells. 

- The research on displays started some years later, after the first report 
on the fabrication and physics of a thin-film transistor [6]. 

The preparation and properties of hydrogenated amorphous silicon have 
been described in numerous review articles and monographs (e.g. [7-11]), and 
the development is well documented in the proceedings of the biannual In- 
ternational Conference on Amorphous and Microcrystalline Semiconductors, 
which are published in regular issues of the Journal of Non-Crystalline Solids. 
Today hydrogenated amorphous silicon, a-Si:H, offers a mature material and 
device technology, used for solar cells, thin-film transistors, sensors, imag- 
ing, radiation detectors and displays. Among the various material choices for 
thin-film solar cells, this is the only technology which so far has been able to 
overcome the barrier to mass production of large-area modules and to occupy 
a reasonable share of the world market (about 10%). 
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7.2 Preparation and Structural Properties 
of Amorphous Silicon 

Amorphous silicon cannot be made by rapid cooling of a Si melt. The amor- 
phous material, instead, is prepared by deposition from the gas phase onto 
substrates which are held at temperatures far below the melting temperature. 
A large variety of techniques has been used: thermal evaporation, sputtering, 
chemical vapor deposition using silane (CVD), photo-CVD, plasma-enhanced 
chemical vapor deposition (PECVD), and thermo-catalytic hot-wire deposi- 
tion (HWCVD). There are no differences in principle in the microstructures 
of amorphous films prepared by the various methods. The differences lie in 
the deposition rate and the kind and concentration of defects (dangling bonds 
and voids). PECVD has led to the lowest defect densities and, therefore, is 
widely used now in industrial applications. 

Thermodynamically, amorphous silicon (a-Si) is in a metastable state. Al- 
though an ideal structure might be described by a random network structure, 
the real structure can be varied experimentally in many ways. Therefore the 
material properties strongly depend on the preparation conditions and on the 
thermal history of an amorphous sample. Thermal annealing has been shown 
to produce changes in practically all material properties (enthalpy, electrical 
properties, defect densities, optical properties, etc.) [12]. It has been found 
that the free energy of annealed a-Si (relaxed state) is about O.lleV/atom 
higher than that of crystalline silicon [13]. Heating above a temperature of 
about 500° C usually induces a transition into the thermodynamically more 
stable crystalline phase. The kinetics of solid phase crystallization (SPC) are 
characterized by nucleation and growth of crystal clusters at the expense of 
the surrounding amorphous material. Laser recrystallization of amorphous 
silicon has become an important technique for the fabrication of polycrys- 
talline silicon thin- film transistors. Recently, SPC has attracted high interest 
as a result of the experience that the presence of certain metals strongly 
modifies the nucleation and growth process. Such techniques enable the engi- 
neering of polycrystalline silicon thin films at low temperatures for new device 
applications such as thin-film transistors or polycrystalline silicon thin-film 
solar cells. A particularly interesting example of this kind of processing is the 
creation of a polycrystalline silicon layer with a grain size of about 10 pm 
on a glass substrate by an Al-induced layer exchange process [14]. In this 
process, a film stack of glass/ Al/a-Si is transformed by annealing at about 
400° C into glass/poly-Si/Al(Si) such that after etching of the Al(Si) layer a 
polycrystalline silicon layer on glass remains, which may serve as a seeding 
layer in subsequent deposition processes. 

In PECVD, silane (SiEL*) or mixtures of silane with rare gases or hydro- 
gen are decomposed in a glow discharge. In most cases, parallel-plate systems 
in a stainless steel reactor have been used. The most important deposition 
parameters are substrate temperature, base pressure, flow rate of the process 
gas, power density and frequency. High-quality a-Si:H films are grown at de- 




126 W. Fuhs 



position rates of typically O.lnm/s at substrate temperatures in the range 
1 50-250° C. The progress achieved by using this method is that the density of 
deep defects (Si dangling bonds) can be reduced to values of below 10 16 cm -3 
owing to the incorporation of hydrogen. The effect of hydrogen is to saturate 
dangling-bond defects and to lower the average coordination number, which 
allows the construction of a more relaxed disordered network. The hydrogen 
content can vary widely with the deposition conditions (5-40%). Infrared 
spectroscopy reveals various bonding configurations of hydrogen. In opti- 
mized films, the hydrogen concentration amounts to 5-15% and the density 
of neutral Si dangling bonds is less than 10 16 cm -3 . The IR spectra of such 
films show that the hydrogen is bonded predominantly in an isolated Si-H 
configuration (absorption at 2000 cm -3 ). However, NMR studies suggest that 
the hydrogen may be inhomogeneously distributed. Annealing of the films at 
temperatures above the deposition temperature leads to the evolution of hy- 
drogen, which is accompanied by an enhancement of the defect density. In 
films deposited at around 250° C, the evolution rate peaks at 550° C, whereas 
films made at lower temperatures tend to show a second evolution peak near 
350° C. The occurrence of this low-temperature peak points to the existence 
of a porous structure, which enables rapid hydrogen diffusion. Owing to the 
pronounced role of hydrogen, this kind of amorphous silicon may be consid- 
ered rather as a hydrogen-silicon alloy. Practically all film properties depend 
on the hydrogen content [7-10]. 

A particular advantage of plasma deposition is a high flexibility in the 
choice of the process gases, which allows one to easily modify the properties 
of the deposited films. Variations of the deposition parameters have been 
found to result in higher deposition rates and modifications of the material. 
Doping can be achieved by adding controlled amounts of B 2 H 6 or PH 3 to 
the process gas. Alloy films such as a-Sii_ x Ge x :H and a-Sii-xC^iH can be 
deposited from gas mixtures of SiH 4 with GeH 4 or CH 4 , respectively. These 
films allow one to tune the energy gap to lower or higher values by controlling 
the composition of the process gas. Strong hydrogen dilution of the process 
gas results in the formation of microcrystalline silicon films (pc-Si:H). The 
structural and electronic properties of such plasma-deposited films have been 
studied intensively over more than 20 years [7-11]. 



7.3 Electronic Properties 

of Hydrogenated Amorphous Silicon, a-Si:H 

The electronic properties of the amorphous films depend sensitively on the 
density and energy distribution N(E) of the localized gap states. In partic- 
ular, these states determine the shape of the absorption edge, the doping 
efficiency, transport and recombination, as well as the widths of space charge 
layers in devices. Figure 7.1 displays schematically a model of N(E ), includ- 
ing both intrinsic and extrinsic defect states. Inside the bands, the density-of- 
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states (DOS) distributions of the valence and conduction bands of amorphous 
semiconductors differ only little from those of their crystalline counterparts. 
In the optical spectra, the main effect is a broadening of the spectra. The 
states inside the bands are considered to be delocalized but, of course, owing 
to the loss of long-range order, they are no longer Bloch states. An impor- 
tant effect of disorder is that closer to the band edges, the states become 
localized. The most widely applied model suggests that a transition from ex- 
tended to localized states occurs at distinct energies Eq and Ey, where the 
carrier mobilities drop abruptly owing to the change in the character of the 
states [7,11]. In an amorphous semiconductor, these mobility edges play a 
similar role to the band edges in crystalline materials. 




Fig. 7.1. Model of the density-of-states distribution in the energy gap of a-Si:H [11] 



A characteristic of the DOS distribution in amorphous semiconductors is 
tails of localized states extending from both edges deep into the gap. These 
states are considered to arise from potential fluctuations due to disorder. In 
addition to these tail states, one expects deep states which originate from 
specific defects. Such defects may be formed in a random network structure 
in order to release internal stress but may also arise from unfavorable growth 
conditions. In a-Si:H the simplest deep defect is an unsaturated bond (Si-db), 
which has three differently charged states: unoccupied (positive, D + ), singly 
occupied (neutral, D°) and doubly occupied (negative, D _ ). In undoped a- 
Si:H the D° state is located around midgap, while the D“ state is higher in 
energy by the correlation energy of about 0.2 eV. Extrinsic states originate 
from impurities. These films contain hydrogen in a concentration of up to 
15 at% and are strongly contaminated with oxygen, nitrogen and carbon in 
concentrations of the order of 10 19 cm~ 3 . So far no gap states due to these 
impurities have been identified. The only known impurity states are those 
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that arise from substitutional doping by incorporation of elements from group 
III and V of the periodic table, forming flat donor or acceptor states. 

The shape of the absorption edge reveals the general features of the DOS 
distribution (Fig. 7.2). A comparison of the absorption spectra of amorphous 
and crystalline silicon reveals a shift of the absorption edge of a-Si:H to higher 
energy and a strong enhancement of absorption in the visible range of the 
spectrum, which has often been related to the relaxation of the /c-selection 
rule due to the loss of long-range order. This enhancement of absorption is the 
basis of important applications such as solar cells, and imaging and optical 
sensors. An optical gap may be defined in different ways. Rather often, E 03 
and £04 are used, which are the photon energies where a = 10 3 cm -1 and 
10 4 cm _1 , respectively. Another, more physical way is to use the concept 
of nondirect optical transitions, which takes into account the loss of the k- 
selection rule in a disordered structure by plotting the data as (ahv) 1 / 2 
versus hv (Tauc plot). By extrapolating the straight line to the energy axis, 
values for the energy gap of about 1.75 eV are found. A justification for 
this procedure is that similar values have been obtained from the analysis 
of transport properties. However, one has to keep in mind that in this case 
the analysis yields a different quantity, namely the value of the mobility gap 
Eq — Ey. The value of the energy gap appears to be a unique function of 
the hydrogen concentration Ch in the film [8]. It amounts to 1.2-1.5eV in 
evaporated or sputtered material with Ch = 0 and increases linearly with Ch 
in hydrogenated films (1.6-2.0eV). 




Fig. 7.2. Absorption edges of a-Si:H, monocrystalline Si and pc-Si:H 



Below «^3x 10 3 cm -1 , the absorption constant decreases exponentially 
with energy; a ~ exp[— (E/Eq)\ (Urbach edge). The Urbach parameter Eq 
depends on both temperature and the general disorder in the film. The Ur- 
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bach edge can be related to the exponential bandtails, and it is commonly 
believed that in a-Si:H the slope of the absorption edge is determined by the 
slope of the valence bandtail. The values of E 0 (50meV) for films prepared 
under optimized conditions agree fairly well with the slope of the exponen- 
tially varying density of states of the valence bandtail derived from transport 
studies. The conduction bandtail is considerably steeper. Time- of- flight ex- 
periments have been consistently explained by a slope of about 25meV [15]. 

At low photon energies, the absorption curve of a-Si:H levels off and a 
plateau develops, which is assigned to defect absorption. This defect-related 
absorption shoulder at low photon energies has quite frequently been used 
for quantitative defect analysis, applying techniques such as photocurrent 
spectroscopy and photothermal spectroscopy [16]. The value of a in this 
energy range is considered a figure of merit for the film quality. In undoped 
optimized films where, according to electron spin resonance, the concentration 
of neutral dangling bonds is about 10 16 cm -3 , the value of a at 1.25 eV is in 
the order of 1 cm -1 . 

The transport properties are strongly affected by disorder. In a-Si:H, 
where the density of gap states is low, transport is considered to take place 
predominantly in extended states above the mobility edges Eq and Ey. The 
carrier mobility cannot be determined experimentally as in crystalline silicon 
by the Hall effect, owing to the sign anomaly in amorphous semiconductors. 
The observation, the explanation of which is still one of the challenges in this 
research field, is that the sign of the Hall effect is opposite to that expected 
for the predominant carriers, e.g. positive for electrons. It is estimated that 
the mobility of the extended states is in the region of 10 cm 2 /Vs. Carriers 
in localized states can contribute to conduction with much lower mobility by 
thermally activated tunneling (hopping transport). If the density of states at 
the Fermi level is high, variable-range hopping may be observed, with a char- 
acteristic temperature dependence of the conductivity, lncr oc — (Tq/T) 1 / 4 [7]. 
The existence of sharp mobility edges is still controversial and has been ques- 
tioned as a result of consideration of electron-phonon coupling [11]. Although 
there is no direct proof for their existence, most experimental results are dis- 
cussed in terms of this model. 

A breakthrough in the physics of amorphous semiconductors was the dis- 
covery that a-Si:H can be effectively doped by adding controlled amounts of 
PH 3 or B 2 H 6 to the process gas [4]. In an amorphous semiconductor, the 
donors deliver their electrons to empty states near the Fermi level. The resul- 
tant shift of the Fermi level, therefore, depends on the DOS distribution, and 
the doping effect in a-Si:H is closely related to the low density of defect states. 
Figure 7.3 displays typical results of doping. For P doping, the maximum con- 
ductivity at 300 K, <t rt , of about 10 -2 Scm -1 , is attained at a concentration 
of 10 3 -10 4 ppm PH 3 in the gas phase. At higher doping levels ctrt decreases, 
presumably owing to the generation of additional defects. For B doping, ctrt 
decreases at low doping levels, and attains at a high doping level a maxi- 
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Fig. 7.3. Electrical conductivity at 300 K as a function of the doping level in the 
gas phase (see e.g. [4, 10, 11]) 

mum close to 10 -3 Scm -1 . At the minimum, the Fermi level crosses midgap, 
Ec — Ey = (l/2)(Ec — E v ), and the type of conduction changes from n- 
to p-type. Using ctrt ~ 10~ 12 Scm _1 , the value of the mobility gap can be 
estimated as 1.7 eV at 300 K. Whereas at high doping levels the results from 
different laboratories agree fairly well, there are pronounced differences at low 
doping levels. This is an expression of the influence of the specific deposition 
conditions on the concentration of deep defects. The details of the doping 
mechanism have turned out to be very complicated, involving reactions with 
dangling bonds and hydrogen. Experiments show that the concentration of 
defects increases strongly with doping, and both the density and the energy 
position of the defect states are essentially controlled by the position of the 
Fermi level. This points to a very general defect creation mechanism [16, 17]. 



7.4 Photoluminescence and Photoconductivity 

At temperatures below of 50 K, optimized undoped a-Si:H exhibits photolu- 
minescence (PL) with a quantum efficiency close to unity [18]. The emitted 
spectrum consists of a single structureless band centered at 1.3-1.4eV with a 
width Z\£’fwhm of 0.25-0.3 eV (Fig. 7.4). In defect-rich and doped films the 
emission is quenched and additional structure appears at 0.8-0.9eV, shown 
in Fig. 7.4 for the case of boron-doped films. Although the detailed nature of 
the intrinsic and defect-related emissions is still a matter of debate, it is most 
widely believed that the intrinsic process occurs by radiative tunneling of elec- 
trons and holes localized in the respective bandtails. The photoconductivity 
(PC) and the photoluminescence show anticorrelated temperature depen- 




7 Amorphous Hydrogenated Silicon, a-Si:H 131 




Fig. 7.4. Photoluminescence spectra (normalized intensity Ipl) showing the in- 
trinsic emission band at 1.4 eV of undoped a-Si:H (1) and the defect-related band 
at 0.8 eV of a-Si:H doped with 100 ppm (2) and 1000 ppm (3) of boron 




Fig. 7.5. Temperature dependence of a the PL intensity Ipl and the normalized 
photoconductivity crpn/eG = fir at G = 3 x 10 20 cm 3 s 1 (A = 525 nm) and 
of b the exponent v of the intensity dependence ctph oc G u . PECVD a-Si:H: (1) 
undoped, (2) doped 100 ppm PH3, (3) doped 10 3 ppm B2H6, (4) sputtered a-Si:H 
(undoped) [19] 




132 W. Fuhs 



dences [19]. Whereas, with rising temperature, the PL intensity is quenched, 
the photoconductivity increases (Fig. 7.5). This behavior suggests that we 
should distinguish two temperature ranges of different behavior: 

- At T < 60 K, the PL quantum efficiency is large (close to unity in good 
films) and independent of temperature. The photoconductivity ctph is 
very small and varies linearly with the light intensity G. Its magnitude 
normalized by the charge e and generation rate G, o-pn/eG = /xr, is about 
10" 11 cm 2 /V and varies only very little with the quality of the sample. In 
Fig. 7.5a the product fir varies only by a factor of 5, whereas the defect 
densities in the films differ by many orders of magnitude. This transport 
is quite generally assigned to tunneling of carriers between localized states 
in the bandtails. 

- At T > 60 K, the PL intensity is quenched, and crpu/^G increases strongly. 
In this temperature range the magnitude of crpn(G, T ) and the kinetics 
are determined in a complicated way by the defect density, Fermi-level 
position and other factors. This can be seen from the complicated tem- 
perature dependence of the exponent in Fig. 7.5b. Here, transport occurs 
in extended states above the mobility edges, and Si dangling bonds are 
considered to be the primary centers for nonradiative recombination [20] . 
An important feature of phototransport in this regime is that app is 
tremendously enhanced when the Fermi level is shifted from midgap to- 
wards the mobility edges. This effect is particularly pronounced for n-type 
films when Eq — Ep moves from 0.8 to 0.4 eV. For P-doped samples the 
mobility-lifetime product (/cr) n can reach values of up to 10 -4 cm 2 /V [19]. 



7.5 Metastable States 

It is a characteristic property of hydrogenated amorphous semiconductors, of 
which a-Si:H is representative, that deep defects are created by the breaking 
of weak bonds when band tail states are populated. This can be achieved by 
exposure to light, carrier injection, strong accumulation in the conduction 
channel of an a-Si:H thin-film field effect transistor and doping (see above). 
It has also been reported that defects are generated at elevated temperatures 
(T > 420 K) in thermal equilibrium with the occupancy of tail states [10]. 
Some of these defects can be frozen in by quenching the film to T < 420 K. 
Such instabilities appear to be an inherent feature of the amorphous struc- 
ture. The DOS distribution shown in Fig. 7.1 thus is not stable but varies 
with temperature, doping level and light absorption and during the opera- 
tion of devices. Most electronic properties therefore depend to some extent 
on sample history and treatment. 

In undoped a-Si:H films of device quality, light exposure causes a reversible 
decrease of both the dark conductivity and the photoconductivity, indicating 
a shift of the Fermi energy towards midgap and a decrease of the recombina- 
tion lifetime [21]. These light-induced changes can be annealed completely at 
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temperatures of around 170°C. The reason for this Staebler-Wronski effect 
is a light-induced enhancement of the density of Si dangling bonds to values 
of typically 10 17 cm~ 3 . The microscopic mechanism of defect creation is still 
one of the most important open questions in this research held. Apparently 
the defect creation is linked not to the absorption process (photodegrada- 
tion) but to some secondary effect which involves nonequilibrium carriers. 
This effect could be either recombination or capture of carriers into localized 
states. It is widely believed now that in device quality material, the effect 
is intrinsic to hydrogenated films, being the result of disorder and the pres- 
ence of hydrogen. Most of the results are in accordance with a model where 
recombination at weak bonds results in bond breaking. The broken bonds 
are considered to be stabilized by a mechanism which involves the motion 
of hydrogen atoms. This interpretation is supported in particular by the ob- 
servation that films deposited by the hot-wire technique are more stable and 
have a much lower hydrogen content than a-Si:H made by PECVD. Such a 
participation of hydrogen in the mechanism of defect creation should lead 
to a spatial correlation between dangling bonds and neighboring SiH bonds, 
which, however, has not been observed in magnetic resonance studies. Re- 
search is being directed towards minimizing the metastability by a proper 
control of the deposition conditions influencing the microstructure and the 
concentration of weak bonds (steeper bandtails). There are conflicting ob- 
servations about deuterated material, a-Si:D, which has been reported to be 
more stable. It is unclear whether this is due to slower degradation involv- 
ing SiD bonds or whether this arises from a change in the microstructure 
of the samples investigated. Some results suggest that the microstructure of 
the films might indeed be an important factor. Heavy- hydrogen dilution of 
the process gases has been shown to lead to a more stable material which 
has microcrystalline inclusions and a low density of microvoids [22] . Recently, 
similar two-phase materials have been prepared by PECVD using parame- 
ters close to the range where powder formation takes place. It was shown 
that such material has very attractive electronic properties and appears to 
be more stable [23]. 

7.6 Amorphous-Silicon Solar Cells 

A particularly important field of application was initiated by the first publi- 
cation about amorphous-silicon solar cells in 1976 [5]. For this application it is 
most important that the absorption of a-Si:H in the visible spectral region is 
considerably larger than in c-Si, thus enabling effective absorption of sunlight 
in a film which is only about 1 pm thick (Fig. 7.2). In the most commonly used 
superstrate cell, the structure is glass/TCO/p + -SiC x /i-a-Si:H/n + -a-Si/metal 
and the light enters through the glass. The substrate cell uses stainless steel 
(ss) as the substrate, with an inverted layer sequence ss/Ag-ZnO/a-Si(n + )/a- 
Si(i)/a-Si(p + ) /metal grid. In both cells the thickness of the active undoped 
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absorber layer, a-Si:H(i), is about 0.5 pm, such that carrier collection occurs 
predominantly by drift in the electric field. Single-j unction cells have been 
developed with stable efficiencies in the range of 9-10% in the laboratory for 
small areas. A major problem of the amorphous-silicon technology has been 
the degradation of amorphous films and devices under illumination. Consid- 
erable progress has been made concerning increased stability of solar cells by 
proper device engineering. The strategy is to use stacks of two or three pin 
cells. Such an advanced device structure offers two advantages: (1) In a stack, 
the thickness of the individual cells is reduced, which improves the stability 
by enhancing carrier collection through an increase of the internal electric 
field. (2) By using materials with different bandgaps, a tandem structure can 
be made which leads to a better use of the solar spectrum. It is important 
that the degradation of the cells appears to saturate as a function of the expo- 
sure time (typically after 100 h illumination with AMI), such that stabilized 
efficiencies can be guaranteed by the manufacturers. Optimized solar cells 
typically degrade by about 10% from the as-deposited state. In recent years 
several companies have started commercial production of a-Si:H PV modules 
with stabilized efficiencies in the range 6-8% on large- area substrates. 

Figure 7.6 shows the structure of a triple-junction solar cell from United 
Solar System Corporation (USSC), the most suceccessful cell of this type so 
far (see [22]). In this structure, the top cell, which absorbs the high-energy 
part of the solar spectrum, uses a-Si:H with a bandgap of 1.8 eV as the 
intrinsic layer. The i-layer of the middle cell is an a-Si/Ge alloy which contains 
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Fig. 7.6. Schematic illustration of a three-junction thin-film solar cell [22] 
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about 15% Ge, leading to a bandgap of 1.6 eV. The bottom cell, which is 
designed to absorb the red part of the spectrum, uses an i-layer of an a- 
Si/Ge alloy with 40-50% Ge and a bandgap of 1.4 eV. A textured Ag/ZnO 
back-reflector is used to enhance light trapping. Such a structure has led 
to the highest efficiency (active area) reported so far for laboratory cells 
(. A = 0.25cm 2 ): 15.2% initial, 13% stabilized [22]. The use of high hydrogen 
dilution in the preparation of the intrinsic films appears to be one of the keys 
to obtaining these results. 



glass 





MC-Si:H 




wavelength (nm) 



Fig. 7.7. Micromorph solar cell concept: a schematic illustration of the cell and b 
quantum efficiencies of the top and bottom cells [26] 



The challenges for research at present are the development of materials 
which can be used in stacked tandem structures with a-Si:H, enhancement of 
the deposition rate, and improvement of the cell efficiencies and production 
yields. The a-Si/Ge alloys still have considerably poorer electronic properties 
than a-Si:H and, in addition, their deposition uses germane as a process gas, 
which constitutes an important cost factor. Therefore a number of research 
groups are aiming at replacing the a-Si/Ge alloy with microcrystalline silicon 
(pc-Si:H) [24-26]. pc-Si:H can be prepared by PECVD or HW deposition 
techniques under conditions which are compatible with those used in the 
deposition of a-Si:H. The physics of this material is rather complex, owing to 
pronounced structural heterogeneity. Structural investigations suggest that 
pc-Si:H consists of small crystallites with sizes in the order of 5-30 nm which 
are embedded in columns with a diameter of typically 50-200 nm. A strongly 
disordered phase exists around the columns, which is often referred to as 
amorphous silicon. It appears that this structure is largely independent of the 
method used for preparation. These inhomogeneities determine the physical 
properties and therefore considerably complicate the interpretation of most 
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experimental results. A comparison of the absorption edges (Fig. 7.2) suggests 
that one should use this material for a bottom cell in a tandem concept 
with a-Si:H. Figure 7.7 shows a schematic illustration of such a cell, made 
up of a stack of two pin structures with a-Si:H forming the top and pc-Si 
forming the bottom cell. The resulting quantum yield reveals the advantage 
of such a device concept: the top cell, made of a-Si:H, uses the high-energy 
photons, and the bottom cell, made of pc- Si: FI, uses the low-energy photons. 
Using this promising approach, stabilized efficiencies of about 10% have been 
demonstrated. 

The industrial activity proves impressively that technologies based on 
a-Si:H and related alloys have surmounted the barrier to commercialization. 
The progress achieved in this field is certainly based on a broad understanding 
of the physics of both materials and devices as a result of 25 years of continu- 
ous research effort. The numerous applications of these amorphous semicon- 
ductors in photovoltaics, sensors, photodetectors and, in particular, displays 
drove this research and established the mature technology available today. 
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8.1 What is Silicon-on-Insulator? 

Silicon is by far the most widely used semiconductor material. It is abundant 
in the earth’s crust and relatively easy to convert into a high-purity single 
crystal. Unlike some other semiconductor materials, silicon is stable when 
heated at high temperature, and a well-behaved insulating and passivating 
material, silicon dioxide, can readily be grown on it. The excellent electrical 
and chemical properties of thermally grown SiCU are probably the most im- 
portant factor that has made silicon such a successful semiconductor material 
(concerning devices, see Chap. 18, by Risch). 

8.1.1 General Properties of SOI MOS Transistors 

Classical silicon devices, such as metal-oxide-semiconductor (MOS) transis- 
tors, are made at the surface of silicon wafers that are 700-800 pm thick, but 
occupy less than the top first micrometer at the surface of the wafer. The 
remainder of the wafer serves as a mechanical support for the devices and 
sometimes gives rise to unwanted, parasitic interactions with the devices. In 
a silicon-on-insulator (SOI) wafer the devices are fabricated in a thin silicon 
layer. This silicon layer is single-crystal and sits on an insulating material, 
usually silicon dioxide. Typically the silicon layer thickness ranges from 10 nm 
to several micrometers, depending on the application, and the silicon dioxide 
layer thickness ranges between 50 nm and a micrometer. The whole struc- 
ture rests on a mechanical substrate, typically silicon, although silicon films 
on glass or quartz substrates are preferred for some applications. The oxide 
layer between the active top silicon layer and the mechanical silicon substrate 
is called the buried oxide (BOX). Figure 8.1 shows an MOS transistor made 
on a silicon, a silicon-on-insulator, and a silicon on glass/quartz substrate. 
Typical thicknesses used in CMOS applications are indicated. MOS transis- 
tors made in an SOI film offer several advantages. In bulk silicon technologies, 
devices are isolated from one another by reverse-biased PN junctions. As a 
result there is a capacitance (PN junction capacitance) between the source 
or the drain and the silicon substrate. The source and drain of SOI devices, 
on the other hand, are fully isolated from the substrate by a dielectric ma- 
terial. This reduces significantly the capacitance of the source and drain, 
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Fig. 8.1. Metal-oxide-semiconductor (MOS) transistor made in A, bulk silicon, 
B, standard SOI material, and C, silicon on glass/quartz 



which allows faster circuit operation. SOI circuits are usually 20-30% faster 
than their bulk counterparts. Because the transistor body (the part of the 
device located beneath the gate, between the source and drain) is dielectri- 
cally isolated from the silicon substrate, SOI transistors show less body effect 
than do bulk devices. The body effect reduces current drive and increases 
the subthreshold swing, which limits the performance of the device under 
low- voltage operation [1]. As a result, SOI devices have much higher per- 
formance in low-voltage, low-power integrated circuit applications than their 
bulk silicon counterparts have. 

Because of the small volume of silicon in the body of an SOI MOSFET, the 
sensitivity to soft errors caused by alpha particles or cosmic rays is reduced [1, 
2]. Furthermore, the reduced area of the source and drain junctions allow 
device operation at higher temperature than in regular bulk devices [1,3]. 



8.1.2 SOI Applications 

SOI CMOS technology is now used by many semiconductor manufacturers to 
fabricate high-speed integrated circuits. Some companies, such as IBM and 
AMD, fabricate SOI microprocessors using partially depleted (PD) devices, 
while others, such as Oki, produce Bluetooth™, baseband and RF chips, 
microcontrollers, DRAMs, SRAMs, and multiplexers for fiber optics using a 
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Table 8.1. Some VLSI SOI circuits 



Company 


Circuit 


FD/PD 


Vdd 


Performance 


Ref. 


Samsung 


Microprocessor 


FD 


1.5V 


600 MHz 


[5] 


IBM 


Microprocessor 


PD 


2 V 


580 MHz 


[6] 


IBM 


Microprocessor 


PD 


1.8V 


550 MHz 


[7] 


Mitsubishi 


DRAM 


FD/PD 


IV 


46 ns 


[8] 


Mitsubishi 


DRAM 


PD 


0.9V 




[9,10] 


Samsung 


DRAM 


PD 


< 1.5V 


30 ns 


[11] 


Hyundai 


DRAM 


PD 


2.2V 


1Gb 


[12] 


Samsung 


SRAM 


FD 


0.9 V 


20 ns 


[13] 


Oki 


RF and logic 


FD 






[14] 



fully depleted (FD) SOI process [4]. All these products take advantage of the 
reduced source and drain capacitance of SOI devices, such that a 25-35% 
speed advantage and a threefold reduction of power consumption, compared 
with bulk devices, can be achieved. Table 8.1 lists some SOI VLSI circuits. 



8.2 SOI Materials 

Researchers have spent over 20 years developing reliable techniques to pro- 
duce SOI wafers. The challenge is to produce a nearly defect-free, device- 
quality, single crystal of silicon with a diameter of 10 to 30 centimeters, but 
a thickness of only a fraction of a micrometer. Furthermore, the thin silicon 
crystal must sit on top of a high-quality amorphous silicon dioxide layer with 
no mechanical stress or electrically active defects. 

8.2.1 Early SOI Materials 

During the time period from 1980 to 1990, several techniques were pursued to 
fabricate SOI substrates. Some of these techniques involved the use of a laser 
beam, an electron beam, or a focused high-power halogen lamp to melt a thin 
film of poly crystalline silicon deposited on a silicon dioxide layer. The solid- 
ification process of the molten silicon would then be carefully controlled in 
order to produce a singlecrystal. These techniques received the general name 
of zone-melting recrystallization (ZMR) techniques. Despite several impres- 
sive accomplishments, such as the fabrication of three-dimensional circuits 
with up to four stacked SOI layers [15], ZMR fabrication of SOI layers was 
abandoned because of poor yield and reliability. 

In another technique called FIPOS (full isolation by porous silicon), the 
top part of a silicon wafer was transformed into porous silicon using an elec- 
trochemical reaction in a hydrofluoric acid bath. Some islands of silicon would 
be protected from the reaction. The porous silicon was subsequently oxidized 
and converted into a thermal oxide isolating the silicon islands from the sil- 
icon substrate. Although the FIPOS process as such is no longer used, the 
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formation of a porous silicon layer is used in the ELTRAN™ process to 
fabricate modern SOI wafers. 

A third technique relies on the epitaxial growth of silicon from windows 
opened in a silicon dioxide layer grown on a silicon substrate. During epi- 
taxy silicon grows laterally on the oxide, thereby forming SOI regions. This 
technique, called epitaxial lateral overgrowth (ELO), is still used to fabricate 
three-dimensional device structures [16]. 

8.2.2 Silicon-on-Sapphire (SOS) 

Silicon-on-sapphire (SOS) material was first introduced in 1964 [17]. It is ob- 
tained by epitaxial growth of silicon on a (1112)-oriented wafer of crystalline 
alumina (a-A^Os, also called sapphire). The sapphire crystals are produced 
using Czochralski growth. The sapphire boule is sliced into wafers, which are 
then subjected to mechanical and chemical polishing. The sapphire wafers re- 
ceive a final hydrogen etching at 1150°C in an epitaxial reactor, and a silicon 
film is deposited using pyrolysis of silane at temperatures between 900 and 
1000°C. The lattice constants of silicon and (1112) sapphire are 0.543 and 
0.475 nm, respectively, and the thermal expansion coefficients for silicon and 
sapphire are 3.8 x 10 -6 and 9.2 x 10 -6 K -1 . Owing to the lattice mismatch 
between the sapphire and silicon, the defect density in the silicon film is quite 
high, especially in very thin films. As the film thickness increases, however, 
the defect density appears to decrease as a simple power law function of the 
distance from the Si-Sapphire interface. The main defects present in as-grown 
SOS films are stacking faults and microtwins. Typical defect densities near 
the Si-Sapphire interface reach values as high as 10 6 planar faults/cm and 10 9 
line defects/cm 2 . These account for the low values of the resistivity, mobil- 
ity, and lifetime near the interface. Because the epitaxial silicon is deposited 
at high temperature and because the thermal expansion coefficients of sil- 
icon and sapphire are different, the silicon film is under compressive stress 
at room temperature, which reduces the electron mobility but increases the 
hole mobility. 

Several techniques have been developed to reduce both the defect density 
and the stress in SOS films. The solid-phase epitaxy and regrowth (SPEAR) 
and the double solid-phase epitaxy (DSPE) techniques are other, more suc- 
cessful, methods for improving the crystal quality of SOS films [18-20]. These 
techniques employ the following steps. First, silicon implantation is used to 
amorphize the silicon film, with the exception of a thin superficial layer, where 
the original defect density is lowest. Then a thermal annealing step is used to 
induce solid-phase regrowth of the amorphized silicon, the top silicon layer 
acting as a seed. A second silicon implant is then used to amorphize the top 
of the silicon layer, which is subsequently recrystallized in a solid-phase re- 
growth step using the bottom of the film as a seed. In the SPEAR process, an 
additional epitaxy step is performed after solid-phase regrowth. Using such 
techniques, substantial improvement of the defect density is obtained. Noise 
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Fig. 8.2. UTSi process. A, growth of a relatively thick epitaxial silicon film; B, 
amorphization using silicon ion implantation; C, solid-phase regrowth downward 
from the defect-free surface; D, thinning of the silicon film by thermal oxidation 



in MOS devices is reduced, and the minority carrier lifetime is increased by 
two to three orders of magnitude [21,22]. The most recent technique used 
to produce high-quality SOS is the UTSi (ultra-thin silicon) process: here, a 
relatively thick film of silicon is grown on sapphire and, as in the SPEAR pro- 
cess, silicon ion implantation is used to amorphize the film, except in its most 
superficial part, which is relatively defect-free (Fig. 8.2). Low-temperature 
annealing is then used to regrow the defect-free silicon downward from the 
surface through a solid-phase epitaxy mechanism. The silicon film is then 
thinned to the desired thickness (100 nm) by thermal oxidation and an oxide 
strip. This process delivers relatively defect-free and stress-free SOS material 
in which devices with a high effective mobility can be fabricated [22,23]. 

8.2.3 SIMOX 

The acronym “SIMOX” stands for “Separation by IMplanted OXygen” . The 
principle of formation of a SIMOX material is very simple (Fig. 8.3), and 
consists in the formation of a buried layer of Si 02 by implantation of oxygen 
ions beneath the surface of a silicon wafer. The buried oxide layer is often 
referred to as the BOX. 

“Standard” SIMOX 

The SIMOX technique was invented by Izumi, Doken, and Ariyoshi of NTT 
in 1978 [24]. In this technique, a high dose of oxygen ions is implanted into 
a silicon wafer. Ion implantation is traditionally used in the semiconductor 
industry to introduce doping atoms at the impurity level, and doses higher 
than a few 10 15 cm -2 are rarely employed. In the SIMOX technique implanted 
oxygen atoms are used to synthesize a new material, namely silicon dioxide. 
As a result, a very high dose of oxygen ions (typically 1.8 x 10 18 cm -2 at 
200 keV in the “standard” SIMOX process) has to be implanted to form the 
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Fig. 8.3. The principle of SIMOX: a heavy-dose oxygen implantation into silicon 
followed by an annealing step produces a buried layer of silicon dioxide below a 
thin, single-crystal silicon over layer 



buried oxide layer. Stoichiometric SiC >2 contains 4.4 x 10 22 oxygen atoms/cm 3 . 
Therefore, the implantation of 4.4 x 10 17 atoms/cm 2 should be sufficient to 
produce a 100 nm thick buried oxide layer. Unfortunately, owing to the sta- 
tistical nature of ion implantation, the oxygen profile in silicon does not have 
a box shape, but instead a skewed Gaussian profile, and the implanted atoms 
are spread over more than 100 nm, such that the Si 02 stoichiometry is not 
reached (Fig. 8.4). If the wafer is annealed after implanting an oxygen dose 
that is too low, oxide precipitates form at a depth equal to the depth of max- 
imum oxygen concentration, but no continuous layer of SiC >2 is produced. 
Experiments show that a dose of 1.4 x 10 18 cm -2 must be implanted (at an 
energy of 200 keV) in order to create a continuous buried oxide layer. The 
standard dose which is most commonly used is 1.8 x 10 18 cm -2 , which pro- 
duces a 400 nm thick buried oxide layer upon annealing. Figure 8.4 describes 
the evolution of the profile of oxygen atoms implanted into silicon with an 
energy of 200 keV. At low doses, a Gaussian oxygen profile is obtained. When 
the dose reaches 1.4 x 10 18 cm~ 2 , stoichiometric Si02 is formed (66at.% of 
oxygen and 33at.% of silicon), and further implantation does not increase 
the peak oxygen concentration, but instead broadens the overall profile (i.e. 
the buried oxide layer becomes thicker). This is possible because the diffu- 
sivity of oxygen in Si 02 is high enough for the oxygen to readily diffuse to 
the Si-Si02 interface, where oxidation occurs. The dose at which the buried 
oxide starts to form (= 1.4 x 10 18 cm -2 ) is called the “critical dose”. 

The temperature at which the implantation is performed is also an im- 
portant parameter which influences the quality of the silicon overlayer. The 
oxygen implantation step amorphizes the silicon which is located above the 
projected range. If the temperature of the silicon wafer during implanta- 
tion is too low, the silicon overlayer becomes completely amorphized, and 
it forms polycrystalline silicon upon further annealing, an undesirable ef- 
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Fig. 8.4. Evolution of the oxygen concentration profile with the implanted dose 
for an implantation energy of 200 keV: (a) 4 x 10 17 cm” 2 , (b) 6 x 10 17 cm” 2 , (c) 
10 13 cm” 2 , (d) 1.2 x 10 13 cm” 2 , (e) 1.8 x 10 13 cm ” 2 , and (f) 2.4 x 10 13 cm” 2 



feet. When the implantation is carried out at higher temperatures (above 
500° C), the amorphization damage anneals out during the implantation pro- 
cess (“self- annealing”), and the single-crystal nature of the top silicon layer 
is maintained. The silicon overlayer, however, is highly defective and the ion 
implantation step must be followed by a high-temperature anneal step to 
improve the quality of both the BOX and the silicon layer. 

Since every implanted oxygen atom must traverse the top silicon layer 
(the future silicon-on-insulator layer), a large number of defects is created. 
The typical defect density of early SIMOX layers was in excess of 10 9 defects 




Fig. 8.5. A, SIMOX produced in 1985, 10 9 defects/cm 2 ; B, SIMOX produced in 
1998, less than 1000 defects/cm 2 [27] 
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per square centimeter. Constant improvement to SIMOX was achieved by 
many research groups worldwide. In a nutshell, these improvements consist 
of maintaining the wafer at a temperature where most defects self-anneal 
during implantation, and performing a subsequent thermal treatment at high 
temperature (1350°C) in an appropriate ambient (argon + 2% oxygen) to 
allow the stabilization and densification of the BOX, as well as the removal 
of oxide precipitates and other defects in the top silicon layer. Figure 8.5 
shows TEM cross sections of SIMOX samples fabricated in 1985 and 1998. 
The improvement in quality of the top silicon layer can readily be appreciated. 
The small silicon inclusions at the bottom of the BOX are characteristic of 
the standard SIMOX material [25,26]. 

Low-Dose SIMOX 

In 1990 Nakashima and Izumi proposed to reduce the implanted oxygen dose 
to drastically reduce the dislocation density in the silicon overlayer film. They 
found that the dislocation density drops drastically as the dose is reduced 
below 1.4 x 10 18 cm -2 at an implantation energy of 180 keV (Fig. 8.6) [28]. 




Fig. 8.6. Evolution of dislocation density in the silicon overlayer with implanted 
oxygen dose [29] 



Besides the reduction of the defect density in the silicon layer, there are 
other motivations for reducing the oxygen dose used to produce SIMOX 
material. Firstly, the total-dose radiation hardness of thin buried oxides is 
expected to be better than that of thicker ones. Secondly, direct fabrica- 
tion of thin buried oxides is attractive for thin- film device applications. Fi- 
nally, the production cost of a SIMOX wafer is proportional to the implanted 
dose. A potential additional benefit from this technique is the reduction of 
contamination of the wafers, since the introduction of impurities (carbon 
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Fig. 8.7. Evolution of the buried oxide structure for a dose of (A) 3 x 10 17 , (B) 
4 x 10 17 , (C) 5 x 10 17 0 + cm -2 and an energy of 120 keV [34] 




Fig. 8.8. Defect and oxygen ion concentrations produced by 190 and 120 keV 
implants 



and heavy metals) is proportional to the implanted oxygen dose. Low-dose 
SIMOX is obtained by implanting 0 + ions within a narrow dose window 
around 4 x 10 17 atoms/cm -2 [30]. With a single implantation and a 6 hour 
anneal at 1320° C, a continuous BOX having a thickness of 80 nm is formed. 

Figure 8.7 presents the structure of the buried oxide versus dose around 
the process window for an implant energy of 120 keV [31]. At a dose of 3 x 
10 17 cm -2 , isolated oxide precipitates are formed. For a dose of 5 x 10 17 cm -2 , 
silicon precipitates form in the BOX. Only doses within a very narrow process 
window around 4 x 10 17 cm -2 produce a continuous, precipitate-free BOX. 
The choice of the implantation energy is a critical parameter. At 190 keV, 
which is close to the standard SIMOX energy, some Si02 islands are found 
in the silicon overlayer. When the peak of implant defect generation and the 
projected range of the oxygen ions are distinct, two precipitation sites can 
occur, and oxide precipitates can form at both the oxygen projected range and 
the peak of defect generation. A reduction of the implant energy to 120 keV 
is sufficient to merge the two precipitation sites and obtain a single and 
continuous BOX (Fig. 8.8). The use of a lower implantation dose significantly 
reduces the defect density; dislocation densities on the order of 300 cm -2 are 
found in low-dose SIMOX material. From an economic point of view, the use 
of low-dose implantation is obviously advantageous, since the throughput 
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of the oxygen implanter is inversely proportional to the implanted dose. The 
lowest-dose SIMOX material reported uses a 2 x 10 17 0 + /cm 2 implant, which 
produces a 56 nm thick BOX [32]. An empirical relationship between implant 
dose and energy for the production of thin buried oxide layers has been 
experimentally established, and it has been shown that for doses ranging 
between 2 and 6 x 10 17 0 + cm -2 , the use of an implant energy equal to E 
(keV) = 30 xP, where D is expressed in 10 17 cm -2 ), gives the best results [33]. 

ITOX 

It is possible to increase the thickness of the BOX produced by low-dose oxy- 
gen implantation; high-temperature (1350° C) oxidation of a low-dose SIMOX 
wafer causes an increase of the thickness of the buried oxide (Fig. 8.9). 




Fig. 8.9. Principle of internal thermal oxidation (ITOX) [35-37] 



This phenomenon is called high-temperature internal oxidation (ITOX). 
As long as the thermal oxide grown on the silicon overlayer is thinner than 
500 nm, there exists a linear relationship between the thickness of this oxide 
layer (t ox ) and the thickness increase of the buried oxide (A£box) • Ateox = 
0.06 t ox - The internal oxide grows at the expense of the bottom of the silicon 
overlayer. High-temperature internal oxidation has been shown to signifi- 
cantly improve the roughness of the interface between the silicon overlayer 
and the BOX and to density the oxide itself. 

MLD SIMOX 

In low-dose SIMOX, the formation of a continuous buried oxide layer is possi- 
ble if the peak oxygen concentration is located in highly defective silicon. This 
observation is the basis for the modified low-dose (MLD) SIMOX process [38]. 

The MLD process overcomes the problem of oxide continuity encountered 
during low-dose SIMOX processing. To promote the formation of an ultrathin 
buried oxide during post-implantation annealing, the implantation process is 
modified to produce a microstructure which promotes coalescence of the oxy- 
gen into a continuous layer. This is accomplished by performing a two-step 
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implant. Firstly, oxygen is implanted at a dose of 3 x 10 17 cm -2 and an energy 
of 150 keV at a temperature of 525°C. These dose and temperature values 
ensure minimal generation of defects in the silicon overlayer. Unfortunately, 
the defects generated by the implant are not located at the peak of the oxy- 
gen concentration. To introduce additional defects, a final increment of the 
dose is implanted near room temperature. This dose (10 15 cm -2 ) is chosen to 
selectively amorphize the region near the depth of the oxygen peak concen- 
tration, which yields a highly defective layer during subsequent annealing. 
This layer provides a template or guide upon which the oxide forms. Buried 
oxides prepared in this way have been shown to be continuous and without 
silicon inclusions [39] . It is worth noting that an additional implant of oxygen 
after the formation of the oxide can be used to improve the stoichiometry of 
the oxide and improve its electrical properties. It has been shown that the 
implantation of oxygen doses ranging between 10 15 and 10 17 cm~ 2 into the 
BOX of an already formed SIMOX structure (either “standard” or low dose) 
increases the density of the oxide and reduces the trapping of charge in the 
oxide when the material is exposed to ionizing radiations [40]. The thick- 
ness uniformity of MLD SIMOX wafers is better than 2-3 nm (6<r) and the 
RMS surface roughness of the SOI is 0.12 nm (1 x 1pm 2 AFM scan). The 
throughput of a high-current oxygen implanter (beam current = 80 mA) is 
approximatively 30 000 300 mm MLD SIMOX wafers/year [41]. 

Related Techniques 

It is possible to form a buried oxide layer without actually implanting oxy- 
gen. As we have seen earlier, the simultaneous presence of defects and oxygen 
in silicon can result in the formation of a continuous buried oxide layer. In 
2001, Ogura, [42], published a description of the formation of a continuous 
BOX obtained by implantation of light ions (H + or He + ) and subsequent 
annealing in an oxygen- containing ambient. The implantation of hydrogen or 
helium ions creates a defective layer near the projected range of the ions. Few 
defects, however, are created in the rest of the silicon, including in the future 
silicon overlayer, since H + and He + are light ions. The reported implant con- 
ditions are H + , 5 x 10 16 cm -2 , 45keV, and He + , 1-5 x 10 17 cm -2 , 45keV, all 
implanted at room temperature. Upon annealing in an argon/oxygen ambient 
at temperatures ranging from 1200 to 1350°C, oxygen diffuses through the 
top of the silicon layer and an internal oxidation process takes place which 
forms a buried oxide layer where the defects were present (Fig. 8.10). This 
technique makes it possible to produce a SIMOX-like SOI structure without 
the need for oxygen implantation and with less damage to the silicon over- 
layer. It is worth noting that oxygen implantation can be used to create the 
defective layer, as an alternative to hydrogen or helium [42]. 
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Fig. 8.10. Buried-oxide formation by light-ion implantation and annealing in oxy- 
gen atmosphere [43] 



8.2.4 Wafer Bonding and Etch-Back (BESOI) 

The expression “wafer bonding” refers to the phenomenon that mirror- 
polished, flat, clean wafers of almost any material, when brought into con- 
tact, are locally attracted to each other by van der Waals forces and adhere 
or “bond” to each other. 

The bonding at room temperature is usually relatively weak. Therefore, 
for many applications, room-temperature-bonded wafers must undergo a heat 
treatment to strengthen the bonds across the interface. After wafer bonding, 
one of the wafers is subsequently polished or etched down to a thickness suit- 
able for SOI applications. The other wafer serves as a mechanical substrate, 
and is called the handle wafer (Fig. 8.11) 




Fig. 8.11. Bonding of two oxidized silicon wafers (left), and polishing/etching back 
of one of the wafers 



Hydrophilic Wafer Bonding 

When two flat, hydrophilic surfaces such as oxidized silicon wafers are placed 
against one another, bonding occurs naturally, even at room temperature. 
The contacting force is caused by the attraction of hydroxyl groups (OH)~ 
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Fig. 8.12. Infrared transmission imaging, showing the propagation of a bonding 
wave between two oxidized 100 mm silicon wafers (from A to H). The time between 
successive pictures is approximately 0.5 second. (Courtesy K. Hobart) 



adsorbed on the two surfaces. This attraction propagates from the first site 
of contact across the whole wafer in the form of a “contacting wave” with a 
speed of several cm/s. Figure 8.12 shows the propagation of a bonding wave 
between two oxidized 100 mm silicon wafers. 

Directly after room temperature bonding, the adhesion between the two 
wafers is determined by van der Waals interactions or hydrogen bridge bonds 
and is one or two orders of magnitude lower than what is typical for cova- 
lent bonding. For most practical applications, a higher bond energy is re- 
quired, which may be accomplished by an appropriate heating step, which 
frequently for commercial SOI production is performed at temperatures as 
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Fig. 8.13. Stengl’s proposed model for silicon wafer bonding at different tem- 
peratures. A, room temperature, SiOH:(OH 2 ) 2 :(OH 2 ) 2 :HOSi; B, T = 200°C, 
SiOH:HOSi + (H 2 0) 4 ; C , T > 700°C, SiOSi + H 2 0 [48] 

high as 1100°C. Stengl et al. developed a mechanistic model for direct wafer 
bonding for oxidized wafers which describes the bonding chemistry at dif- 
ferent temperatures [44]. When silica surfaces are hydrated, water molecules 
cluster on the oxidized wafer surface as shown in Fig. 8.13. When two such 
surfaces are brought into contact, hydrogen bonding occurs via the adsorbed 
water. At temperatures above 200° C, the adsorbed water separates from the 
SiOH group and forms a tetramer water cluster. At temperatures greater 
than 700° C, the water clusters decompose and diffuse away, leaving Si-O-Si 
bonds. Maszara’s experimental findings agree with Stengl’s model, where re- 
action bonding proceeds by two different reactions [45]. Maszara confirmed 
the mechanism by measuring surface energies of bonded wafers using the 
crack propagation method. The bond strength for room-temperature contact- 
bonded wafers varies between 60 and 85mJ/m 2 , which is consistent with the 
surface energy of silica bonded through hydrogen bonding. In addition, the 
surface energy increases at a transition temperature of 300° C. This is the tem- 
perature where hydrogen bonds begin to convert to Si-O-Si bonds. The sur- 
face energy is constant for bonded wafers annealed in the region from 600° C 
to 1100°C for anneal times between 10 seconds and 6 hours, and reaches 
values in excess of 1000 mJ/m 2 . Maszara, [45], concludes that the bonding 
process does not involve mass transport in that temperature range. Rather, 
the bond strength is limited in that regime by the amount of contacted area 
of the bonded wafers, which is a function of how well the wafers can de- 
form elastically at a specific temperature. The kinetics of the deformation 
are so fast that the bond strength appears to be a function of temperature 
only. For temperatures greater than 1100°C, the bond energy does increase 
with time of anneal, but this is due to the viscous flow of the oxide at these 
high temperatures [46]. It is worth noting that the bond strength of room- 
temperature-bonded wafers can be significantly increased by plasma treating 
(in an oxygen plasma) the wafers prior to bonding [47] . 
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Etch-Back 

After bonding of the wafers has been carried out, the top wafer has to be 
thinned down from a thickness, say, of 600 pm to a few micrometers or less in 
order to be useful for SOI device applications. Two basic thinning approaches 
can be used: grinding followed by chemico-mechanical polishing, and grinding 
followed by selective etch-back. The grinding operation is a rather crude but 
rapid step, which is used to remove all but the last several micrometers of the 
(top) bonded wafer. The thinning method using chemico-mechanical polish- 
ing is cheap, but its use is, so far, limited to the fabrication of rather thick SOI 
films because of the absence of an etch stop. Much more accurate are the tech- 
niques using, after initial grinding, a chemical etch-back procedure with etch 
stop(s). The etch stop is usually obtained by creating a doping concentration 
gradient at the surface (i.e. right next to the oxide layer used for bonding) of 
the top wafer. For instance, in the double-etch-stop technique, a lightly doped 
wafer is used, and a P ++ layer is created at its surface by ion implantation. 
Then, a lighthly doped epitaxial layer is grown onto it. This epitaxial layer 
will be the SOI layer at the end of the process. After grinding, two chemical 
etch steps are used. First, a potassium hydroxide solution [49] is used to etch 
the substrate; this stops in the P ++ layer. Then a 1:3:8 HF:HN 03 :CHsC 00 H 
etch is used to remove the P ++ layer. The combined selectivity of the etches 
is better than 10 000:1. The final thickness uniformity of the SOI layer de- 
pends on the uniformity of the thickness of the silicon grown epitaxially, as 
well as on the uniformity of the P ++ layer formation, but thickness standard 
deviations better than 12 nm can be obtained. 

8.2.5 Smart-Cut® 

The Smart-Cut® process combines ion implantation technology and wafer 
bonding to transfer a thin surface layer from a wafer onto another wafer 
or an insulating substrate [50,51]. It consists in a succession of three steps: 
implantation of gas ions (usually hydrogen), bonding to a stiffener, and a 
thermal annealing (Fig. 8.14): 

- Ion implantation of hydrogen ions into an oxidized silicon wafer (called the 
“seed wafer” ). The implanted dose is on the order of 5 x 10 16 cm -2 . At this 
stage, microcavities and microbubbles are formed at a depth equal to the 
implantation range (jR p ). The wafer is preferably capped with thermally 
grown SiC >2 prior to implantation. This oxide layer will become the buried 
oxide of the SOI structure at the end of the process. 

- Hydrophilic bonding of the seed wafer to another oxidized silicon wafer, 
called the “handle wafer” , is performed. 

- A two-phase heat treatment of the bonded wafers is then carried out. Dur- 
ing the first phase, which takes places at a temperature around 500° C, a 
crystalline rearrangement and coalescence of the microbubbles into larger 
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Fig. 8.14. The Smart-Cut® process. A, hydrogen implantation; B, wafer bonding; 
C, splitting of wafer A; D, polishing of both wafers. Wafer A is recycled as a future 
handle wafer 



structures occurs in the hydrogen-implanted region of the seed wafer. 
The hydrogen pressure builds up in the growing cavities and eventually 
the seed wafer splits into two parts: a thin layer of monocrystalline silicon, 
which remains bonded to the handle wafer, and the remainder of the seed 
wafer, which can be recycled for later. The basic mechanism of the wafer 
splitting upon hydrogen implantation and thermal treatment is similar 
to the surface flaking and blistering of materials exposed to helium or 
proton bombardment. During the anneal, the average size of the micro- 
cavities increases. This size increase takes place along a (100) direction 
(i.e. parallel to the wafer surface) and an interaction between cavities is 
observed, which eventually results in the propagation of a crack across 
the whole wafer. This crack is quite parallel to the bonding wafer. The 
second heat treatment takes place at a higher temperature (1100°C) and 
is aimed at strengthening the bond between the handle wafer and the SOI 
film. 

Finally, chemo-mechanical polishing is performed on the SOI film to give it 
the desired mirror-like surface. This layer exhibits significant micro-roughness 
after wafer splitting, such that a final touch-polish step is necessary. This pol- 
ishing step reduces the surface roughness to less than 0.15 nm and consumes 
a few hundred angstroms of the SOI film. Note that because the seed wafer 
can be recycled, only iV + 1 silicon wafers are required to produce N SOI 
substrates. 

The basic mechanisms involved in the Smart-Cut® process are described 
in the following sections. 
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Hydrogen/Rare Gas Implantation 

Implantation of rare gas ions into materials has long been known to lead to 
the formation of blisters at the material surface. The implantation of alpha 
particles (He ++ ions) produced by nuclear reactions into the vacuum walls 
of fusion reactors causes the wall surface to flake and become covered with 
blisters [52]. Implantation of a variety of gases into different materials has 
been shown to cause blister formation, e.g. Ar + in Ge [53], Ar + in Si [54], H + 
in GaP [55], He + in Mo and Nb [56], He + in Ni [57], He + and Ne + in A1 [58], 
Ar + and Xe + in Si [59], and H + in Si [60]. In early blistering experiments, 
high-fluence implantation (10 17 -10 18 cm -2 ) was used to create gas-filled cav- 
ities at a depth near the projected range of the implanted species. If the dose 
is high enough the gas pressure in the cavities leads to mechanical deforma- 
tion of the material above the cavity and forms a blister. If the pressure in 
the cavity is sufficiently large, the lids of the blisters can break and flaking is 
observed at the material surface. 

It is also possible to form blisters by implanting a moderate dose 
(< 10 17 cm~ 2 ) of gas ions and then performing a thermal annealing step 
to promote the coalescence of small gas-containing defects into larger ones. 
For the fabrication of SOI material, it is suitable to use hydrogen implanta- 
tion rather than He or any other rare gas because the low mass of hydrogen 
ions results in the deposition of little energy in the region situated above the 
projected range of the ions. As a result, few defects are created in the silicon 
surface layer (the future SOI film) and most defects are situated at a depth 
near the projected range [61]. 

In the particular case of hydrogen (proton) implantation into silicon, the 
defects created by implantation, or hydrogen-related cavities (HRCs), consist 
of a mix of hydrogen-decorated vacancies, vacancy clusters, and platelets [62]. 
Platelets are flat, disk-shaped microcavities containing hydrogen. Their thick- 
ness is approximately 2 lattice parameters (lnm), their diameter is approx- 
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Fig. 8.15. A: hydrogen implantation and formation of defects (vacancies, vacancy 
clusters, and platelets). B: formation of a blister upon annealing. R p is the projected 
range of the implanted ions 
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imately 10 nm, and they are mainly oriented along (100) planes parallel to 
the (100) surface of the wafer. (Fig. 8.15). Typical implantation doses range 
between 1 x 10 16 and 7 x 10 16 H + /cm 2 . Upon annealing, typically above 
500° C, the hydrogen atoms in the HRCs sever their bonds with silicon atoms 
and diffuse in the silicon. The hydrogen atoms aggregate in the larger defects, 
forcing them to grow in size, through a mechanism called Ostwald ripening: 
the hydrogen atoms lost by the small cavities are captured by larger ones, 
such that larger cavities grow at the expense of the smaller ones [63,64]. 
Molecular hydrogen migrating into the larger cavities causes a buildup of 
pressure and the formation of blisters [65,66]. The coalescence of small de- 
fects into blisters in silicon implanted with hydrogen has been shown to occur 
at temperatures as low as 250°C (Hj, 160 keV, 5 x 10 16 cm~ 2 ) [67]. 

Bonding to a Stiffener 

The Smart-Cut® process is based on harnessing the destructive forces pro- 
duced during blister formation to produce a thin silicon film. This is accom- 
plished by attaching a stiffener to the implanted silicon wafer. Usually the 
stiffener is an oxidized silicon wafer, called the “handle wafer” (Fig. 8.16A), 
but glass, quartz, and other materials can be used as handle substrates as 
well. The implanted wafer is usually called the “seed wafer” because it is 
the wafer from which the thin SOI film will come. An annealing step is then 
performed to both strengthen the bond between the two wafers and to make 
it possible for the smaller HRCs to coalesce into larger, hydrogen- filled struc- 
tures called “cracks” or “microcracks” . 

These cracks correspond to the gas-filled cavities that form blisters in 
the absence of a stiffener. The role of the stiffener is to prevent mechanical 
deformation of the thin silicon layer between the defect region and the SiCU 
layer. In addition, the presence of the stiffener provides a restoring force 




Fig. 8.16. Formation of cracks near the projected range of a silicon wafer implanted 
with hydrogen. A, bonding of the handle wafer (stiffener) to the seed wafer; B, 
formation of a crack network near the projected range upon annealing 
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that opposes the vertical liftoff that leads to blistering and drives lateral 
crack propagation instead. As a result, a network of horizontal cracks filled 
with pressurized hydrogen is created, which creates a “perforated-line” -like 
separation between the top part of the seed wafer and the rest of that wafer. 

Annealing 

The annealing step is responsible for removing hydrogen atoms from the 
vacancy complexes and the platelets and feeding them to the growing micro- 
cracks. Many different experimental techniques have been used to investigate 
the coalescence of small HRCs into larger bubbles, blisters, or microcracks. 
Time-to-blister and time-to-splitting experiments have been carried out in 
order to extract the activation energies involved in the Smart-Cut process. 
The time to splitting of the seed wafer can be accurately measured. It de- 
pends of course on the annealing temperature, but also on the implantation 
conditions (dose and energy, doping species and concentration in the silicon, 
and bonding parameters). Two types of activation energies can be seen from 
an Arrhenius-type plot of l/(splitting time) versus 1/kT (Fig. 8.17). At high 
temperatures the activation energy E a is 0.5 eV, which is very close to the 
activation energy for the diffusion of hydrogen in silicon (0.48 eV). At lower 
temperature the activation energy is approximately 2.2 eV. This corresponds 
to the sum of activation energies for the diffusion of hydrogen (0.48 eV) and 
for breaking the H-Si bonds in the HRCs (1.8 ± 0.2 eV). Thus, at high tem- 
peratures the coalescence of the bubbles is diffusion-limited, while at lower 
temperatures (< 500° C) the reaction is limited by both the extraction of the 
hydrogen from the hydrogen-related cavities and hydrogen diffusion. 

The Ostwald ripening mechanism by which hydrogen migrates from the 
smaller defects into the larger ones has been confirmed by combining in- 
frared spectroscopy and forward recoil scattering (FRS) on wafers annealed 




Fig. 8.17. Arrhenius plot of the time to splitting versus annealing temperature. 
The implant conditions were H + , 69keV, 6 x 10 16 cm -2 [68] 
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without a stiffener. Infrared spectroscopy detects Si-H bonds in the HRCs, 
while FRS measures the total hydrogen concentration (hydrogen in the bonds 
and molecular hydrogen in the forming blisters). FRS shows that there is no 
outdiffusion of hydrogen from the silicon as long as the annealing tempera- 
ture stays below 500° C, and thus that the total amount of hydrogen remains 
constant (Fig. 8.18). Infrared spectroscopy indicates that the amount of hy- 
drogen in the Si-H bonds decreases with annealing temperature between 200 
and 500° C. The hydrogen in the Si-H bonds disappears almost totally for an- 
nealing temperatures above 500° C. This clearly demonstrates the conversion 
of the hydrogen trapped in the HRCs into an unbound form, i.e. molecular 
hydrogen. This hydrogen increases both the size of and the pressure in the 
defects where it accumulates. 




Fig. 8.18. Evolution of hydrogen in Si-H bonds and total amount of hydrogen 
versus annealing temperature. The annealing time was 30 min [69] 



Transmission electron microscopy has been used to measure the size and 
the density of the microcavities with annealing time (T = 450° C). Such a 
study shows that the size of the cavities increases with annealing time, while 
their density decreases. More importantly, the total volume of the cavities 
(the product of their volume with their density) remains constant with an- 
nealing time, once again indicating that the total amount of hydrogen is 
constant and that the gas moves from the smaller defects into the larger ones 
(Ostwald ripening) [70]. 

Splitting 

Splitting of the seed wafer takes place naturally at the end of the annealing 
process, when the silicon is sufficiently weakened near the projected-range 
depth by the network of microcracks and the buildup of pressure in them. 
The duration of the splitting itself is extremely short (probably less than 
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one millisecond) and generates a small audible noise. It is, however, possi- 
ble to induce splitting of the seed wafer by other means, once the silicon 
has been weakened sufficiently by hydrogen implantation and some anneal- 
ing. For instance, splitting can be obtained by dipping the wafer pair into 
liquid nitrogen [71] or applying a mechanical force to the edge of the seed 
wafer [72,73]. Splitting can also be obtained by supplying microwave energy 
to the wafer (2-minute microwave “anneal” at 900 W, 2.45 GHz) after bond- 
ing the implanted wafer and annealing the bonded pair at 150°C [74]. After 
splitting, the SOI wafer receives a final “touch” mechanical-chemical polish 
step to reduce surface roughness and achieve the desired surface flatness for 
the fabrication of SOI devices. Exposure to an HC1 -f H 2 gas mixture in an 
epitaxial reactor can be used to smooth the split surface as well. This tech- 
nique has been shown to reduce the RMS surface roughness of the SOI film 
to less than 0.08 nm [75,76]. 

Further Developments 

The Smart-Cut® process has been subsequently used to transfer thin films 
of materials other than silicon. The literature reports the successful transfer 
of the following materials: SiC [77], GaAs, InP, and LiNbOa [78], SiGe [79], 
and other materials. The process can also be used to fabricate multilayer 
(Si/Si 02 /Si/Si 02 /Si/Si 02 /etc.) structures [80] and to transfer layers with 
patterned structures [81]. Debonding of the thin silicon overlayer from the 
handle wafer and its transfer to a third wafer using a polymer bonding tech- 
nique has been demonstrated as well [82]. It has also been shown that, for 
silicon, co-implantation of boron with hydrogen permits one to perform the 
Smart-Cut® process with a lower thermal budget. This improvement has 
made it possible to transfer a thin silicon film onto quartz after annealing at 
a temperature of only 250° C [83]. 



8.2.6 Eltran® 

The Eltran® (epitaxial layer transfer) technique combines the formation of a 
porous silicon layer, epitaxy, and wafer bonding to produce SOI wafers. The 
properties of porous silicon are discussed in the next section, followed by the 
description of the Eltran® fabrication process itself. 

Porous Silicon 

p-type silicon can readily be converted into porous silicon by electrochemical 
dissolution of p-type silicon in HF ; the silicon wafer is immersed into an HF 
solution and a potential difference is applied between the sample and a plat- 
inum electrode dipped into the electrolyte. The degree of porosity of the layer 
can be controlled by adjusting the current utilized during the reaction. Porous 
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silicon was used in the 1980s to fabricate SOI wafers. The material was called 
“FIPOS” , which stands for “full isolation by porous silicon” [84,85]. Porous 
silicon basically looks like a silicon “sponge” . It is full of wormhole-like cavi- 
ties, but the silicon that has not been dissolved away by the electrochemical 
reaction is still single-crystal. In 1985 it was observed that high-quality sili- 
con layers can be grown epitaxially on porous silicon [86]. Porous silicon has 
two key properties. Firstly, the surface pores can be filled up and sealed by 
baking the material in hydrogen. This property is used to prepare the surface 
before the growth of epitaxial silicon on porous silicon. Secondly, porous sili- 
con has a an extremely large surface-to- volume ratio (200 m 2 /cm 3 ) [87]. As a 
result, porous silicon has a very high chemical reactivity and it is possible to 
etch it in an HF /H 2 O 2 solution with an extremely high selectivity (100 000:1) 
relative to silicon. 

The Original Eltran® Process 

The original Eltran® process was published in 1994 [88]. It comprises the 
following steps (Fig. 8.19): the formation of a blanket porous silicon layer on 
a silicon wafer (seed wafer), followed a hydrogen bake step to seal the surface 
pores, and the growth of a single-crystal epitaxial silicon film. After thermal 
growth of an oxide, the seed wafer is bonded to an oxidized wafer called the 
“handle wafer”. The bulk of the handle wafer is then removed by grinding 
and polishing until the porous silicon layer is reached. The porous silicon 
is removed by etching in an HF/H 2 O 2 solution and a final H 2 annealing is 
applied to smooth the surface. One drawback of the original Eltran® process 
is that it requires two silicon wafers to produce a single SOI wafer. 




Fig. 8.19. The original Eltran® process. A, formation of a porous silicon layer; B, 
growth of epitaxial silicon; C, bonding to a handle wafer; D, polishing of the silicon 
wafer; E, porous-silicon etching 
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Second-Generation Eltran® Process 

Like the Smart-Cut process, the second-generation Eltran® process uses 
N + 1 silicon wafers to produce N SOI wafers. The process is based on the 
formation of a double porous silicon layer, or, more exactly, a layer with two 
different porosities. The juxtaposition of these two layers generates mechan- 
ical stress near the interface between the two types of porous silicon. Then a 
high-pressure (20-60 MPa) water jet is used to “unzip” the seed wafer from 
the handle wafer along the stress region between the two porous silicon layers, 
thereby producing an SOI substrate and a recyclable seed wafer (Fig. 8.20). 
The important steps of the process are described next. 




Fig. 8.20. Second-generation Eltran process. A, formation of a porous silicon layer; 
B, growth of epitaxial silicon; C, bonding to a handle wafer; D, splitting of porous 
silicon layer using a water jet; E, etching and H 2 annealing [90,91] 



The porosity of a porous silicon layer can be modified by changing the 
current density used in the electrochemical reaction that produces it. The 
porosity increases from 20 to 65% when the current density is increased from 
8 to 23 m A/cm 2 [89]; a porous layer with two different porosities can be cre- 
ated by changing the current density during porous-silicon formation. In the 
Eltran® process a low current density is used first to form a low-porosity 
layer at the surface of the seed wafer. A low-porosity surface layer is suitable 
for the subsequent growth of a high-quality epitaxial layer. The current den- 
sity is then increased to produce a higher-porosity layer deeper underneath 
the surface. The difference in porosity generates mechanical stress between 
the two porous layers. A hydrogen bake step is applied to seal the pores at 
the surface, and a silicon layer (the future SOI layer) is grown by epitaxy. 
Hydrophilic bonding is used to attach the seed wafer to a handle wafer. Then, 
a jet of pressurized water with a diameter of 0.1 mm is directed at the edge of 
the wafer assembly. The water jet acts as a liquid wedge that splits the porous 
silicon at the region of maximum stress, i.e. where the two porosities meet. 
Because a liquid rather than a solid wedge is used, the splitting effect propa- 
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gates across the entire wafer assembly, and the porous silicon layer opens like 
a zipper. Once splitting has been achieved, the porous silicon layers can be 
removed from both the seed and the SOI wafer by etching in an HF/H 2 O 2 
solution. A final H 2 annealing is applied to smooth the surface. 



8.3 Conclusion 

After 20 years of intensive research and development efforts, SOI technology 
has reached maturity, and mass production of SOI wafers and SOI circuits 
has become an industrial reality. The number of SOI substrates available 
worldwide has increased from a few tens of thousands in the early 1990s to 
over 2 million in 2003. The available wafer sizes are 100, 200, and 300 mm. 
SOI devices offer tremendous advantages in terms of circuit speed and are 
particularly well adapted to the fabrication of low- voltage circuits for portable 
applications. Several major semiconductor manufacturers are now using SOI 
technology for important lines of products, such as microprocessors. 
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9.1 Introduction 

The impressive progress in semiconductor electronics during recent decades 
can be traced to a unique combination of basic conceptual advances, the 
perfection of new materials and the development of new device principles. 
Ever since the beginning, we have witnessed a fantastic growth in silicon 
technology. This development would hardly have been possible without an 
increased understanding of semiconductor materials and a better insight into 
the important role of defects for improving material and device quality. It is 
therefore not surprising that a large variety of measurement techniques for the 
characterisation and identification of defects has been developed right from 
the beginning, with the aim of further increasing our understanding of defects. 

In contrast to compound semiconductors, which are in general tainted 
with non-stoichiometry and other intrinsic imperfections, defect studies are 
quite often much easier to perform in elementary semiconductors such as sili- 
con and germanium. This does not necessarily imply that the electronic struc- 
tures of defects in elementary semiconductors are less complex than in com- 
pound semiconductors. Several studies on silicon have shown that even the 
electronic structures of point defects can be rather complex. Compared with 
group III and V impurities, which have rather small binding energies and are, 
hence, well described by the effective-mass approximation [1], it is well known 
that impurities from other groups of the periodic table in most cases exhibit 
very different properties. This is particularly true for transition metals. 

The good understanding of group III and V impurities in silicon in the 
early days was at least partly due to the fact that their electronic structure 
is easily studied by absorption and/or photoconductivity, and that the cor- 
responding spectra in general are line spectra, which offer a great amount 
of information. Although comparably good line spectra of group VI impuri- 
ties with considerably larger binding energies were already available in 1962 
owing to the pioneering work of Krag and Zeiger [2], it was the introduc- 
tion of junction space charge techniques that delayed the wider appreciation 
of characterisation techniques involving high-resolution spectroscopy. Those 
latter techniques were rediscovered at the end of the 1970s and contributed 
to several breakthroughs, in particular with respect to the understanding of 
deep defects. 
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A large variety of measurement techniques for the characterisation and 
identification of defects in silicon are available. These techniques comprise 
both bulk and junction space charge techniques (JSCTs). Earlier studies 
involved mostly bulk measurements such as photoconductivity, electrical and 
magnetic methods, as well as absorption and various forms of luminescence 
measurements. All these methods allowed the study of thermal “activation 
energies” and/or optical threshold energies, however, only very rarely could 
absolute values of fundamental electronic parameters be determined. 

The situation changed markedly with the introduction of junction space 
charge techniques, such as photocurrent [3] and dark capacitance [4] measure- 
ment techniques. Most of these methods, in particular deep-level transient 
spectroscopy (DLTS) [5], allow the determination of defect concentrations 
and the direct measurement of important electronic parameters such as ther- 
mal and optical emission and capture rates. 

In parallel with the development of these characterisation techniques, the 
application of spin-dependent measurements such as electron paramagnetic 
resonance (EPR) [6] provided another breakthrough, this time in the area 
of chemical identification. Unfortunately, the data obtained with these tech- 
niques can very rarely be directly related to defects that have been studied 
by, for example, JSCTs. This implies that many defects in semiconductors 
that have been accurately characterised (for example, certain gold centres 
in silicon) have never been identified, and vice versa, since spin-dependent 
measurement techniques are in general not the perfect tools for studying 
electronic parameters. Techniques combining spin-dependent data with other 
methods [7] such as characterisation measurements are therefore extremely 
important. Photo-EPR is one such example. 

Both bulk measurement techniques and JSCTs have been developed fur- 
ther and, in particular, high-resolution absorption and photo-thermal ioni- 
sation spectroscopy (PTIS), as well as admittance spectroscopy techniques, 
have been applied to study defects in silicon and in other semiconductors. By 
using these high-resolution measurement techniques, information is readily 
obtained on binding energies, charge states, symmetry and lattice relaxation 
as well as on the kind of transition (donor- or acceptor-like) and whether the 
defect is isolated or a complex. In contrast to luminescence measurements, 
both PTIS and high-resolution absorption measurements can be used in the 
study of defects, regardless of whether they are considered as radiative or 
non-radiative defects. 

Additional information on the energy structure and electronic properties 
of defects in silicon is often obtained by applying perturbation spectroscopy, 
such as Zeeman spectroscopy [8] and piezo-spectroscopy [9] . In particular the 
latter technique has been proven to be very useful for the study of defects in 
silicon. 




9 Defect Spectroscopy 173 



9.2 Fundamental Parameters Characterising 
the Properties of Defects 

The electronic properties and thus the influence of defects on the electrical 
and optical properties of a semiconductor are usually described by the bind- 
ing energy of the ground state Ft, the emission rates e n5P and the capture 
constants c RjP . Here, e n = e° + and e p = e£ + are the sums of the op- 
tical and thermal emission rates of electrons and holes, respectively. Similar 
notation is used for the capture constants. Since for all kinetic processes the 
total concentration of the defect TVtt is of great importance, one of the goals 
of defect spectroscopy is to determine the ten fundamental parameters Ft, 
e n,p’ e n,p’ C n,p’ C n,p ancl ^TT aS accurate ly as possible. 

Thermal and optical emission processes are separated by performing mea- 
surements in darkness or under illumination below the freeze-out tempera- 
ture. Most JSCTs for the measurement of capture constants are methods for 
studying the sum of the capture constants of the dominant radiative and 
non-radiative capture processes, c n , p = c^ p + c° p . 

The capture constant c n , p is related to the thermal emission rate e^ p by 
the detailed balance relationship (Engstrbm and Aim 1978) [10]: 

e n,p = c n ,piVc,v exp (—AG njP /kT). (9.1) 

Here, N c or N v is the effective density of states in the conduction or valence 
band, respectively, and AG n or AG P is the change in the Gibbs free energy 
needed to emit an electron or hole from the defect. The optical binding en- 
ergy AG° p of the defect with respect to one of the energy bands can be 
obtained from the Gibbs free energy using the relation (Rees and Almblad 
1980, unpublished) 

zAG^ p = ^G n , p + kT In g, (9.2) 

provided the electronic degeneracy g is known. Except where otherwise men- 
tioned, the conventional notation for the energy position of a centre F T 
(which in the above notation corresponds to AG° = F g — AG°) is used 
in the following, where F g is the energy bandgap. Since both AG n , P and 
c n p are usually temperature dependent, the energy position of a defect can- 
not be determined by measuring the temperature dependence of the thermal 
emission rate alone (for example by DLTS). AG n ^ p and hence AG^ p are only 
obtained when the temperature dependences of both p and c n , p are known. 

This is readily shown by taking into account that AG n , p is related to both 
the change in enthalpy AH n , p and the total change in entropy AS n?p by the 
relation 

AG n , p = Affn.p - T AS n , p. (9.3) 

Assuming an exponential temperature dependence of the capture cross sec- 
tion (which in many cases is a good approximation), 

CTn.p = Cn.p/Sh = Co exp (-AH^ p /kT), (9.4) 
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the thermal emission rate per centre is given by 

e* ;P /T 2 = M' exp (AS n , p /k) exp {-{AH n ^ + AHl p )/kT\. (9.5) 

Here, t’th is the thermal velocity, a Q is a temperature-independent pre-factor 
and AH^ p is an activation energy which can be interpreted as the change in 
enthalpy due to the capture of a charge carrier. M' — cr 0 ^t\iN c ^T~ 2 is then a 
temperature-independent factor. Plotting log (e* P /T 2 ) versus 1/T gives an 
activation energy 

AE' = Aff n , p + AHl p (9.6) 

that in most cases is quite different from AG n , p and, hence, does not give any 
information on the energy position of the defect, in contrast to what is often 
pretended. It is also often forgotten that cr n;P is not accessible from such a 
plot, since the pre-exponential factor M' contains a 0 and not cr n p . Also, for 
vanishing AH^ p1 capture cross-sections cannot be determined from a plot 
of log (e* P /T 2 ) versus 1/T if AS n , p is not known, which is often the case. 
Considering that AS n , p is difficult to obtain from measurement technique 
others than JSCTs, it is quite obvious that capture cross-sections can only 
be obtained from separate measurements. 

Using (9.4) and (9.5), it is readily seen that AH n p can be calculated di- 
rectly from the temperature dependence of the emission rate and the capture 
cross-section without knowing the absolute values of those quantities. AG n , p 
is obtained by inserting absolute values of e* and c njP into (9.1). Consid- 
ering that absolute values of capture cross-sections are in general difficult to 
measure, it is recommended that one should perform this procedure for sev- 
eral temperatures and plot the calculated AG n , p values versus T. From the 
slope of the regression line, the absolute value of AS n ^ p is obtained, and at 
T = 0, the Z\G n?p value gives AH n p . This approach both is simple and has 
the advantage of presenting Z\G n?p as a function of temperature; Z\G n?p is 
the proper energy to be used for the comparison of thermal data with optical 
data, at least at lower temperatures. 

It has already been mentioned that absolute values of capture cross- 
sections are difficult to obtain for certain defects. From the above procedure 
for calculating thermodynamic quantities, it is not possible to check whether 
or not the measured cross-sections are correct or whether they differ by a 
constant factor. If the cross-sections differ by a constant factor, the change in 
entropy but not the change in enthalpy will vary, as long as the temperature 
dependence of and c n?p has been measured properly. Incorrect absolute 
values of c n?p are therefore not seldom the explanation for unrealistic values 
of changes in entropy in the literature. 

As pointed out earlier, the capture processes of charge carriers via a defect 
may differ depending on the electronic structure of the defect. For example, 
considering that the energy structure of a defect in general consists of a ladder 
of excited states, the assumptions made in (9.4) may not always be fulfilled. 
It has therefore been suggested that the capture of charge carriers, at least 
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at the beginning of the capture process, is sometimes better described by a 
cascade process, as proposed by Lax [11] and revised by Abakumov et al. [12]. 
Using this model, the capture cross-section of electrons is then given by 

<r* - (2 rk/m* n s)T- 3 , (9.7) 

where s is the velocity of sound, T a temperature-independent factor and ra* 
the density-of-states effective mass. 

Another example is the model of Gibb et al. [13], who proposed carrier 
capture into the ground state via a single excited state in competition with 
thermal re-emission back to the valence or conduction band. 

Several studies performed with different assumptions about the temper- 
ature dependence of the capture cross-section have shown that the change 
in enthalpy obtained from a combined analysis of cr* and is independent 
of the assumed temperature dependence of crj; as long as a proper analysis 
of e* is performed and (9.1) is not violated. A more comprehensive study 
of the temperature dependence of capture cross-sections may nevertheless 
be useful, since different capture processes give rise to different temperature 
dependences, which therefore in turn give information on the capture process. 



9,3 Junction Space Charge Techniques 

During recent decades, a great variety of different junction space charge tech- 
niques have been developed for the study of electronic properties of defects. 
Owing to the limited space available, only the common basic principles of 
these techniques will be discussed. 

Junction space charge techniques are very useful and, in principle, simple 
techniques for a fast determination of important parameters such as con- 
centrations, emission rates, capture constants and thermal activation ener- 
gies. However, most JSCTs do not exhibit sufficient energy resolution for 
a comprehensive analysis of, for example, the energy structures of defects. 
Independent of the labelling of some of the JSCTs, they are in general not 
spectroscopic methods, as shown later when high-resolution absorption and 
other measurement techniques are discussed. 

9.3.1 Capacitance Techniques 

Both steady-state and transient capacitance techniques are popular tech- 
niques for the characterisation of defects. Transient capacitance measure- 
ments can be performed either by keeping the reverse voltage constant and 
measuring the change in capacitance or by keeping the capacitance of the 
diode constant and measuring the change in reverse voltage [14]. In the lat- 
ter case, the degree of defect compensation is far less critical than in the 
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former case but since this technique is not used as often as the former one, 
the discussion here is restricted to methods with constant reverse bias. 

The transient dark capacitance technique was originally suggested by 
Williams [15]. A comprehensive treatment of this measurement method was 
later given by Sah et al. [4]. Lang [5] extended this technique to a high- 
frequency transient thermal scanning method (DLTS), which is a fast char- 
acterisation method and not limited to majority carrier traps. 

Thermal Measurement Techniques 

When transient capacitance techniques are used, the reverse-bias voltage Vr 
of a Schottky barrier or one-sided p-n junction is momentarily reduced for 
a short time t s . The depletion region then contracts, thereby making free 
charge carriers available for recombination processes. The spatial location in 
which first recombination and then emission take place is the region through 
which the depletion layer is moved. 

To be more specific, the following discussion is related to abrupt p + -n 
junctions with a single donor-like defect of concentration Ntt in the upper 
half of the bandgap. The capacitance of such a junction is given by 

C(t) = Aes 0 /W(t ) = [A^eeoNiit) / 2(Vb + V K )} 1 / 2 , (9.8) 

where Vr is the diffusion voltage, A is the area of the junction, e is the 
dielectric constant and W is the width of the space charge region. The above 
relation shows that the capacitance of such a junction depends on the space 
charge and, hence, on the spatial variation and the total concentration of all 
ionised impurities ATi(t), which in our case is given by 

N\(t) = Nr + px(£) = A^d ~f A^tt — rcx(£)- (9.9) 

Here Nr is the total concentration of shallow donors, which, owing to their 
small binding energies, are all assumed to be ionised, and />r(£) and nx(£) are 
the concentrations of empty and filled defect centres, respectively. For diodes 
with Nr ^ A^tt 5 expansion of (9.8) in a Taylor series gives the following 
relation for the total change of the diode capacitance: 

AC = C[n T (t 2 )] - C[n T (ti)] 

= [nx(G) — n^(t2)](l/2)[A 2 q£E{) £2 2(Vr + Vr)A^d] 1//2 (9.10) 

= const. [n T (£i) - n T (t 2 )\, 

where nx(£) is the concentration of defects occupied by electrons at time t. 
The constant of (9.10) can either be determined experimentally or be calcu- 
lated if Vr and Afo are known [16]. With properly chosen initial and final 
conditions, the total concentration of the defect TVxt is then readily obtained 
from (9.10). This is, for example, the case when e* e* and the reverse- 
biased diode is short-circuited in darkness for a short time interval so that 




9 Defect Spectroscopy 177 



n T (ti) = 72 t (0) = A^tt and nx^) = n t(oo) = 0. This technique can also be 
used for profiling TVtt by performing the measurements at different reverse 
biases. 

The change in the electron occupancy of a defect is given by the following 
rate equation: 

dn^/dt = dp/dt — dn/dt = e p pT — c p pn^ — e n riT + c n np^. (9-11) 

Within the space charge region, where both n and p are negligibly small, 
integration of (9.11) gives 

72 X (t) = Ntt(c p + <5p)/ (e° + ep + e° + e*) 

+ [?2t(0) — N TT (e° + e^)/ (e° + e p + e° + e*)] (9.12) 

exp [-(e£ + e* +e£ + e*)t]. 

If, after short-circuiting the diode, not only AC but also the time constant r of 
the capacitance transient is measured in darkness (e° = = 0), one obtains 

T = V( e p + e n)- (9.13) 

For < e{j, the absolute value of the thermal emission rate for electrons is 
then directly obtained from the decay time constant r. 

When and e p are of comparable magnitude, absolute values of are 
obtained by using both AC and r. Considering that in this case nT(£i) = N^t 
and nx (^2 = oo) = Ntt e p /( e p + e*), one obtains from (9.10), (9.12) and 
(9.13) 

= zlC^const. N^t t) 1 . (9.14) 

Because the constant is only weakly temperature-dependent, at least in the 
temperature range where the shallow donors are completely ionised, the tem- 
perature dependence of is in most cases readily obtained by using (9.14). 
Once e* is known, can be determined using (9.13). 

The measuring technique discussed above can also be used for measuring 
capture constants if the measurements are performed in darkness (e° = e° = 
0) and below the freeze-out temperature (e* = e* =0). When the reverse bias 
is reduced, the depletion region contracts and free carriers enter the region 
through which the depletion region has moved. This process is very fast 
and results in an electrically neutral region almost simultaneously with the 
presence of free charge carriers available for capture into empty defect states. 
The concentration of free charge carriers in the region where the capture 
process occurs is the same as in the neutral region. For centres partly empty 
before the reverse bias is reduced (tit(0) < ATtt) (obtained, for example, 
by illuminating the sample with sub-bandgap light), the time dependence of 
tit(£) is obtained by integrating (9.11) (p = 0), giving 



72t (t) = Att ~ [Att — nx(0)] exp ( c n nt ). 



(9.15) 
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Inserting (9.15) into (9.10) shows that the time constant for the corresponding 
change in capacitance is the same as for nx(£), i.e. 

t = l/c n ». (9.16) 

The change in the capacitance due to the reduction of the reverse bias is mea- 
sured after the diode is reverse biased again (see Fig. 9.1). Since c* = a^v t h, 
the thermal capture cross-section crj; for a non-radiative capture process can 
be obtained by dividing the capture constant by the average thermal velocity 
of electrons v t h — (3/cT/ra*) 1 / 2 . It is easily shown that this measurement 
technique is not limited to defects in the upper half of the bandgap. 




m 








Fig. 9.1. Diagram illustrating measurements of capture cross-sections at temper- 
atures below the freeze-out temperature (from [16]) 



Once the temperature dependence and the absolute values of c n and 
are known, AH n is obtained from (9.4) and (9.5), AG n is obtained from (9.1), 
AS n is obtained from (9.3), and AG ° is obtained by using (9.2). 

The single-transient capacitance techniques for measuring capture and 
emission constants have been developed further into methods that repetitively 




9 Defect Spectroscopy 



179 




TIME C(t,)-C{t 2 .i 



s 



Fig. 9.2. Schematic representation of DLTS measurements (from [17]) 



apply or reduce the reverse bias of the diode [17]. These techniques simplify 
the initial characterisation of semiconductors, in particular when more than 
one defect is present. This type of technique, which originally was called deep- 
level transient spectroscopy (DLTS) [5], makes use of the fact that under 
certain experimental conditions, the capacitance transient, when the reverse- 
biased diode is pulsed to lower reverse bias or into forward bias, is exponential, 
with an initial amplitude that is proportional to the defect concentration (see 
(9.10)) and a time constant r given, for example, by (9.13). By measuring 
the capacitance transient at two different but fixed times t\ and £2 (rate 
window) by using, for example, a double boxcar averager or lock-in amplifier, 
it can be shown that the difference of the capacitances AC = C(t\) — C(t 2 ), 
when measured as a function of temperature, goes through a maximum at a 
temperature T max (Fig. 9.2). For a p + -n junction and a defect in the upper 
half of the bandgap (e* <C e*), the time constant of the transient and the 
emission rate at T max are correlated with the rate window by the relation 

e n = 1/t = ln(£ 2 /£i)/(£ 2 - £ 1 ). (9T7) 

The thermal activation energy AE l of the defect is obtained by repeating the 
temperature scan for different rate windows £ 1 , £2 and plotting log(e n /T 2 ) 
versus 1/T. 
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If there are several defects present, the transient will be a sum of exponen- 
tials, each having a time constant at some characteristic temperature equal 
to the value set by the rate window. The rate window separates the expo- 
nentials so that scanning the temperature produces a series of peaks (one for 
each defect contributing to the measured transient), whose amplitudes are 
proportional to the corresponding defect concentrations. 

DLTS techniques may also be used for studying capture constants. Re- 
verse biasing a p + -n junction with a defect in the upper half of the band gap, 
for example, will fill empty defect states at a rate given by (9.15). Hence, us- 
ing a constant rate window but varying the filling-pulse width t s <C l/c n will 
result in DLTS peaks of varying height. Plotting the change of the DLTS 
peak height logarithmically against t s will result in a straight line, the slope 
of which corresponds to the thermal capture constant of electrons at T max . 
Performing these measurements at various rate windows leads to c n (T). 

A large number of refinements and variations of the original DLTS method 
has been developed. One of the most complete lists of references on this 
subject is given in [42]. 

Though JSCTs are widely used, their applicability is sometimes restricted 
owing to inherent limitations given by the insufficient energy resolution. 
JSCTs are therefore in general not spectroscopic measurement techniques. 
Other limitations of these techniques become evident when one is studying, 
for example, emission processes. Using JSCTs implies that emission processes 
are always studied in the presence of high electric fields, whereas capture 
processes are measured under zero-field conditions. It has been shown that 
electric fields affect activation energies, for example. Electric-field effects on 
the thermal emission of charge carriers may in principle arise from differ- 
ent physical processes and hence result in different field dependences. It has 
therefore been suggested that a study of the electric-field-assisted thermal 
emission may be used to distinguish between donor centres and acceptor cen- 
tres [18] and/or establish the charge state of a centre [19]. Detailed studies of 
field-enhanced emission processes on single substitutional chalcogen donors 
in silicon have shown that these distinctions are in general not possible with 
JSCTs owing to their complexity [20]. On the other hand, both the charge 
state of defects and the distinction between donor-like and acceptor-like tran- 
sitions are readily studied by using high-resolution optical measurements, as 
shown below. 

Field-enhanced thermal emission processes can nevertheless be investi- 
gated by JSCTs, for example by using single-shot measurements [20]. In this 
case, a narrow range within the space charge region of the junction is selected 
by measuring the difference between two transients that are recorded at two 
slightly different pulse voltages at constant reverse bias. Under these circum- 
stances, thermal emission processes are studied at a rather constant electric 
field strength. The field strength is varied when the reverse bias is changed. 
Using this measurement technique, good agreement has been obtained be- 
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tween the zero-field enthalpies AH n and the optical binding energies at low 
temperatures in spite of rather large field effects. 

Another limitation of JSCTs arises from the RC product of the diode. 
Knowledge of the influence of the RC product is of particular interest when 
one is measuring large capture constants, since the upper limit of the capture 
cross-section that can be measured by DLTS is normally determined by the 
RC product of the diode. Further complications arise from the fact that the 
width of the space charge region changes during the applied capture pulse and 
that the concentration of captured electrons is therefore not constant, but will 
vary depending on the position within the space charge region of the reverse- 
biased diode. It has been shown [21] that the value of the RC product must be 
at least a factor of ten smaller than the time constant of the capture constant 
in order to avoid considerable errors in the determination of the capture 
constant. These errors can easily remain undetected in an ordinary analysis. 



Optical Measurement Techniques 

Transient capacitance measurements have also been applied for measuring 
optical emission rates, by keeping either the reverse bias or the diode ca- 
pacitance constant. In what follows, the measurements are assumed to be 
performed at constant reverse bias below the freeze-out temperature of the 
defect (e* = = 0). Equation (9.12) then gives 

n T (t) = A r TTep/(ep-hen) + [n T (0)-7V T Tep/(ep+en)]exp[-(ep+e°)t], (9.18) 

implying a similar time constant for AC. If the initial conditions are chosen 
such that nx(0) = Ntt by reverse-biasing a previously short-circuited p + -n 
junction and then illuminating the diode with photons of energy hv such that 
E c — E v > hv > E c — Et, the resulting total change of the diode capacitance 
is obtained from (9.10) and (9.18) as 

AC = const. N TT e° n /{e° p + e° n ). (9.19) 

Hence, by measuring AC and the time constant r = l/(e° +e°) of the capac- 
itance change for different photon energies, one can calculate the spectral dis- 
tribution of the photoionisation cross-section cr° = e°/0 by using (9.19), since 

= AC (const. Ntt& t) -1 . (9.20) 

Here, (j> (s -1 cm 2 ) is the photon flux used for the optical excitation. The 
measurements are particularly simple in the energy range Et — E v > hv > 
E c — Et , since for these energies e° = 0 and absolute values of e° are gained 
directly from the transient time constant r. 

The spectrum of e° is obtained from similar measurements by choosing 
the initial conditions such that nx(O) = 0. This can be achieved by first 
illuminating the sample with photons of energy Et — E v > hv' > E c — Et 
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prior to the measurements. If the junction is then illuminated with photons 
of energy E c — E v > hv > Et — E W1 cr° can be obtained from a similar 
relation to (9.20), including the same constant. Because, in the energy range 
£t — E v > hv > E c — F/p, is obtained directly from r, the constant can 
be determined when AC is measured at the same photon energy and TVtt 
is known. It should be noted that if the defect is partially filled and then 
illuminated with photons of energy somewhat less than half the bandgap, 
the sign of AC gives information on the position of the defect, i.e. whether 
the defect is in the upper or lower half of the bandgap. This is an important 
advantage of the photocapacitance technique compared with photocurrent 
measurements. 

Spectral distributions of photoionisation cross-sections can also be ob- 
tained from photocurrent methods. Considering that the steady-state pho- 
tocurrent is given by 



I ph = qA(W - W 0 )N TT e° p e°J(e° p + e°), (9.21) 

where W — W Q is the effective generation region [22], it is quite clear that, for 
a defect in the upper half of the bandgap, e° can only be measured if e° < e°. 
On the other hand, there is no simpler and faster way of measuring optical 
emission rates with reasonable accuracy than by photocurrent measurements, 
since the optical emission rates are obtained directly and with high sensitivity. 
For the determination of e°, other photocurrent techniques such as the dual- 
light-source steady-state photocurrent method [23] have to be used. 

In addition to the already mentioned JSCTs for measuring optical prop- 
erties, there are quite a number of steady-state measurement techniques. 
These techniques allow one to study defects at higher temperatures than can 
be used in transient measurements [23-25], for example, and/or to provide 
single exponential transients, which are not always obtained with conven- 
tional transient measurements owing to the free-carrier tail extending from 
the neutral region into the space charge region [26-28]. 

It is fair to say that spectral distributions of photoionisation cross-sections 
obtained with these techniques do not in general provide much information on 
the electronic structure of defects, because in most cases the spectra are rather 
smooth and the threshold energies are often broadened owing to competing 
processes. Other techniques have therefore been developed for deriving these 
defect properties from measurement methods with much higher resolution. 



9.4 Optical Measurement Methods 

Other than Junction Space Charge Techniques 

9.4.1 Photothermal Ionisation Spectroscopy 

Because most of the defects in silicon are non-radiative, absorption and pho- 
tothermal ionisation spectroscopy (PTIS), as well as admittance techniques, 
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Fig. 9.3. PTIS spectra of indium-doped germanium (p-type) at different temper- 
atures (from [29]) 



are of particular interest for optical studies of these defects. In contrast to 
the absorption measurements that are widely used, PTIS is less well known, 
though this technique has been used to study shallow centres with small 
binding energies for more than 30 years [29] . It took quite a while before this 
method was employed for studying so-called deep defects with larger binding 
energies. PTIS is a thermally enhanced photoconductivity method, based on 
the optical excitation of charge carriers from the ground state of a defect 
into excited states, followed by thermal ionisation of the excited defect. The 
absorption of a photon may or may not result in a positive PTIS signal, de- 
pending on whether or not the charge carrier is finally excited into the band 
continuum. 

These basic properties of PTIS can be easily recognised in Fig. 9.3, which 
shows typical PTIS spectra of a shallow acceptor in germanium at different 
temperatures [29]. The defect (indium) has a binding energy of 11.7 meV. 
Transitions from the ground state into the valence-band continuum are seen 
as a broad, featureless spectrum at energies greater than the binding energy. 
On the low-energy side of the spectrum, five lines are observed. The signal of 
these lines increases with increasing temperature owing to two-step excitation 
via excited states, where the second excitation process is a thermal process. 
In contrast to absorption measurements, signals from shallower energy levels 
are therefore favoured over signals from deeper levels. 

Another interesting difference between PTIS and absorption measure- 
ments is the high sensitivity of PTIS. Early investigations of shallow centres 
showed [29] that under certain conditions, especially in a particular tempera- 
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ture range, the PTIS signal is independent of the defect concentration down 
to very low values (10 5 cm -3 in germanium). 

A further advantage of PTIS compared with absorption measurements 
is due to the fact that PTIS involves a two-step excitation process. This 
implies that PTIS allows one to study not only optical transitions, revealing 
the energy structure of the defect, but also the thermal properties of each 
excited state involved in the spectrum. 

To illustrate the technique in more detail, the neutral substitutional sele- 
nium donor in silicon will be used as an example. The PTIS spectrum of the 
centre will be shown in Fig. 9.4. Since not all lines are observed in high res- 
olution at one temperature, the spectrum between 2360 and 2500 cm -1 was 
recorded at 24.7 K and the spectrum between 2110 and 2230 cm -1 at 65.8 K. 
The spectrum consists of a continuum part at higher energies and several 
lines at lower energies that reflect the energy structure of the neutral sele- 
nium centre. Leaving out the s states, a comparison of the peak energies with 
the effective-mass approximation (EM A) shows (Fig. 9.5) that the structure 
of the spectrum is in perfect agreement with the EMA [1]. This implies, for 
example, that the peak at the second lowest energy corresponds to transitions 
from the ground state ls(Ai) to the 2p 0 state and that the peak with the 
highest energy is generated by transitions from the ground state to the 5p± 
state. From a line spectrum such as the one shown in Fig. 9.4, the binding 
energy of the ground state is easily obtained, e.g. by measuring the excitation 
energy of the transition ls(Ai) 2p± and adding the EMA binding energy 
of the 2p± state (6.40 meV), which gives 306.63 meV for the binding energy 





Wave number (cm-1 ) 

Fig. 9.4. PTIS spectra of Si:Se° (from [32]) 
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Fig. 9.5. Energy states of the first electron bound to a selenium donor in silicon. 
The spectrum shown can be obtained by PTIS or absorption 



of the ground state. Once the ionisation limit is known, the binding energies 
of all excited states are readily derived. 

Since the EM A binding energies of excited states increase with Z 2 , where 
Z is the core charge, the energy spacing of the excited states tells us whether 
the defect is neutral or charged, i.e. whether the defect is, for example, a 
single or a double donor. The line spectrum also reveals whether the opti- 
cal transitions are donor- or acceptor-like (because they are different) and 
whether the defect is isolated or forms a complex. If, for example, the defect 
consists of a pair instead of an isolated substitutional chalcogen atom, the 
local symmetry is lowered from tetrahedral to trigonal, which causes a split- 
ting of the s states, whereas the binding energies of the p, d and f states are 
more or less unaffected [30]. 
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Neither these high-resolution optical measurements nor JSCTs give in- 
formation on the chemical identity of the defect. This information is often 
obtained from ESR measurements in combination with other techniques, for 
example by correlating the ESR spectrum with the energy position of the 
defect when the sample is illuminated with monochromatic light of differ- 
ent energies. Owing to the different time dependences of the photon-induced 
valency change of the ESR active centre for different photon energies, the 
spectral distribution of the optical emission rate can be measured and be 
compared with the spectrum obtained from JSCTs [31]. 

Another technique for identifying defects is based on the fact that im- 
purities with masses smaller than that of the host crystal atoms have, in 
general, vibrational frequencies well above the phonon frequency spectrum. 
This gives rise to vibrational modes with sharp spectral absorption bands in 
the infrared due to a strong spatial localisation. In conjunction with isotopic 
doping, it is then possible to identify the atoms involved in certain defects. 

Moreover, using local-vibrational-mode (LVM) spectroscopy together 
with perturbations such as polarization of the probe light and uniaxial or 
hydrostatic stress allows one to determine the structure of defect complexes. 
It was the development of powerful Fourier transform spectrometers that 
made the fast expansion of LVM spectroscopy possible. 

Examples of light impurities that have been successfully investigated in 
both elemental and compound semiconductors are hydrogen, carbon and oxy- 
gen. LVM spectroscopy is also used industrially for the control of various 
stages in the production of both silicon and integrated circuits. 

More detailed treatments of LVM spectroscopy in semiconductors have 
been presented by Barker and Sievers [33], by Spitzer [34] and by New- 
man [35]. A further review has recently been published by Haller [36]. 

The thermal properties of the excited states are studied by measuring 
the PTIS spectra at different temperatures and by plotting the logarithm 
of the integrated signal of each peak versus 1/T (Fig. 9.6). From the slope 
of the straight line, the thermal activation energy AE l (9.6) is obtained, 
provided (9.4) is valid [3]. If AH^ is similar for all excited states, a plot of 
AE t versus the optical energy AE° needed for the excitation of an electron 
from the ground state into one of the excited states is expected to give a 
straight line with slope 1 (Fig. 9.7), intercepting the AE° axis at an energy 
given by the sum of AH^ and the binding energy of the ground state. If 
all data points lie on a straight line, this proves that all peaks of the PTIS 
spectrum originate from the same defect and that the capture process is 
similar for all excited states. Hence, if some of the data points do not lie 
on the straight line, this may imply that these states are correlated with a 
different defect or that the capture mechanism of these excited states differs 
from other excited states. 

Two interesting conclusions can be drawn from the data presented in 
Fig. 9.6: (1) PTIS reveals thermal activation energies with much better ac- 
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1000 /T (K* 1 ) 

Fig. 9.6. Integrated amplitude of the 2p± line for the neutral selenium donor in 
silicon as a function of reciprocal temperature (from [32]) 




Fig. 9.7. Thermal activation energies of all lines higher than ls(T 2 ) (see Fig. 9.4) 
as a function of optical excitation energy (from [32]) 
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curacy than, for example, JSCTs. This is due to the fact that the PTIS 
technique inherently selects centres with very similar electronic properties. 
(2) The thermal activation energy AE l obtained is very close to the optical 
binding energy, seemingly implying that the A of higher excited states is 
small. This also explains why the regression line of Fig. 9.7 intercepts the 
AE° axis at an energy (306.5 meV) that is almost identical to the binding 
energy of the ground state. The fact that the experimental value for the 2p 0 
(and maybe also for the ls(X 2 )) peak does not lie on this line suggests that 
different capture properties for these excited states may be valid. 

PTIS spectra taken at different temperatures show [31] that the opti- 
cal binding energies of all states, including the ground state, are almost 
temperature-independent and that any shift in the relative position of the 
peaks seems to be related to the temperature dependence of the dielectric 
constant. 

9.4.2 Fourier Photoadmittance Spectroscopy 

Fourier photoadmittance spectroscopy (FPAS) [37] combines the advantage 
of two well-known measurement techniques, namely admittance spectroscopy 
as applied to diodes [38] and Fourier spectroscopy as applied to photocon- 
ductors [39]. It has the signal-to-noise ratio and resolution of Fourier spec- 
troscopy, and the sensitivity of junction techniques. 

The spectrometer used in this measurement technique is a Fourier trans- 
form infrared (FTIR) spectrometer. The usual detector is replaced by the 
sample, which in this case is a diode. As the light intensity varies, an os- 
cillating current is generated in the external circuit of the diode owing to 
excitations from and capture into localised energy states within the forbid- 
den energy gap. Using a diode as a detector in an FTIR spectrometer implies 
that the detector signal is a combination of a large number of oscillating cur- 
rents, each current component having a frequency proportional to the energy 
of the corresponding component of the incident light spectrum. This signal 
is stored in the computer of the spectrometer, and after a suitable period of 
data collection is Fourier transformed into the spectral response of the diode 
to the known incident spectrum. It has been shown that the alternating cur- 
rent in the external circuit of the diode is proportional to the optical emission 
rate e° if transitions to only one of the energy bands are involved [40]. The 
experimental conditions can often be arranged such that deviations from lin- 
earity between the response and the emission rates are small. 

FPAS has several advantages compared with conventional absorption and 
junction techniques. Since the light passes through only a very short distance 
before it becomes active, its intensity is much less affected by phonon absorp- 
tion than in absorption measurements. Compared with conventional optical 
junction techniques, it is much faster, and the resolution is considerably bet- 
ter. It is the only junction technique that allows the optical study of energy 
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levels smaller than 0.2 eV. Furthermore, measurements on diodes involve de- 
pletion regions or their edge zones. The small width of the active part of 
the depletion region makes space charge regions particularly suitable for the 
study of defects in thin layers deposited epitaxially on a thicker substrate or 
of defects introduced by shallow diffusion. In this case, suitable junctions are 
obtained either by depositing a metal film on the layer that is to be studied, 
or by doping a thin surface layer p + or n + . 

When very high resolution is not required, the FTIR spectrometer can be 
replaced by any other spectrometer with proper modulation of the monochro- 
matic light. The measurement technique is then called photoadmittance spec- 
troscopy (PAS) [41]. 
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10 Silicon and Its Vital Role in The Evolution 
of Scanning Probe Microscopy 



F.J. Giessibl 



10.1 Introduction 

Silicon has played an important role in the development of scanning probe mi- 
croscopes. The 7x7 reconstruction of silicon has been a challenge for surface 
scientists for more than two decades. In 1983, the scanning tunneling micro- 
scope (STM), invented by Gerd Binnig and Heinrich Rohrer, yielded the first 
atomically resolved image of Si (111) (7x7) in real space. The information 
contained in this data has helped to develop the dimer-adatom-stacking-fault 
model of Takayanagi et al. The Si (111) (7x7) surface has been considered a 
touchstone for a different scanning probe microscope: the atomic force micro- 
scope (AFM). While STM images of the Si (111) (7x7) surface were achieved 
a year after the introduction of the STM, the AFM took almost a decade to 
meet the challenge of this excitingly complicated surface. While the initial 
AFM data did not give new information about the silicon surface, the quest 
for imaging this complicated surface has served as a driving force for perfect- 
ing the AFM. The resolution of the AFM has been increased and the Si (111) 
(7x7) surface is now a standard test sample for the AFM. Because the sur- 
face is known well, it can be used to learn more about the three-dimensional 
structure of the probe tip of the microscope. Silicon is both an exciting object 
of study and an important material for scanning probe microscopes. 



10.2 Silicon as a Benchmark 
for Scanning Probe Microscopes 

In 1959, Schlier and Farnsworth reported their low-energy electron diffrac- 
tion (LEED) experiments on the surface of Si (111) [1]. After heating the 
surface to 900° C, they discovered that the surface displays additional scat- 
tering peaks in the LEED pattern. These additional peaks are caused by a 
reconstruction of the Si surface, where the new unit cell is 7x7 times as large 
as the bulk terminated structure. Because of the large size of the unit cell, the 
structure of this surface stood as a tremendous challenge for surface scien- 
tists for more than two decades. In 1982, Binnig, Rohrer et al. [2] introduced 
the scanning tunneling microscope (STM). Figure 10.1 shows the principle of 
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this remarkable instrument. A sharp tip is mounted on a piezoelectric tripod 
scanner. This scanner allows one to move the tip in three-dimensional space 
with atomic precision. A coarse positioning device (not shown in Fig. 10.1) 
moves the sample within reach of the tripod scanner. When the tip and sam- 
ple (with a relative bias voltage Ft) approach within a distance of a few 
atomic diameters, a tunneling current I t flows. The tunneling current in- 
creases roughly exponentially with distance, by a factor of 10 for every 100 
picometers of distance reduction. This rapid, monotonic distance dependence 
allows a simple feedback arrangement which adjusts the z position in order to 
keep the current constant. Scanning the tip in the x-y plane and recording 
z(x, y , It = const.) yields a topographic image of the surface. Because of 
the rapid decay of the tunneling current with distance, even relatively blunt 
tips yield atomic resolution easily. Only one year after the introduction of 
the STM, Binnig et al. determined the positions of the surface atoms of this 
iconic surface (Fig. 10.2) with a scanning tunneling microscope [3]. This fan- 
tastic result immediately demonstrated the utility of the STM as a tool for 
surface science, and in 1986 Binnig and Rohrer received the Nobel Prize in 
physics for the invention of the STM. 




Y t 



sample 



Fig. 10.1. The scanning tunneling microscope (STM). The STM consists of a 
piezoelectric scanner which allows one to move a sharp tip in three dimensions 
and scan a surface. If the tip is close enough to a sample biased at a voltage Vt, 
a tunneling current 7 t ( little dots) can flow between sample and tip. This current 
increases rapidly with decreasing tip-sample distance, yielding a superb input signal 
for an electronic feedback control that keeps the tip-sample distance constant. 
Recording the position of the tip z(pc, y , It = const.) as it is scanned in the x-y 
plane yields a topographic map of the surface that, ideally, resolves every single 
sample atom 
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Fig. 10.2. First atomic image of the Silicon 7x7 reconstruction in real space by 
Binnig et al. (1983). The diamond-shaped unit cell, with 12 adatoms and deep 
corner holes, is shown. In 1983, computer graphics were not easily available, and 
the image was created by cutting the traces of a chart recorder from cardboard and 
arranging the pieces to build a 3D model of the surface 



Silicon condenses in the diamond structure with a cubic lattice con- 
stant of ao = 0.543 nm at T = OK and 0.54355 nm at T — 300 K [4]. 
The unit vectors of the bulk terminated Si (111) surface have a length of 
v = ao/y/2 = 0.384 nm and an angle of 60°; in the reconstructed surface, the 
unit vectors have a length of w = 7 x 0.384 nm = 2.688 nm (see Fig. 10.3). The 
reconstruction affects not only the surface atomic layer, but also the topmost 
four layers, and the new unit cell contains approximately 200 atoms. Because 
of this large size of the unit cell, the determination of the atom positions was 
a tremendous scientific challenge that remained unsolved for more than two 
decades. In 1985, the now commonly adopted dimer-adatom-stacking-fault 
(DAS) model was finally suggested by Takayanagi et al. [5]. According to 
this model (see Fig. 10.3), six adatoms are situated in each half of the unit 
cell. The adatoms are bound by covalent bonds formed by the overlap of sp 3 
hybrid orbitals. In the bulk, the hybrid orbitals of neighboring atoms overlap 
and form an electron pair. At the surface, one of the four sp 3 hybrid orbitals 
is pointing perpendicular to the surface and forms a dangling bond. 

Imaging Si (111) (7x7) was considered a standard test for the resolution 
capability and surface-science compatibility of an STM. Other orientations 
of the Si surface, such as Si (001) (2x1) surfaces, were studied later, and 
spectroscopy methods with It(Vt) or It{z) measurements were performed; 
see [6,7] and references therein. 

The STM needs the flow of a tunneling current as a control signal for the 
operation of the microscope. In 1985, Binnig invented the atomic force micro- 
scope. In the AFM, the forces that act between the tip and the sample replace 
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Fig. 10.3. Top view and cross section ( y = 0) of the dimer-adatom-stacking-fault 
(DAS) model of Si (111) (7x7). The unreconstructed surface lattice has a lattice 
constant of 384 pm. By forming the 7x7 reconstruction, most of the dangling bonds 
of the surface atoms are saturated by an adatom such that the total number of 
dangling bonds per unit cell is reduced from 49 to 19. Twelve adatoms and a corner 
hole per unit cell are the striking features of this reconstruction. The adatoms 
fall into four symmetry classes: corner faulted (CoF), center faulted (CeF), corner 
unfaulted (CoU), and center unfaulted (CeU). The 19 remaining dangling bonds 
originate from the 12 adatoms, the 6 remaining atoms (ReF, ReU), and the atom 
in the center of the corner hole (CoH) 



the tunneling current as the control signal. In 1986, Binnig, Quate, and Ger- 
ber introduced the first realization of the AFM principle and imaged steps on 
an AI 2 O 3 surface [ 8 ]. Figure 10.4 shows the principle of the AFM. The tunnel- 
ing tip is replaced by a tip mounted on a cantilever. Forces between the tip and 
the sample cause bending of the cantilever, allowing one to measure the forces. 

Obtaining atomic resolution with an STM is relatively simple because of 
the physical properties of the tunneling current: short range and monotony. 
Figure 10.5 shows a typical plot of the distance dependences of the tunneling 
current (4), short-range force (1), and long-range force (2). 

Because of the monotonic distance dependence of the tunneling current, 
the implementation of a feedback control circuit is simple in the STM. The 
tunneling current is simply fed into a logarithmic amplifier. A control circuit 
compares the logarithm of the current with the logarithm of the current set- 
point. If the actual current is larger than the setpoint, the tip is withdrawn; if 
the current is too small, the tip is approached further. Because the tip-sample 
force F ts is not monotonic, this simple principle does not work in the AFM. 
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Fig. 10.4. Atomic force microscope (AFM). The operating principles of the AFM 
and STM are similar. In the AFM, the tip is mounted on a cantilever with stiffness 
k and effective mass m* . Tip-sample forces Ft s cause a cantilever deflection q = 
Fts/k. In contrast to the tunneling current in the STM, F ts is neither purely short- 
range nor monotonic, but may have attractive and repulsive components. Chemical 
forces have a short range and act mainly between the tip’s front atom and the sample 
atom next to it ( gray arrow), but long-range forces, caused for example by van der 
Waals- or electrostatic interaction ( dark arrows ), are also typically present. Under 
many experimental conditions, the long-range forces dominate over the short-range 
forces in magnitude 




Fig. 10.5. Tunneling current, and short-range, long-range, and total tip-sample 
force (typical) as a function of tip-sample distance. The tunneling current has 
a short range and a monotonic distance dependence, which simplifies feedback. 
The tip-sample force is composed of short- and long-range components and is not 
monotonic 
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Imaging the Si (111) (7x7) surface with atomic resolution was instru- 
mental in the success of the STM, and imaging this surface by AFM was 
a touchstone for the force microscope. However, with reactive surfaces such 
as silicon, more problems in addition to the long-range and nonmonotonic 
properties of the tip-sample forces illustrated in Fig. 10.5 arose. The chemi- 
cal bonds which emerged between the AFM tip and the Si surface were strong, 
and scanning created heavy wear and tear on both tips and samples. Howald 
et al. [9] covered the tip of the cantilever with polytetrafluoroethylene and 
managed to reduce the sticking forces such that the 7x7 unit cell could be 
imaged. Individual atoms, however, were not resolved in these experiments. 
Figure 10.6 shows the first result of atomic resolution on the Si surface [10], 
obtained in 1994 with a dynamic AFM mode explained below. Similarly to 
the first STM results, only a small area was imaged with atomic resolution, 
and the individual atoms appeared as noisy bumps (see inset in Fig. 10.6). 




Fig. 10.6. First AFM image of Si (111) (7x7). Image size 27 nm x 19.5 nm. A 
cantilever with stiffness k = 17N/m, eigenfrequency fo = 114 224 Hz, and quality 
factor Q = 28 000 was oscillated at an amplitude A = 34 nm. The electrostatic 
bias between the tip and the sample was zero in order to minimize long-range 
electrostatic forces. The attractive forces led to a frequency change of Af — —70 Hz 
and the image was recorded at this constant negative frequency shift. The black 
diamonds A-E indicate the five unit cells that are clearly resolved in this image. 
The variation in the image quality is due to a change in the tip - the front atom of 
the tip has changed its configuration during the scan. The inset shows a magnified 
view of a single adatom 



The experimental technique that was used in Fig. 10.6 was introduced 
by Albrecht et al. in 1991 [11] and initially used for magnetic force mi- 
croscopy. This technique, “frequency-modulation atomic force microscopy”, 
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Fig. 10.7. Principle of frequency-modulation AFM. A cantilever (shown at its 
upper and lower turnaround points) is driven at a constant amplitude A by applying 
positive feedback. The frequency adjusts to the value given in (10.3). The energy 
required to maintain a constant amplitude is a measure of the hysteresis in the tip 
sample forces. For conducting samples, the tunneling current is a third physical 
observable accessible by FM-AFM 



is explained in Fig. 10.7. Rather than the dc deflection of the cantilever being 
measured, the cantilever is subjected to positive feedback such that it oscil- 
lates at its eigenfrequency /o with an adjustable but constant amplitude A. 
The eigenfrequency of a harmonic oscillator is given by 

1 / k* 

fo = ^J — 

27r V m* 

where k* is its effective spring constant and ra* its effective mass. Tip-sample 
forces change the effective spring constant, and the stiffness of the tip-sample 
bond k ts has to be added to the spring constant of the cantilever, so that 
k* = k + k ts . If k ts <C /c, the square root in (10.1) can be expanded as 
a Taylor series and the linear term in the expansion yields the dominant 
correction to (10.1). The frequency then changes by zl/, which is given by 

Af = fc ts (10.2) 

if the tip-sample force gradient is constant during the oscillation cycle. How- 
ever, in experiments involving amplitudes of some tens of nm, k ts varies by 
orders of magnitude over the z interval [z — A, z + A], and (10.2) has to be 
generalized to 



( 10 . 1 ) 



Af{z) = h^ /_^Mz + c)x/I^C^c, (10-3) 

as shown in [12] and references therein. 

The frequency modulation technique, with parameters similar to the ones 
used in Fig. 10.6, was successful in imaging Si, other semiconductors, metals, 
and insulators [13-18]. 
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10.3 Silicon as a Material for AFM Cantilevers 

The cantilever is the central element of an AFM and the part that distin- 
guishes it from its predecessor, the STM. The first cantilevers were built from 
gold foils [8] with attached diamond tips. Later, micromachined silicon can- 
tilevers became popular. The first micromachined cantilevers used a V-shaped 
amorphous Si02 film etched on a Si wafer as the cantilever. Later, cantilevers 
made from SiaN 4 films on Si wafers became popular because SisN 4 is more 
durable than Si02- Today, most cantilevers are made from single-crystal sil- 
icon with integrated tips. 

Figure 10.8 shows a few examples of cantilevers. Figure 10.8a shows a sil- 
icon cantilever (Nanosensors GmbH), Fig. 10.8b depicts a cantilever (Olym- 
pus) where the tip can be viewed from above with an optical microscope, 
Fig. 10.8c shows a self-sensing piezoresistive cantilever made from single- 
crystal silicon, and Fig. 10. 8d displays a “cantilever” made from a crystalline 
Si 02 (quartz) tuning fork. 

In the first AFM [8], the deflection of the cantilever was measured with 
a tunneling tip - the back of the cantilever was used as an electrode, and 
a sharp metal tip was brought within tunneling distance to it. Later AFMs 
used optical beam-deflection or interferometric methods [24]. In doped silicon, 
the piezoresistive effect is quite strong, which allows one to build self-sensing 
cantilevers [21] as shown in Fig. 10.8c. In crystalline Si02, the piezoelectric 
effect also allows one to make self-sensing cantilevers [22,23] (Fig. 10. 8d). 



10.4 The Si(lll) (7x7) Surface as a Probe 
for STM and AFM Tips 

In the STM and AFM, the atomic images are convolutions of the electronic 
states of the tip and the sample [7]. Thus, the atomic state of the tip needs 
to be known in order to fully characterize the image. Fortunately, in most 
cases it is not necessary to know exactly the electronic state of the tip. In 
typical experiments, shaping the tip is done in situ , for example by performing 
mild collisions with the sample, applying voltage pulses, etc., until “good” 
images result. Because of the topographical features of the Si (111) (7x7) 
surface - deep corner holes, and widely spaced adatoms with a precisely 
known electronic configuration - Si is an excellent test surface to study the 
electronic structure of the microscope tip. 

After a systematic study of the factors minimizing noise in the AFM, a 
cantilever with nearly ideal physical properties was created ( “qPlus sensor” , 
see Fig. 10.8d). In 2000, this cantilever was used to image Si (111) (7x7). Be- 
cause the electronic configuration of the adatoms comprising the surface atom 
layer is 3sp 3 oriented perpendicular to the surface (see Fig. 10.3), adatom im- 
ages that are rotationally symmetric with respect to the vertical axis were 
expected. Instead, the images of individual atoms (Fig. 10.9) show a peak 
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Fig. 10.8. Four types of force sensors (cantilevers). Forces on the tip cause a deflec- 
tion of the cantilever. The deflection is measured optically with a beam-deflection or 
interferometric method in (a) and (b) and electrically in (c) and (d). (a) Microma- 
chined silicon cantilever with an integrated tip pointing in the [001] direction [19]. 
(b) Another micromachined silicon cantilever with an integrated tip pointing in 
the [001] direction [20]. The tip is at the very end of the cantilever, such that the 
sample area next to the tip can be viewed in an optical microscope, (c) Self-sensing 
piezoresistive silicon cantilever with an integrated tip pointing in the [001] direction. 
The cantilever changes its resistance when it is deflected. Making the piezoelectric 
cantilever part of a Wheatstone bridge yields a simple way to create an electrical 
force signal [21]. (d) Cantilever based on a Si02 (quartz) tuning fork (“qPlus sen- 
sor”) [22,23]. Owing to the piezoelectric effect in Si02, a deflection of the sensor 
causes charges at the surfaces of the deflected prongs. These charges are collected 
by electrodes and measured with a current-to-voltage converter 

consisting of two subpeaks [25]. Because of the shape and the spacing of the 
two subpeaks, an ordinary double-tip effect has to be ruled out. The AFM 
image is created by a convolution of tip and sample states, and the sample 
state is known to be an sp 3 orbital pointing in the z direction as shown in 
Fig. 10.10. Figure 10.9 is thus explained as an image of the tip orbitals. More 
recent work has also used the Si surface to probe the electronic structure of 
metal atoms with d and f valence shells [26]. 

Figures 10.9 and 10.10 emphasize the importance of the tip structure. 
Marcus et al. [27] have created ultrasharp Si tips oriented in the [001] di- 
rection and imaged them by transmission electron microscopy (Fig. 10.11). 
Interestingly, the crystal lattice appears to continue up to the very end of 
the tip. While Si [001] tips can be etched to form extremely sharp tips, the 
choice of the [001] crystal direction may not be optimal. Figures 10. 12a, b show 
bulk-like terminated Si tips which point in the [001] and the [111] direction, 
respectively. 
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Fig. 10.9. AFM image of a single adatom on Si (111) (7 x 7) reflecting the electronic 
structure of the tip atom 





Fig. 10.10. Ball-and-stick model of atomic and orbital arrangements to explain 
Fig. 10.9. Two peaks per sample atom are expected to occur in this situation because 
Si strongly favors a tetrahedral bonding symmetry 



The manufacturing process for Si cantilevers is easier for integrated tips 
pointing in the [001] direction than for tips pointing in the [111] direction. 
However, tips oriented in the [111] direction should be more stable, because 
the front atom has three bonds to the shaft of the tip and only one dangling 
bond. Moreover, it should be easy to make sharp [111] tips, because the 
natural cleavage planes in Si are {111} and three planes that are not parallel 
always meet in a single point, i.e. an atomically sharp tip is expected for 
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Fig. 10.11. Transmission electron micrograph of an extremely sharp silicon tip 
oriented in the [001] direction. The native oxide has been etched away with hy- 
drofluoric acid before imaging. The 1.5-2.0nm thick coating on the tip is mostly 
due to hydrocarbons which have been polymerized by the electron beam. Interest- 
ingly, the crystal structure appears to remain bulk-like up to the apex of the tip 




Fig. 10.12. Models of atomic arrangements for bulk-like terminated silicon tips, 
pointing in the (001) direction (a) and in the (111) direction (b) 



tips limited by {111} planes. The orientation and coordination of the front 
atom of a [111] tip can even be retained when the sidewalls reconstruct to 
Si {111} (7 x7) planes. Figure 10.13 shows an example of such a tip. This 
tip is cleaved from a single-crystal Si wafer and glued onto a qPlus sensor 
(see Fig. 10. 8d). The front atom of such a tip should be bonded with great 
strength, and images of the Si(lll) (7x7) surface obtained with such a tip 
should show only a single maximum per adatom. Figure 10.14 was acquired 
with an AFM using a tip of the kind shown in Fig. 10.13. As expected, every 
adatom shows a single peak. The contour lines in the adatom images show 
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Fig. 10.13. Scanning electron micrograph of a cleaved single-crystal silicon tip 
attached to the free prong, of a qPlus sensor (see Fig. 10. 8d). The rectangular 
section is the end of the free prong with a width of 130 pm and a height of 214 pm. 
The tip points in the [111] direction and is bounded by (111), (111), and (111) planes 




Fig. 10.14. Image of a Si(lll) (7x7) surface imaged with a qPlus sensor. Param- 
eters: k = 1800 N/m, A = 0.25 nm, /o = 14 772 Hz, Af = +4 Hz. Image size: 4nm 
lateral, 140 pm vertical [28] 
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that the tip was not aligned perfectly perpendicular to the surface. There are 
still angularly dependent force contributions, as indicated by the nonspherical 
contour profiles. The remaining atoms also show up in this image: between 
corner adatoms and center adatoms, the surface appears much shallower than 
between the three center adatoms, where there is no other atom in between 
(the distances between neighboring center adatoms are equal to the distance 
between corner and center adatoms). Figure 10.14 was even recorded with 
positive frequency shifts, i.e. repulsive tip-sample forces. 

In summary, a tight link between silicon and scanning probe microscopes 
has been identified. The silicon surface started as a challenge for the STM 
and AFM, and later became a launchpad for the success of the STM and 
AFM. Today, it is a perfect test sample to study the electronic states of the 
tip. But silicon has more roles in probe microscopies: it serves as a material 
for cantilevers, and of course the electronics necessary to operate scanning 
probe microscopes could not do without silicon. 
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Part V 



Doping Silicon 




11 Defects, Diffusion, Ion Implantation, 
Recrystallization, and Dielectrics 



E.F. Krimmel 



11.1 Introduction 

Ideally pure single-crystal silicon shows an intrinsic electrical conductivity, 
which is low at room temperature and rises with increasing temperature. 
To produce devices, well-defined parts of the silicon specimen, usually in 
the form of a wafer, must exhibit a well-defined surplus of either negative 
(electrons) or positive (holes) carriers, leading to n-type conductivity or p- 
type conductivity, respectively, n-type conductivity is obtained by doping 
with donors such as P, As, and Sb, and p-type conductivity is obtained with 
acceptors such as B, Al, Ga, and In. Donor or acceptor atoms must be on 
substitutional sites in the single-crystal silicon lattice to be electrically active, 
i.e. to form levels close to the conduction band or close to the valence band, 
respectively. The particular cases of N in Si and C are discussed in the context 
of ion implantation. 

The first, now conventional techniques used to dope a wafer or mask- 
defined areas of a wafer were based on the diffusion of dopants from the 
specimen surface, used as the source, into the bulk in long-lasting high- 
temperature furnace processes. The dopants are already electrically active 
at the end of the diffusion process. The now conventional implantation of 
high-energy dopant ions, introduced at the end of the 1960s is performed 
using high-voltage accelerators. It is a comparatively short process. However, 
the dopant ions do not necessarily come to rest at substitutional sites. Thus 
a short high-temperature process must follow to electrically activate the 
dopants and also to anneal the radiation damage caused by the ion implan- 
tation, so we do not really escape processes which involve high-temperature 
induced changes of sites, i.e. diffusion. Annealing can be done in a furnace, or 
by laser or electron beam irradiation, for example. Other methods of doping 
include doping during oxidation, CVD, epitaxy, or MBE, and doping by 
neutron transmutation. Thus the primary energies of the dopants range from 
approximately 0.1 eV to the high-MeV level, a range of 10 orders of magni- 
tude. The continuing interest in silicon is demonstrated by the proceedings 
of large-scale conferences on the occasion of the 50th anniversary of silicon 
(see e.g. [1]). 

We had to learn that extraordinary precautions have to be applied con- 
cerning cleanliness in high-temperature processes to avoid deleterious con- 
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tamination of the specimens due to the carrier lifetime killers gold and iron. 
Why were the Si wafers suddenly contaminated with traces of Au? It was 
finally found out that the supplier of the solvent used to clean the wafers had 
improved the production process of the solvent by introducing a gold cat- 
alyst. We and our distant partners in diffusion had to learn that annealing 
low-dose B-implanted Si specimens in standard furnaces may give odd results 
owing to cross-contamination. 



11.2 High- Temperature Doping by Diffusion 

Sources for doping Si specimens from the gase phase include B 2 H 6 , PH3, and 
ASH 3 . The process temperatures range from 800°C to 1200°C [13]. Diffusion 
of a particle is observed when there is a gradient of the chemical potential /xa • 
The chemical potential /xa is the real driving force, besides other forces such 
as local electrical fields due to states in the crystal lattice; see the detailed 
discussions in [ 2 ] and [3] . Assume that the gradient of the chemical potential 
in the x direction is caused by a concentration gradient dC/dx of a species 
and that the concentration of the diffusing species is low enough, say C < 
10 18 cm -3 , that the interaction between these species can be neglected; then 
the rate F x of transfer of the diffusing substance per unit area of a section in 
the x direction inside an ideal solid may be described by Fick’s first law [4], 

F x = —D dC/dx, (11.1) 

where C(x) is the concentration of the species, and D is the diffusion coef- 
ficient. D of random, activated processes under thermodynamic equilibrium 
conditions is often governed by the Arrhenius equation 

D = D 0 exp {-H/(kT)}, ( 11 . 2 ) 

where Dq is the preexponential factor, H is the activation enthalpy, and k is 
Boltzmann’s constant. The relevant continuity equation, Fick’s second law, 
turns out to be 

dC(x,t)/dt = D d 2 C(x,t)/dx 2 . (11.3) 

In practice the concentration profile is often approximated by the as- 
sumption that it falls to some value at a depth Z, e.g. 1 % of the maximum 
at the specimen surface x = 0, leading to a characteristic diffusion length Z 
defined by 

exp{— l 2 /(4Dt)} = 0.01 or approximately Z ~ 2 (Dt) 1 ^ 2 . (11.4) 

The quantity (Dt) 1 / 2 may be used as a rule of thumb or as something like 
a natural unit of length for diffusion. 
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Theoretical treatments of many specific examples are presented in [4]. 
The appearance of error functions and error function complements is char- 
acteristic of the solutions of almost all such examples, e.g., diffusion during 
an epitaxial process with an interface moving with a velocity v, 

C(x, t) = C 0 /2[erfc{(a: - t^)/(2(£>£) 1/2 )} ( , 

+ exp{vx/D}erf{(x + vt)/(2(Dt) 1 ^ 2 )}}. ' ' 



Diffusion processes in an electric field E , a mechanical field, or a gravitational 
field give results of the following form. For an electric field E , the important 
quantity is fiE\ writing \E\ = E , the result is 

C{x, t ) = C 0 /2[erfc{(x - M Et)/(2(Dt ) 1 / 2 )} 

+ exp{/iE'x/jD}erf{(x + fiEt) / {2(Dt) 1 / 2 )}} ' 



The diffusion of electrons or holes can be treated in an analogous way, 
leading to the famous Einstein relation : e.g. for holes, 



H h kT = eD h . 



(10.6a) 



11.3 Defects and Diffusion Mechanisms 

The “perfect” crystal lattice is not perfect at temperatures T > OK. Boltz- 
mann is responsible for that. The description of diffusion on the basis of 
Fick’s law is phenomenological. However, diffusion is really an atomic pro- 
cess. Thus a crystal lattice in which diffusion takes place cannot be an ideally 
perfect lattice. However, a crystal lattice at an absolute temperature T > OK 
contains intrinsic defects, i.e. vacancies in a finite concentration, as follows 
from Boltzmann: 



N v = exp {AS/k} exp {-AH/(kT)}. (11.7) 

Here H is the formation enthalpy of a vacancy and S is the entropy; for 
silicon, the values are AS ~ 4eVK -1 and AH — 2eV. These defects, or point 
defects, have a radius of action of only a few atomic spacings. Tracer methods, 
Rutherford backscattering, etc. can be applied to analyze diffusion processes. 

Atomic and quantum mechanical points of view of the rates of chemical 
reactions and diffusion, and the influence of the shape of the energy barriers 
involved and the activation energies were treated theoretically in [5], long 
before they became relevant for silicon. However, changes of sites of defects 
can also be treated dynamically, considering the displacements as due to 
the superposition of phonons. Diffusion and the lattice defects involved are 
discussed in detail in [6,7], for example. 
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Diffusion by means of single vacancies, for instance, dominates over dif- 
fusion by divacancies. Diffusion of substitutional atoms at elevated temper- 
atures involves the intrinsic defects which are already present in thermal 
equilibrium. Self-interstitials, for instance, are intrinsic atomic defects. Thus 
the diffusivities of the intrinsic defects are involved. Diffusion involves the 
energy E n for breaking a bond and the enthalpy Hf for forming a Schottky 
defect or a vacancy. Metals such as Au are extrinsic atomic defects, i.e. mainly 
foreign interstitial atoms/interstices or substitutional atoms. Au diffuses by 
an interstitial mechanism , finding an excessive surplus of empty interstitial 
sites. Thus this diffusion process is governed by the migration enthalpy 
only; the formation enthalpy Hf does not enter the energy balance. Conse- 
quently, the diffusion coefficient Di of interstitials is 5 to 6 orders of mag- 
nitude larger than D su iy for substitutional diffusion. High-temperature (i.e. 
near the melting temperature T m ) Si self-diffusion and group III diffusion 
have been proposed to occur by an interstitialcy mechanism [8], involving 
“liquidized” self-interstitials [9]. Two types of swirl defects, type A and type 
B have been observed and were controversially discussed to be based on 
vacancies or on interstitials. Electron microscopical analysis of such silicon 
samples showed that the type A swirl defect consisted of dislocation loops 
formed by aggregation of interstitials during cooling down from T m [10], and 
that the small type B defect [11] was composed of vacancy globules inducing 
almost no lattice strain. The more or less undisturbed coexistence of inter- 
stitials and vacancies, which do not annihilate each other, is interpreted as 
being due to a large energy barrier (or entropy barrier) to vacancy-interstitial 
recombination see e.g. [12]. 

The interstitialcy mechanism is defined as an interstitial atom exchang- 
ing sites with atoms on lattice sites, pushing them into neighboring inter- 
stices (foreign interstitials). At lower temperatures it is claimed that Si self- 
diffusion changes to a vacancy mechanism. Group V diffusion occurs via a 
vacancy mechanism. The large preexponential factor Dq of the vacancy self- 
diffusion mechanism is due to a strong inward relaxation of vacancies, with 
a small, charge-state-dependent activation volume V a for self-diffusion. Note 
that most of the point defects in semiconductors may have more than one 
electric charge state. The process, by which the sites change, depends on the 
charge state. External stresses may cause relaxation effects. The crowdion 
mechanism, one more atom in the lattice than the lattice permits, needs only 
a weak movement to bring the crowdion from one site to another one. The 
ring mechanism, however, is less probable. 



11.3.1 Lattice Defects, Diffusion, and Gettering 

Extended defects such as dislocations play a major role in diffusion. Screw 
and edge dislocations, dislocation loops, dislocation networks, etc., are the 
consequence of a high density of atomic defects and of some inner stress, 




11 Defects, Diffusion, Ion Implantation, Recrystallization, and Dielectrics 211 

caused for example by interstitials. They can also be a consequence of vacan- 
cies, which agglomerate to form divacancies, diinterstitials, trivacancies, etc., 
up to dislocation loops, or of precipitates of dopants, e.g. P, i.e. of impurity 
atoms with an effective atomic radius different from the host lattice. The Si 
single-crystal lattice is expanded by Al, Bi, Ga, Ge, and In and contracted by 
B, C, N, and P. The quantity pertinent to the effect is the misfit parameter 
e = (atomic radius of Si — atomic radius of impurity) /(atomic radius of Si). 
Note in this context the dependence of the diffusion coefficient on the type 
of doping of the host material. 

Dislocations are formed until the inner stress disappears. The diffusion 
rate along dislocations is considerably higher, owing to lower activation ener- 
gies, than in the normal lattice. This property is utilized to getter obtrusive 
impurities such as Au or Fe at dislocations, i.e. to clean the. solid. Enhanced 
diffusion is observed at grain boundaries under oxidizing layers. Segregation 
of dopants occurs at the Si02/Si interface, e.g. piledown in the case of B 
and pileup in the case of P and As. Dislocations can be made visible as etch 
pits on the specimen surface using a Sirtl etch, by electron microscopy, by 
infrared microscopy, and by other methods. 



11.4 Ion Implantation 

In the infancy of electronics, semiconductor devices were fabricated on single- 
crystal silicon wafers by diffusing [4] dopants into areas defined by masks. 
Some characteristics of diffusion processes and techniques are (i) a concen- 
tration maximum of dopants at the specimen surface; (ii) extended lateral 
diffusion under the mask edges, not tolerable in modern submicrometer device 
structures; (iii) difficulties in precisely obtaining predetermined doping lev- 
els, mainly at shallow penetration depths, and in obtaining a planar, smooth 
diffusion front, owing to the infiuence of lattice defects of all kinds; and (iv) 
the huge efforts required to obtain clean conditions. 
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Fig. 11.1. Ion implanter. (1) Ion source, (2) immersion lens, (3) mass separator 
magnet, (4) exit slit of mass separator, (5) electrostatic accelerator, (6) electrostatic 
quadrupole focusing lenses, (7) electric scanner, (8) target 
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At the end of the 1960s the industry introduced ion implantation 
(Fig. 11.1), which was considered to just fit the new planar techniques, with 
the hope of overcoming the drawbacks of diffusion without being confronted 
with too many new ones [13,51-53]. We learned very soon that ion implan- 
tation involved extremely complex problems in all respects compared with 
diffusion. People, deep-rooted in diffusion processes, were sceptical that de- 
vices processed with ion implantation would ever work. The general, inher- 
ent radiation damage was said to be prohibitive. It was clear from previous 
work on radiation damage in metals that ion implantation had to be fol- 
lowed by a second and no less complex process of the same quality, viz. a 
high-temperature annealing step to induce atomic changes of sites into more 
stable ones, to restructure the crystal lattice, and to move the dopant atoms 
into substitutional sites. What is that other than diffusion? We have short- 
distance diffusion here and long-distance diffusion there. It looked as if we 
had cured one evil with an even worse evil. Nevertheless, ion implantation 
was a big step ahead. Knowledge in almost all fields of physics turned out to 
be very helpful. In spite of all the initial turbulence, ion implantation very 
fast became a standard technique to fabricate microelectronic devices. 

This enthusiasm caused the maximum of the concentration profile of the 
dopants to be situated not at the target surface but inside the target, and 
the more distant from the target surface the higher the energy of the dopant 
ions (in the keV range and up). The different types of concentration profiles 
are shown in Fig. 11.2. Precise control of the impurity profile opened up the 
possibility of implanting predetermined complex, so-called tailored profiles 
by varying only the ion energy and ion dose, to fabricate varactors [53], for 
example. The leading early application of ion implantation, however, was 
to implant into the channels of MOS planar transistors to obtain a precise 
threshold voltage shift, essential for proper device performance. The possibil- 
ity of implanting extremely flat concentration profiles simply by reducing the 
ion energy, using molecular ions, or implanting at higher energies but through 
a thin auxiliary surface layer of Si 02 opened up new fields of device design. 

A small fraction of the ions are reflected at the target surface, accompa- 
nied by surface sputtering. Most of the ions penetrate the wafer surface, are 
slowed down along a polygonal path because of scattering by the atoms of 
the host lattice, lose their energy, and come statistically to rest in the inte- 
rior of the bulk (Fig. 11.2). The lateral spread of the penetrating ion beam, 
defined by a mask of the proper thickness, is small compared with the lateral 
spread of dopants observed in standard diffusion processes. Heavy ions show 
a smaller lateral spread than do light ones. 

Atoms, both lattice atoms and implanted dopants, are displaced from 
their original sites owing to impacts with the high-energy ions. A defective 
lattice containing, for example, vacancies, interstitials, and agglomerates of 
them results. The host material can even transmute into an amorphous-like 
state if heavy ions are implanted with a dose above a certain critical value. 
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When extremely high-energy ions are implanted the amorphous layer may be 
sandwiched between a very thin, quite imperfect single-crystal surface layer 
and the unaffected single-crystal bulk of the substrate (see Fig. 11.5). The 
maximum of the radiation damage concentration profile is usually closer to 
the target surface than the maximum of the dopant profile. We were surprised 
that the general rule that the maximum concentration of defects is found 
closer to the surface than the maximum concentration of dopants may be 
broken: lattice vacancies are observed much deeper in a Si specimen than the 
doping profile of implanted As ions. 

The dopant concentration is set via an electrical measurement of the in- 
tegral ion current or fluence, carefully avoiding falsification due to secondary 
emission of charged particles from the target surface and from the electrodes 
and apertures of the ion accelerator, and falsification due to influx of neu- 
tralized high-energy dopants. The final implantation result may be influenced 
erratically by localized atomic-range (primary-zone) high “temperatures” and 
macroscopic temperature rises which take place in the thin implanted layer 
during the implantation process; this occurs mainly at high ion fluences. Si- 
multaneous annealing may be observed. In order to keep the damage level 
permanently low, this effect can be increased by externally heating the wafer. 

An auxiliary top layer of Si0 2 serves several purposes. This layer pro- 
tects the wafer from contamination with surface impurities due to knock- 
on implantation during the implantation process. The maximum energy 
transfer in a relativistic, elastic, central, head-on collision is AEmax^ei = 
4E{moM(l — /3 2 )} ly/2 /( m o + M(1 — /3 2 ) 1 / 2 } 2 , where E is the initial energy of 
the moving ion, with rest mass ra 0 . Naturally, impurities on the Si0 2 surface 
are also hit by the dopant ions to be implanted and are pushed into the inte- 
rior of the wafer, but they come to rest in the auxiliary Si0 2 layer. Later on, 
this Si0 2 layer is etched away together with the impurities in it. Note that 




Fig. 11.2. Sketch of normalized concentration profiles C(x)/Cmax of impurities in 
a solid: (1) diffusion, (2) Gaussian profile, (3) random implantation, (4) channeling; 
R p is the mean projected range, and AR P is the standard deviation 
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there is a mixing effect between SiC >2 and Si at the Si 02 /Si interface, which 
may become quite diffuse. 

Surface contamination originates, for example, from residues from clean- 
ing procedures or from deposits due to sputtering of the electrodes or aper- 
tures of the implanter. After the start of the implantation, atoms, molecules, 
and radicals of various types sputtered away from the wafer surface are ob- 
served in the residual gas during the first few milliseconds. The type and 
quantity of the contamination can be measured in the target chamber with 
a high-resolution, fast residual-gas mass analyzer. Part of this contamination 
of the “clean” wafers can be reduced substantially by keeping the wafers in 
a high- vacuum airlock for some time before transferring them into the target 
chamber, which is operated with oil- free cryogenic pumps. 

The knock-on effect on predeposited thin surface layers of dopants can 
be utilized to form extremely thin doped surface layers or to form very good 
ohmic contacts. 



11.5 The Special Case of Silicon, Nitrogen, Carbon, 
and Dielectrics 

The principal dopants of silicon are the very first, lightest elements of the 
Group III and Group V columns of the periodic table of elements. The exep- 
tion to the rule concerns nitrogen, which shows only a minimal diffusion rate 
even at elevated temperatures, and an insignificant activation ratio of only a 
few percent, if at all [14-20]. The data found in the literature are distinguished 
by quite a large spread. The diffusion coefficient of atomic N is claimed to be 
D = 0.87 exp{— 3.29/fcT}, the activation energy E a ? n = 3.29 eV. The activa- 
tion energy E a ^2 of molecular N 2 is 2.6 eV. Nitrogen behaves as neutral in 
the Si:N 2 state, the diffusion state. Thus doping by diffusion of nitrogen can 
be neglected, but it is observed with ion implantation [17], where nitrogen 
is in the atomic state from the outset. This means that ion implantation 
of nitrogen is tailored just to fit the analysis of the special case of nitro- 
gen. The electrical activation is measured to be up to 5%, i.e. 5% of the 
implanted nitrogen atoms are in a substitutional position and 95% in an 
interstitial position or in other states, within the limits of an N-dose range 
between 1 x 10 13 cm -2 and 5 x 10 16 cm -2 [16,17,20]. A maximum electron 
concentration of 2 x 10 19 cm -3 has been found [16, 17]. The solubility limit 
of N in solid silicon is stated to be 4.5 x 10 15 cm -3 [16]. The donor levels 
are claimed to be at 0.02 eV when the Si is in the degenerate state, but at 
0.042 up to 0.58 eV under normal conditions. Above a critical concentration 
of 2 x 10 19 N/cm 3 , single nitrogen atoms are observed to form bonds with 
the silicon and can nucleate to form the dielectric SisN 4 phase [20]. These 
effects are attributed to the covalent radius of nitrogen of 0.07 nm, which 
is much smaller than the covalent radius of silicon of 0.17 nm [14,20]. It 
has been claimed that the attribution of the effect to the large s-p energy 
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Table 11.1. Properties of SiCL and SI3N4 see. e.g. [25] 



Property* 


Si0 2 


Si3N 4 


Crystal structure 


Amorphous for most Hexagonal,** 

IC applications amorphous for most 

IC applications 


Lattice constant (nm) 




0.75** 


Density (g cm -3 ) 


2.2-2.65 


3.44** 


Melting point (°C) 


1700 


1900 


Thermal conductivity (W/cmK) 


0.014 


0.185 (0.018) 


Energy gap (eV) at 300 K 


8 


4.7 


Index of refraction at 0.5 pm 


1.46 


2.0 


Relative permittivity 


3.9 


7.5 


Electrical resistivity (Q cm) 


> 10 16 


10 7 -10 17 



* The properties depend strongly on the preparation processes and on traces 
of impurities. Silicon nitride usually corresponds more to the irregular Si x N y 
form than to the stoichiometric form. 



splitting, leading to an absence of sp 3 -bonded N 4 sites, is wrong but that 
the small size of nitrogen, expressed using the concept of nonbonded radii, 
makes it impossible to accommodate four silicon atoms at the normal bond 
length of 0.175 nm [19]. Further, the deep donor level at 0.58 eV is attributed 
to isolated N donors (111) trigonally distorted owing to the Jahn-Teller 
effect [14,18]. A similar inconsistency concerning carbon is observed when 
one tries to form the analogous compound C3N4 [21] by ion implantation 
of nitrogen into carbon or carbon/silicon targets. The maximum atomic 
concentration of nitrogen reached only a value of up to 45% under certain 
complex conditions, instead of the necessary 57% [22]. Tight-binding model 
calculations show an extremely small electron conductivity in this graphitic 
C X N^ [15]. Large-scale formation of dielectric C3N4 was not observed. 

Dielectric layers of Si3N 4 , [23,24], Si02, and Si x N y 0 2 , are formed deep in- 
side silicon wafers by high-dose, high-energy implantation of nitrogen and/or 
oxygen. Silicon oxynitride layers are attractive because it is expected that 
the different suitable properties of Si02 and SisN 4 [25] can be merged so as 
to be attractive in microelectronics [26], optoelectronics, and solar cells, [27], 
see also Table 11.1. Some Interesting properties are the amorphous struc- 
ture, barrier properties, mechanical hardness, dielectric function, loss factor, 
IR absorption, radiation hardness, and electrical breakdown strength. The 
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mechanism of the electrical breakdown observed in ultrathin SiC >2 layers, 
however, seems not to be clear yet. Efforts to deposit thin, structured surface 
layers of SisN 4 or Si x ~N y O z on Si by laser-chemical photomethods have not 
achieved success without problems; for example, reproducibility, necessary in 
industrial applications, is a problem. Thus the ion implantation of nitrogen 
becomes a real alternative to thermal diffusion. 



11.6 Implantation Profiles 

Three basic types of concentration profiles have to be considered (Fig. 11.2): 
(i) An almost Gaussian concentration distribution is observed when the wafer 
is irradiated at 7° from a crystallographic orientation, a so-called random di- 
rection for the ion beam. The distance x of the concentration maximum mea- 
sured from the wafer surface is called the mean projected range R p (x). (ii) 
When the wafer is oriented such that the ions (beam aperture < 1°) impinge 
on the wafer in an exact crystallographic orientation, e.g. parallel to the very 
open [110] axis of silicon, a relatively sharp concentration peak of dopants 
appears owing to axial channeling , much deeper in the wafer than is observed 
in case (i) . The channeling effect is based on the reduced energy losses caused 
by reduced scattering. A weak case (ii) due to rechanneling effects can be also 
observed in practice. Profiles of type (ii) are difficult to reproduce. They are 
avoided under fabrication conditions, and profiles of type (i) are preferred. 
Planar channeling, also observed, is a very small channeling effect in lattice 
planes. Channeling can be prevented by preimplanting sufficiently highly en- 
ergetic silicon ions to amorphize the relevant silicon layer or by additionally 
depositing before the implantation a thin amorphous SiC >2 layer, for exam- 
ple, which serves to spread the ion beam by scattering to such an extent that 
the channeling effect is minimized. However, a rechanneling effect cannot be 
avoided even when an auxiliary amorphous SiC >2 layer is utilized. The oxide 
layer is usually etched away after the implantation process is finished. 

The main relevant energy loss processes are inelastic electronic interac- 
tion, i.e. excitation of bond shell electrons and free target electrons, and 
elastic Coulomb interactions between screened nuclear charges, i.e. the nu- 
clear stopping. The stopping power —dE/dx is defined by these processes. 
The main total specific energy loss becomes 

dE/dx = ( dE/dx) e -f- (dE/dx) n , (11.8) 

i.e. the sum of electronic-type and nuclear-type energy losses. Other types of 
losses, such as inelastic stopping by nuclear interaction and losses at the very 
lowest energy range, say below 10 eV, when the dopant is almost coming to 
rest can usually be neglected. In that energy range chemical binding forces 
should be taken into account and quantum mechanical calculations done. En- 
ergy loss due to charge exchange may also be neglected. Figure 11.3 shows the 
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dependence of the electronic and nuclear stopping powers on the ion energy. 
The nuclear stopping power starts to dominate at quite low ion energies and 
is mainly responsible for lateral scattering and hence for the lateral spread. 



-ae/dq 




Fig. 11.3. Schematic representation of the reduced specific energy loss versus re- 
duced energy: (1) nuclear (Thomas-Fermi potential), (2) electronic, (3) nuclear 
(unscreened Coulomb potential, Rutherford scattering) 



The calculation of the electronic stopping power depends on the atomic 
model used. The LSS theory (Lindhard, Scharff, and Schiptt), for instance, is 
an approximation assuming the atomic Thomas-Fermi model (self-consistent 
field method) to be valid (e.g. [28]). However, profile asymmetry, tails of 
complex origin in the direction towards the bulk, etc. have to be consid- 
ered. Approximative values of R p and the standard deviation AR P have been 
calculated as functions of the initial ion energy E and compiled in tables 
(e.g. [29]) that are useful and sufficient for practical purposes, say for indus- 
trial applications. Most of the theoretical values corresponded well enough 
with the experimental values that could be determined at the time. Methods 
of analysis included measurement of the change of the electrical conductivity 
of electrically activated dopants when the implanted layer was successively 
etched off in steps of, say, 20 nm thickness; C-V measurements of MOS capac- 
itors; and direct particle analysis by electron spectroscopy, SIMS, secondary 
ion mass spectrometry, and RBS, Rutherford back scattering analysis. It was 
an interesting experience to see presented high-resolution SIMS profile mea- 
surements demonstrating almost perfect Gaussian implantation profiles and, 
two years later, SIMS profiles measured on identical specimens with the same 
high resolution but demonstrating pronounced tails. 
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In many cases the concept of a mean projected range R p and a Gaussian 
concentration profile N(x) may still be useful today: 

N(x) - N max exp{ — (x - R p ) 2 /{2(AR P ) 2 }}. (11.9) 

The width of the Gaussian profile at the normalized value N/N max = 1/e 1 / 2 
determines the value of the standard deviation AR p . By integrating (11.9), 
the value of N max can be calculated approximately when the total dose N is 
known, and vice versa: 

N max = N/{( 27 T ) 1 / 2 ARp} ~ 0.4 N/ARp. (11.10) 

Computer simulation programs, e.g. [30], simplify the work. However, a 
proper simulation program must be selected when spatial and time-dependent 
variations of the density of the implanted layer have to be taken into account. 
Such conditions may exist under high-dose implantation of O or N ions in Si 
to produce insulating dielectric layers or diffusion barriers of Si02, Si x N y O z 
or SisN 4 [24-26]. When complex concentration profiles, say tailored ones, are 
required, the exact shape of the profile, including deviations at the flanks, 
has to be determined. The simulations can be verified experimentally using 
NRA, nuclear reaction analysis or RBS, for instance. 

It was claimed, the first time ion implantation was used, that ion implan- 
tation reproduced the mask edges in an ideal way, in contrast to diffusion. 
This claim was corrected theoretically and experimentally [31], when a sub- 
stantial lateral spread of the ion beam, due to scattering and outdiffusion of 
the dopants due to the high-temperature process used to activate the dopants 
and to anneal the radiation damage, was demonstrated. 



11.7 Sputtering and Profiles 

The sputtering of target surface atoms due to impinging high-energy ions af- 
fects the concentration profile of the implanted ions at high sputtering yields, 
and may even lead to a saturation profile with the maximum at the spec- 
imen surface when the number of impinging ions reaches the same level as 
the number of sputtered dopants. A strong effect on implantation of Li ions 
in GaAs was reported very early [32]. This effect should be kept in mind 
when silicon changes its structure during high-dose implantation, for exam- 
ple of N to produce Si 3 N 4 [24]. Mysterious-looking effects during formation 
of compounds by ion implantation may be attributed with caution to a sud- 
denly changing sputtering yield when phase changes, caused for example by 
chemical reactions, are involved. Thus, under certain conditions, even ion im- 
plantation exhibits limited concentration maxima at the target surface like 
those obtained by diffusion, but these effects are induced by sputtering [33]. 
When the sputtering yield is very small, the implanted dose of dopants can 
be higher than their solubility limit observed in diffusion. 




11 Defects, Diffusion, Ion Implantation, Recrystallization, and Dielectrics 219 



11.8 Radiation-Induced Defects and States, 

Surface States, and Interface States 

The high-energy dopant ions slow down in the bulk of the target along a 
polygon-shaped path, losing energy and momentum to the crystal lattice ow- 
ing to collisions with the atoms of the host lattice. When the lost energy is 
high enough the collision partner of the host lattice can be displaced, leaving 
behind a vacancy, resulting in a vacancy close to a self-interstitial, known as a 
Frenkel pair. The knock-on particle, for its part, may cause radiation damage 
as well when the energy transferred to it is high enough to do so, resulting 
in secondary radiation defects and finally a whole collision cascade [6,7]. A 
big part of the energy which the dopant ion loses is dissipated at the end of 
its path, causing a region of heavily damaged material. There the “tempera- 
ture” locally increases to extremely high values far away from thermodynamic 
equilibrium. This “temperature” decreases substantially over short distances 
of a few lattice periods. The lattice becomes thermalized. The defects may 
change sites, depending on the activation energy involved, during this period. 
Agglomerates of atomic defects and complicated complexes of defects may be 
formed during implantation when the temperature of the specimen becomes 
too high. Excess point defects such as self-interstitials may agglomerate into 
extended defects, e.g. stacking faults and dislocation loops (see e.g. [34]). 
Amorphous phases formed by implanting extremely high doses become im- 
portant for reordering of the implanted layer through solid-state epitaxial 
regrowth during annealing in order to obtain a minimum of residual defects. 

Such defects may be sinks for dopant atoms and hence eliminate them 
for the purposes of doping. Such defects may cause deep levels inside the 
bandgap. The deep levels can act as generation/recombination centers, re- 
ducing the lifetime of the electrical carriers. The defects increase the electrical 
resistivity by scattering the carriers. 

A strong point of Si technology is the natural formation of Si02, a fortu- 
nate, unique gift of nature. Consequently, Si specimens can easily be provided 
with an Si 02 layer, as one of the principal dielectric layers, by simple thermal 
oxidation, in the LOCOS, local oxidation of silicon process, etc. Si02 layers 
serve as implantation or diffusion masks, amorphous oxides to reduce chan- 
nelling, protective layers to avoid knock-on implantation of surface impurities, 
passivation, insulators with high electric breakdown fields, etc. A particular 
critical point is the Si02/Si interface and its complex structure. The interface 
states involved include Pb-centers, with the structure •SfeSE or •Si^S^O, 
containing a dangling bond [35]. The structure of the Pb-center is ampho- 
teric, with two states and thus two energy levels, a donor and an acceptor 
level. The interface state density distribution Du shows two peaks [36]. This 
center is related to the origin of leakage currents observed in devices, mainly 
along implantation-mask edges [37]. The dangling bonds are neutralized us- 
ing hydrogen, but it has also been reported that a more stable configuration 
is obtained using deuterium [38]. Note in this connection that the Si02/Si in- 
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terface may become smeared out, undergoing a mixing effect due to knock-on 
implantation. 

However, deficiencies of SiC>2, such as limited chemical and physical sta- 
bility and an inconvenient dielectric function, became evident in advanced 
device fabrication and initiated the introduction of other dielectrics, mainly 
SisN4, Si^N^, and Si^N^O^ formed by deposition techniques or by ion implan- 
tation [24]. Of course, the nitride compounds of silicon are also burdened with 
ion-implantation-induced defects and natural defects. The S^N^Si interface 
quality of SisN4 is usually inferior to that of Si02- The problem can be solved 
by inserting an Si^N^O^ transition layer. The defects on the atomic scale 
include traps, dangling bonds, bond angle distortions, and current-induced 
low-lying states. Such defects are often quite annealing-resistant. Besides the 
already noted Pb-center there is the neutral K°, the »Si = N3 defect, which 
has an unpaired electron wave function of 21% 3s character and 49% 3p char- 
acter. The K + and K _ defects are paramagnetic. Some other defects are the 
traps D + , D°, and D~, and the N4 and N 2 states with their different charge 
states, the VAPs, valence alternation pairs. The interface state density Da 
changes with the annealing temperature. The radiation hardness is reported 
to increase with decreasing SisN4 layer thickness. Some methods of analy- 
sis are ESR, NMR, and MAS NMR, magic-angle spinning nuclear magnetic 
resonance measurements. An extensive discussion can be found in [39]. 



11.9 Annealing of Ion-Implanted Specimens 

11.9.1 Furnace Annealing 

During the first few years of ion implantation, the electrical activation of the 
implanted dopants and the annealing of the damaged host lattice by inducing 
changes of sites were exclusively performed by applying long-lasting (10 min 
and more) conventional furnace processes at temperatures around 450° C in 
protective inert-gas atmospheres of N 2 or N2/H2 mixtures to remain com- 
patible with existing techniques and to allow seamless integration into estab- 
lished industrial production processes. However, only incomplete recovery of 
the damaged target lattice and of deep levels was obtained, and not a real, 
complete activation of the dopants. Many papers addressed this problem in 
the earliest international conferences, claiming that temperatures of at least 
650° C and annealing times between 10 and 30 min were necessary [40]. To- 
day the temperature range goes up to 1200°C to eliminate also primary and 
secondary defects which have high activation energies, up to several electron 
volts. Recrystallization at the proper temperature is said to occur epitaxially, 
passing through, for example, a state of defect clusters or dislocation loops, 
which finally may be dissolved. More defects, however, remain in (111) Si 
wafers than in (100) Si wafers after epitaxial regrowth. The remaining resid- 
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ual defects can only be eliminated by remelting the material, a process which 
cannot be performed when fabricating complex electronic devices. 

The annealing of high-dose implanted amorphous Si substrates is not nec- 
essarily a straightforward process. Implantation of boron or BF 2 molecules 
may serve as an example. Three annealing stages are observed, one up to 
approximately 500° C, a second one between 500° C and 650° C showing pro- 
nounced reverse annealing, and a third stage above 650° C [41]. Point defects 
are said to agglomerate between 600° C and 800° C, forming dislocations. Thus 
an optimum annealing temperature is found for certain conditions at approx- 
imately 850° C [48], owing to the influence of the neighboring surface acting 
as an inexhaustible sink for defects but also acting as a source. A minimum of 
left-over defects is observed when amorphous silicon is annealed by solid-state 
epitaxial regrowth. However, hairpin dislocations are observed to be formed 
more often in (111) wafers than in (100) wafers. Good annealing can easily be 
achieved when doses either much below the amorphization dose of the speci- 
men material or much above are implanted. Annealing becomes problematic 
when doses in between are implanted. High-dose implantation may cause 
two parallel damage zones exhibiting imperfect annealing (see Fig. 11.5e). 
p-n junctions should preferably not be put just inside such a defective zone. 

A proper slow ramping would ensure that the specimen reached almost 
thermodynamic equilibrium conditions after cooling down to room tempera- 
tures. However, a finite concentration of defects, say of vacancies, is always 
found even in a perfectly annealed crystal at a temperature T > OK ac- 
cording to the laws of thermodynamics, i.e. according to the statistics of the 
equilibrium state, because the entropy increases when a vacancy is formed. 
The deficiency of the long-lasting furnace processes concerns particularly the 
lateral out diffusion of the implanted dopants at mask-defined zones or, gen- 
erally, a change of the original concentration profile [4]. A pronounced out- 
diffusion from the zones of the maximum concentration may take place at 
implantation doses with a peak concentration above the solubility limit and 
lead to a square- well-shaped concentration profile, particularly when As is 
implanted into Si. Under certain conditions, even diffusion in the direction of 
higher implantation concentration can be observed under the influence of the 
gradient of the chemical potential or when chemical reactions take place. The 
usual small diffusion coefficient at low implantation doses can become very 
high when the host material has become amorphous, along dislocations or 
grain boundaries formed during the annealing. Such effects are prohibitive for 
devices particularly with structures in the submicrometer range. Further, seg- 
regation is observed at boundaries between two materials, e.g. single-crystal 
silicon and amorphous SiCU- The segregation coefficient is the ratio between 
the concentrations of an impurity at the one side of the boundary and at the 
other side when thermodynamic equilibrium is reached. This situation was 
the motive for looking for new annealing techniques which permit shorter 
annealing periods. 
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11.9.2 Electron Beam, Laser Beam, 
and Rapid Thermal Annealing 

Some relevant techniques were already available, and new ones could be added 
to overcome the drawbacks of furnace annealing. However, the devil is in the 
detail. This concerns less the scientific field, where such new techniques may 
even be the sheet anchor, but may restrict their application in industrial pro- 
duction to particular cases. Each of these techniques has qualities which strike 
the eye, but also prohibitive ones. The various techniques will not be discussed 
separately but will be contrasted with each other on the critical points. 

Pulsed laser processing (only one single pulse, irradiating the whole wafer 
at once) is one of the most extreme techniques, lasting for nanosecond peri- 
ods down to process periods in the femtosecond range. It is fascinating that 
annealing processes can work over a range of durations which covers more 
than 10 15 orders of magnitude. Continous-wave (cw) laser annealing, electron 
beam annealing, intense incoherent lamp irradiation, etc., belong to the mil- 
lisecond up to the multisecond range, the so-called rapid thermal annealing 
range. All these methods have the advantage that the dopants become elec- 
trically active and large-scale redistribution of dopants is insignificant as long 
as solid state conditions are maintained, i.e. no melting occurs, not even of 
a thin surface layer. However, the thermodynamic state at the highest tem- 
perature reached is frozen in to a certain extent owing to the rapid cooling. 
The specimen remains in thermodynamic nonequilibrium conditions with, 
for example, a substantial concentration of atomic defects. Such defects can 
be neutralized by applying afterwards a moderate-temperature process in a 
hydrogen- containing atmosphere, as is done during alloying of contacts. For 
a comprehensive monograph, see [49]. 

The strong point of short-wavelength pulsed laser annealing - particularly 
in the ultraviolet range to obtain the smallest penetration depth of the light 
- is the annealing or alloying of ultrathin (down to the nanometer range) 
surface layers, which can be defined by imaging or masks on extremely small 
areas of a wafer. Such a process is interesting, for instance, in research and 
in the case of customer-designed small industrial production volumes when 
existing devices are to be modified, for example, by an additional contact, 
and the finished wafer or chip cannot be heated up as a whole anymore. 
On the other hand, it can be demonstrated drastically by catastrophic ex- 
periments that the coherence of the laser light and its material-dependent 
absorption may cause serious annealing problems [42] . Such catastrophic ex- 
periments can be useful for obtaining basic hints in the shortest possible time 
and with a minimum of effort. To this end, the laser intensity, for instance, 
has to be selected such that the temperature becomes just high enough in 
the implanted, free silicon areas of MOS structures defined by an Si02 mask. 
The reaction at the Si02-covered areas, however, can then be disastrous (see 
Fig. 11.4) when the thickness cfe of the SiC >2 layer just meets the condition for 
an antireflection coating, efe = (2m + 2)A/(4n2), m — 0, 1, 2, 3, ... , where 
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2 Jim 

Fig. 11.4. MOS structure pulse-irradiated by a ruby laser (left) to anneal an 
implanted Si area masked by an SiC >2 layer. Part of the dielectric (left) has been 
blown away by evaporating Si owing to the SiC >2 layer thickness just meeting the 
conditions for an antireflection coating 



77,2 is the refractive index, and A is the laser wavelength. In this case much 
more energy of the laser light is coupled to the bulk of the silicon under the 
Si02 layer than to the uncovered silicon, where part of the light is reflected. 
In the irradiated area, the covering SiC>2 mask layer has been blown away by 
the silicon evaporating under it; the uncovered silicon remains intact. Other 
critical points should be noted. The absorption of light depends on the wave- 
length and is generally, in the range applied, much higher for silicon than 
for Si02, leading to temperatures higher in Si than in Si02 and hence to 
thermo-mechanical stresses at Si/Si02 boundaries. Such stresses may cause 
leakage currents, mainly at mask edges [37]. The defects responsible can be 
eliminated in part by a following low-temperature anneal in a hydrogen at- 
mosphere. This means that the various parameters of the laser process have 
to be made compatible by a careful selection. 

Note that equivalent detrimental problems may arise when, for example, 
photochemical reactions induced by pulsed laser light irradiation of precursor 
gases are used to deposit Si. The coherence and spatial inhomogeneity of the 
laser light and, consequently, of the matter in the gas space can cause ex- 
tremely high local electromagnetic fields such that a local breakdown occurs. 
Ionization of atoms due to inner-shell electron emission can lead to unex- 
pected chemical reactions with a chaotic distribution. It seems that these 
effects can dominate multiphoton transitions so as to launch chemical pro- 
cesses. Further, the electric charges can act as nucleation centers in the space 
of the gas phase. The existence of free electrons can be easily proved and 
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the amount of these electrons measured using e.g. a primitive ballistic gal- 
vanometer [50]. 




i m 



Fig. 11.5. Recrystallization kinetics of a zone amorphized by high-dose, high- 
energy ion implantation. TEM micrographs of cross-sectional, 760 keV As-ion- 
implanted Si specimens, (a) as-implanted; the amorphous zone (black) is covered 
with a thin single-crystal Si layer (white); (b), (c), (d) different annealing steps of 
scanned-electron-beam-annealed specimens; (e) 30 min furnace annealing 
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Scanned electron beam annealing can be an alternative to whole-area 
pulsed laser annealing. The process temperature of the specimen may be 
controlled using a filament pyrometer. Coherence and interference effects do 
not exist under conventional process conditions as long as the width of the 
electron source is large compared to the a in the angular-coherence condi- 
tion a 2 sin $ <C A, where d the angle under which the electron source is 
seen, A is the de Broglie wavelength of a relativistic electron, h[2moeU (1 + 
eU / {2moc 2 })}- 1//2 ; for practical use, A ~ (1.5 jU [volt]) 1 / 2 [nm]. 

The energy loss of the electrons in the masking layers does not differ too 
much from the energy loss in the silicon. Thus the temperatures in the differ- 
ent layers will not be too different, reducing thermo- mechanical stresses. The 
process times range from milliseconds upwards and hence are much longer 
than in pulsed laser annealing but are still short enough to minimize diffusion 
effects. Charging effects in dielectrics may cause problems sometimes, but can 
be solved. Electron-beam- annealed specimens are in better thermodynamic 
equilibrium conditions than pulsed-laser-annealed ones owing to the slower 
ramping during the cooling-down period. Defect-induced leakage currents are 
observed to be even smaller than those obtained after laser and furnace an- 
nealing after the influence of defects, i.e. dangling bonds, is reduced substan- 
tially by a subsequent hydrogen treatment. The results of annealing can be 
improved by applying a scanned line focus, using a magnetic quadrupole lens, 
for example, instead of a scanned point focus, and orienting the line focus 
parrallel to the flat, i.e. to the crystallographic orientation of the wafer [43]. 

The recrystallization kinetics and the character of amorphous zones 
formed by high-dose ion implantation of As ions in silicon can be made visi- 
ble using an appropriate electron beam annealing. This is shown in Fig. 11.5 
by a series of transmission electron microscope (TEM) micrographs taken on 
cross-sectional specimens [44] . Owing to the surface acting as an inexhaustible 
sink (or source) for migrating defects, the interface facing the surface recrys- 
tallizes much faster than the interface facing the bulk. The recrystallization 
fronts do not exhibit planar interfaces. The completely annealed specimen 
shows two very thin zones with a high defect density, one where the two re- 
crystallizing interfaces met and a second where the transition layer between 
the amorphous zone and the crystalline bulk was situated (see Fig. 11.5). In 
comparison, if the whole volume is doped by diffusion to the same high level, 
it is loaded with a high density of defects of all types; such defects are also 
used for gettering of unwanted impurities such as Au or Fe. However, one has 
to keep in mind that a cross-sectional sample prepared for TEM micrographs 
has suffered substantial preparation processes, which may have changed its 
original structure by energy transfer, owing to the close surfaces, mechanical 
stresses, reordering, etc. 

Scanned-electron-beam-induced liquid-state reordering of polycrystalline 
silicon layers grown on amorphous Si 02 layers results in crystalline silicon 
layers containing silicon crystallites as long as 2 mm, attributed to some sort 
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Fig. 11.6. Formation of Si needles from sintered silicon as a result of electron beam 
recrystallization; REM, reflection electron microscopy micrograph 



of pulling effect. The (110) electron diffraction pattern taken in reflection 
is that of a silicon single crystal [45]. Even the surface of sintered silicon 
samples containing large flaws can be transformed by scanned electron beam 
irradiation to a dense crystalline silicon surface layer. Such a surface layer may 
be interesting for optoelectronics, particularly solar cells. Note, however, that 
the growth of long needles from a sintered silicon specimen can be observed if 
the energy transferred from the electron beam to the sintered silicon sample 
is limited to a level such that the mobility of surface atoms, governed by 
low activation energies, and the temperature-gradient-dependent diffusion 
direction become the dominating reordering effects (Fig. 11.6). The relevant 
energy window is extremely small between epitaxial regrowth and the pulling 
effect. There is no surprise that the optical appearance of such a shaped 
surface is a deep black [46]. Correspondingly, growth of silicon nanowhiskers 
has been observed after electron beam annealing of silicon implanted with 
a high dose of nitrogen, performed in connection with experiments to form 
Si 3 N 4 layers [24,47]. 



11.10 Conclusion 

We wanted to escape from the considerable inflexibility of obtaining dop- 
ing profiles by conventional high-temperature diffusion processes, and there- 
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for introduced ion implantation. However, we did not escape from high- 
temperature processes similar to those used previously, because they are need 
to activate the dopant atoms and anneal the radiation damage. Where is the 
difference, finally? Conventional diffusion is characterized by simultaneous 
migration of particles and electrical activation. Ion implantation has split 
this process step into two process steps and has gained a very high flexibility 
in tailoring profiles, but this has been purchased at the cost of a much more 
critical high-temperature process than experienced before. 

We recognize that the point is not to find the very best process of all, 
but to find which of the various processes fits best to the fabrication of a 
particular device. This is shown clearly by trench techniques, a jump into the 
third dimension to increase the integration density of microelectronic devices, 
where ion implantation may not be a good solution. However, doping by 
other advanced techniques such as molecular-beam epitaxy (MBE) will be a 
solution when devices in the nanometer range are of interest. New techniques 
concerning quantum dots and structures obtained by self-organization may 
also be examples of future activities. 
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12 Neutron Transmutation Doping (NTD) 
of Silicon 



M. Schnoller 



12.1 Introduction 

For the construction of high-power devices such as the high-power thyris- 
tors that are commonly used for the control of motor drives for engines and 
rolling mills and for high-power DC transmissions, large-sized silicon crystals 
having an extremely tight phosphorus background doping corresponding to 
about 40 D cm or higher are required. The exact level of the phosphorus con- 
centration and its homogeneous distribution are decisively responsible for the 
electrical quality of the thyristor: the breakdown behaviour and blocking volt- 
age depend upon the maximum of the doping concentration, while the min- 
imum of the doping concentration is responsible for the quality of the high- 
temperature behaviour of the device. Optimal properties can be expected 
if the distribution of the dopant is exactly homogeneous and no difference 
between the maximum and the minimum of the dopant concentration exists. 

Moreover, the exact reproduction of doping is important for the construc- 
tion of high-voltage equipment for high-energy plants, where a large number 
of devices with identical properties are required. 



12.2 Conventional Phosphorus Doping 

Conventional phosphorus-doping processes such as gas-phase doping show 
particlar difficulties in the doping region of about 40 Ocm and above, con- 
cerning the exact dopant concentration, its homogeneous distribution and 
the exact reproducibility of the doping process. Measurements of the elec- 
trical resistivity also shows that the phosphorus dopant is distributed inho- 
mogeneously in the silicon crystal. Macroscopic and superimposed periodic 
microscopic oscillations of the electrical resistivity are observed in the radial 
and axial directions of the silicon crystal rods [1,2]. 

Figures 12.1a and 12.2 left show the lateral macroscopic and microscopic 
inhomogeneous distribution of phosphorus in conventionally doped silicon on 
the basis of measurements of the electrical resistivity [3] . Measurements of the 
avalanche radiation of diodes performed by Voss [4] (Figs. 12.3b and 12.3d) 
demonstrate the lateral and axial macroscopic inhomogeneous distribution of 
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Fig. 12.1. Lateral microscopic distribution of the resistivity p versus radial dis- 
tance r from the centre of a silicon wafer (four-point probe measurement), (a) 
Conventionally doped Si; (b) neutron-irradiated Si [3] 
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Fig. 12.2. Lateral microscopic variation of the relative resistivity p / p versus radial 
position r in a silicon wafer. ~p is the average resisivity. The measurement of the 
spreading resistance was performed with Al-Si contacts [18]. Left Conventionally 
doped Si; Right neutron-irradiated Si [3] 



the dopant, in contrast to the homogeneous distribution of the phosphorus- 
dopant in neutron-irradiated silicon (Figs. 12.1b, 12.2 right, 12.3a and 12.3c). 

Microscopic periodic oscillations concerning the distribution of built-in 
impurities are also observed in crystals of materials other than silicon grown 
by the method of zone melting with rotation. Witt and Gatos [5] showed evi- 
dence that the observed impurity striations are due to a periodic alternation 
of the growth velocity. Hurrle et al. [6] found that alternations of the growth 
velocity cause alternations of the concentration of the built-in impurities. The 
rotation of the growing crystal in an inhomogeneous temperature field was 
finally identified by Morizane et al. [7] to be the cause of these oscillations. 

It can be assumed that this effect also causes the micro-oscillations of the 
phosphorus concentration in silicon crystals. 
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Fig. 12.3. Avalanche radiation from diodes made from neutron-irradiated Si (a), 
(c) and conventionally doped Si (b), (d). Horizontal section (a), (b); vertical section 
(c), (d). The homogeneous distribution of the electrical resistivity in diodes made 
from neutron-irradiated Si results in a homogeneous distribution of the avalanche 
radiation ( greyish appearance). The inhomogeneous resistivity of the conventionally 
doped diodes shows local avalanche radiation ( black and white contrast). The ver- 
tical section (d) shows the shape of the border between the liquid and solid phases 
in the growing Si crystal [4] 



12.3 Phosphorus Doping by Means 
of Neutron Irradiation [8] 

12.3.1 History 

During our work to eliminate resistivity striations in conventionally 
phosphorus-doped silicon crystals, we performed annealing experiments 
slightly below the melting point of silicon. The silicon crystals were annealed 
for two weeks in an annealing furnace. After measuring the resistivity stria- 
tions, we could not detect any significant difference in the distribution of the 
resistivity before and after the annealing. This poor result made us look for 
a doping method that would put in the phosphorus after the growth of the 
silicon crystal. 

The idea of putting in the phosphorus by means of ion implantation was 
unsuitable because of the low implantation depth of the charged particles. We 
believed the neutron to be the only particle to have a chance of penetrating 
the lattice of a silicon crystal without any significant hindrance. Fortunately 
there is also a reaction of neutrons with silicon to generate phosphorus. 

We felt it was an act of friendliness by nature that the values for the 
cross-section of the reaction, the half-life for the decay of the unstable in- 
termediate and the strength of the side reactions were located in a region 
acceptable for an industrial technique, although it was expected that severe 
crystal defects could be generated during the irradiation, and therefore it was 
feared that the crystal would be irreparably destroyed. After we had started 
our investigations, we encoutered the pioneering work of Lark-Horovitz [9] 
and Tanenbaum [10] in the literature. 

Lark-Horovitz was the first to propose, in 1951, the generation of dopant 
by means of neutron irradiation and performed the first experiments with 
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silicon crystals. But measurements of the electrical resistivity did not show 
the expected n-conductivity, because the crystal defects generated during the 
neutron bombardment had not been healed. 

Tanenbaum and his collaborators manufactured diodes from neutron- 
irradiated silicon with resistivities in the region of ~ 10f2 cm in 1961. But 
at that time the required resistivity region could be served well with the aid 
of conventional doping methods and the requirements on the quality of the 
doping were modest at this time. Besides, there was no need for phosphorus- 
doped silicon crystals in higher-resistivity regions. It was also a disadvantage 
that Tanenbaum et al. did not wait for the unstable phosphorus isotope 32 P, 
generated in a significant amount in this doping region during irradiation, 
to decay, and the silicon therefore had some undesired radioactivity. This 
caused this method of doping soon to fall into oblivion. 

12.3.2 Doping Reactions 

The element silicon consists of the isotopes 28 Si (92.23%), 29 Si (4.67%) and 
30 Si (3.10%). During irradiation with neutrons of thermal energy, the isotopes 
28 Si and 29 Si form the non-radioactive isotopes 29 Si and 30 Si. 

In contrast to these reactions, the silicon isotope 30 Si reacts with a neutron 
to form the unstable isotope 31 Si, which decays with a half-life of 2.6 hours 
to the stable phosphorus isotope 31 P: 

30 Si (n, 7 ) 31 Si 31 P + /r. 

Because of the low cross-section for the reaction ( a a bs ~ 0.16 barn), the 
spatial distribution of the phosphorus generated in the silicon crystal is - for 
practical purposes - independent of the dimensions of the irradiated crystal. 
The dimensions of the crystal rods to be irradiated are limited only by the di- 
mensions of the irradiation facility. The spatial distribution of the generated 
phosphorus is due to the homogeneity of the spatial neutron density distri- 
bution, and the neutron fluence defines the phosphorus concentration. All 
these conditions are easily adjustable. Therefore this doping method is very 
appropriate for industrial use, particularly concerning resistivity regions of 
about 40 Q cm and higher, where conventional methods have increasing diffi- 
culties in the accuracy of attaining the precise doping level, and in achieving 
homogeneity of the dopant distribution and reproducibility of the doping 
process. 

Because of the high neutron doses required to generate the required 
phosphorus concentration, the irradiations are commonly performed in re- 
search reactors with a high neutron flux density, preferably in heavy-water- 
moderated facilities. It takes about one hour of irradiation time to attain a 
doping level corresponding to a resistivity of 100 D cm. Figure 12.4 shows the 
relations between the time of irradiation, the concentration of phosphorus 
generated and the electrical resistivity required, using a neutron flux density 
of 8 x 10 13 cm -2 s -1 . 




12 Neutron Transmutation Doping (NTD) of Silicon 



235 




Fig. 12.4. Calculated relation of the irradiation time t to the resistivity p ( left 
axis ) and to the number of phosphorus atoms Na generated ( right axis ) after an 
irradiation with a thermal-neutron flux density of 8 x 10 13 cm -2 s -1 ; calculated with 
the help of the Irvin curve [11, 19] 



12.3.3 Side Reactions 

The generation of the unstable phosphorus isotope 32 P, which is formed by a 
secondary reaction of 31 P with a neutron, has to be taken into account as an 
important side reaction during neutron irradiation. This isotope decays with 
a half-life of 14 days to form the stable sulphur isotope 32 S: 

30 Si(n, 7 ) — > 31 P (n, 7 ) 32 P -> 32 S + /T. 

The concentration of the generated phosphorus isotope 32 P depends not 
only upon the time of irradiation and the cross-section for the reaction, but 
also upon the neutron flux density in the reactor during irradiation. Fig- 
ure 12.5 [11] shows the relations between the neutron flux density during 
irradiation, the desired electrical resistivity and the concentration of the gen- 
erated phosphorus isotope 32 P. 

Apart from the reactions of thermal neutrons with silicon, there are a few 
reactions with the fast neutrons from the reactor. Fortunately these reac- 
tions have low cross-sections and the radioactive intermediates generated have 
short half-lifes. The low concentrations of the stable final products generated 
magnesium and aluminium, have no practical importance for the phosphorus 
doping of silicon. If, however, there are impurities in the silicon crystals to be 
irradiated, for example the element indium, which is used in the production 
of infrared detectors, the reactions of these elements with neutrons have to 
be taken into account. 
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Fig. 12.5. Relationship between the neutron flux density <P and 32 P radioactivity a 
for various resistivities [11] 



12.3.4 Radioactivity of the Irradiated Silicon 

In general, for the doping region of interest in industrial use, there are no 
significant problems concerning the radioactivity of the irradiated silicon. 
Because of the short half-life of the unstable intermediate 31 Si, the irradiated 
silicon can usually be handled like unirradiated material after a decay time 
of 3 days. 

In the region of 5 ft cm and below, which is generally less interesting for 
industrial doping processes, longer decay times arising from the unstable 
phosphorus isotope 32 P have to be taken into account. The relations between 
the required resistivity, the mass of irradiated silicon and the decay time are 
presented in Fig. 12.6 [12]. 

If there are radioactive impurities, caused for example by contaminated 
water in the reactor, they can be etched away easily with a mixture of 
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Fig. 12.6. Decay time t of 32 P in neutron-irradiated Si for reaching the accept- 
able limit (a ~ 3.7 x 10 5 Bq) versus the quantity of irradiated Si M for vari- 
ous resistivities. (The calculation was performed for a neutron flux density of 
= 10 14 cm -2 s _ 1 ) [12] 



HNO 3 /HF. Normally the surface of the irradiated silicon is completely free 
from contamination products. 

12.3.5 Annealing of Crystal Defects 

During irradiation, various defects in the silicon crystal are generated, mostly 
caused by fast neutrons. The electrical resistivity of the crystals is about 
10 5 ft cm. In practice, the crystal defects can be healed completely by anneal- 
ing at higher temperatures. Concerning the minority carrier lifetimes, there 
exists no difference between conventionally doped and annealed neutron- 
bombarded silicon [13]. The lower the content of fast neutrons during ir- 
radiation, the lower is the annealing temperature necessary to heal the crys- 
tal defects. Typical annealing conditions are a temperature of about 750° C 
and 1 hour annealing time [14]. As an example of the annealing behaviour, 
Fig. 12.7 [15] presents the development of the phosphorus donor lines in the 
electronic excitation spectra for different annealing temperatures. At a tem- 
perature of 800°, the regeneration of the crystal lattice is complete. It is also 
possible to heal the crystal defects with the help of infrared light [16]. Further 
details of crystal defects and their healing are reported in [ 8 ]. 



12.3.6 Technological Implementation of Silicon Doping 
Nuclear Reactors 

Because of the high neutron flux density necessary to generate the re- 
quired phosphorus concentration, the irradiations are mostly performed in 
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Fig. 12.7. Annealing of defects produced during the NTD process. The concentra- 
tion of phosphorus generated was ~2x 10 15 cm -3 , (a) Before annealing, (b) After 
annealing for 2h at 650° C. (c) After annealing for 1 h at 800° C [15] 



Table 12.1. Nuclear reactors used for the generation of NTD silicon, and their 
irradiation capabilities [17] 



(HW = heavy-water-moderated reactor, LW = light-water-moderated reactor) 



Saclay, France 


HW 


30 t/a 


Studsvik, Sweden 


LW 


30 t/a 


Riso, Denmark (shut down) 


HW 


40 t/a 


Kjeller, Norway 


HW 


12 t/a 


Mol, Belgium 


LW 


20 t/a 


Missouri, USA 


LW 


15 t/a 


MIT, USA 


HW 


10 t/a 


Lucas Heights, Australia 


HW 


18 t/a 


Other reactors 


HW/LW 


~ 10 t/a 


Sum 


LW 


70 t/a 


Sum 


HW 


75 t/a 



nuclear reactors operated by research institutes or universities. Heavy-water- 
moderated reactors are preferred, because of their high yield of neutrons with 
low energies. Irradiation usually takes a couple of hours. In Table 12.1 [17], 
reactors which have been used are listed. 
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The new high-flux heavy- water-moderated reactor FRM II at the Techni- 
cal University of Munich operating in 2004 provides irradiation facilities for 
silicon rods with a length of 500 mm and a diameter of 200 mm. The neu- 
tron flux density is 2 x 10 13 cm -2 s -1 and the spatial homogeneity is about 
±5%. The ratio of low-energy neutrons to high-energy neutrons amounts 
about 1000:1, and a capacity of 10 4 kg per year is possible. First commercial 
irradiations for silicon doping are planned for the year 2005. 



Amounts of Irradiated Silicon 

From the beginning of the irradiation of silicon for commercial use in 1973 [20] 
to the present date, the quantities of silicon irradiated have increased from 
the region of some kilograms [11] to the region of some tens of tons per 
year [17]. The main reason is that silicon has been irradiated not only to 
achieve resistivities in the region of 100 ft cm and above, where conventional 
doping methods begin to fail, but also to achieve lower resistivities, because 
of the excellent advantages of the irradiated material. The higher costs of the 
doping were overcompensated by higher yields for obtaining the target doping 
and by improved efficiencies of the manufactured devices within tight limits. 

Figure 12.8 [17] shows the quantities of silicon irradiated over a period of 
about 20 years. The decreases in the quantity for some years were caused not 




Fig. 12.8. Annual quantities of neutron-irradiated silicon [17] 
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only by commercial demand for silicon devices but also by improvements in 
the more economical technology of the gas-phase doping process in achieving 
the aims of doping in the region of higher resistivity values and of improved 
homogeneity in the distribution of the phosphorus. 

In past years there have frequently been problems caused by the decom- 
missioning of irradiation facilities. These problems could be solved up to now 
by increasing the capacities of the remaining reactors. In the future it has 
to be taken into account that an increasing number of irradiation facilities 
will have to be closed because they have reached their limits of age, such as 
the Riso reactor, which has already been shut down prematurely. This is par- 
ticularly true for heavy- water-moderated reactors, which are preferentially 
used for commercial doping. Therefore a lack of irradiation capability is to 
be expected in the near future. 



12.4 A Forward Look 

Even in the future, there will be a need for silicon crystals doped with the aid 
of neutron irradiation, especially in the region of higher electrical resistivities. 
It may be expected that the commercial boundary between the favourable use 
of conventional gas-phase doping and of neutron-irradiation doping may be 
shifted towards the cheaper gas-phase doping method, because of technical 
advances in the conventional method. At present it can be estimated that 
the region of higher electrical resistivities will be dominated by NTD silicon 
in future as well. It can also be expected that the requirements concerning 
the accuracy, homogeneity and reproducibility of doping will increase as a 
result of the development of future silicon devices. This means that NTD 
Silicon will be used not only in resistivity regions accessible exclusively by 
neutron-doped silicon, but also once again in regions which are well served 
by the conventional method. 
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13.1 Introduction 

Unlike dopants, metal impurities are rarely used in semiconductor devices. 
Nevertheless, transition metals are technologically important, since their 
presence in silicon is difficult to avoid and their interaction with free charge 
carriers may influence electronic devices [1]. An illustrative example is given 
by copper in silicon. As few as 10 12 copper atoms per cubic centimeter of sili- 
con may lead to significant yield loss in submicron integrated circuit manufac- 
turing [2-4] . The high electrical and thermal conductivity of copper thin films 
has nevertheless pushed the electronics industry to introduce copper intercon- 
nects into its products in spite of the enhanced risk of copper contamination. 
Only a perfect control of copper impurities in silicon technology allows the in- 
dustry such a performance. Another technological issue related to transition 
metals appears in the silicon photovoltaic industry, where cost reductions are 
pursued by using low-quality silicon with large amounts of metal impurities [5, 
6] . Defect reactions occurring during device processing determine the final en- 
ergy conversion efficiency. Understanding the reaction paths of the dominant 
impurities, their electrical activity in various states and their mutual inter- 
action has helped in optimizing the performance of photovoltaic devices. 

Today, the concentration of metal impurities in as-grown high-quality 
silicon wafers designed for ULSI (ultra large-scale integration) technology 
generally does not exceed 10 11 at/cm 3 . Contamination occurs mostly dur- 
ing processing steps of silicon wafers such as high- temperature treatments, 
ion implantation, chemical cleaning and wafer handling. Fe, Cu and Ni are 
the most frequently observed contaminants. The potential for contamination 
during silicon processing depends on physical properties such as the elec- 
tronegativity, vapor pressure, bulk diffusion and solubility in silicon of the 
impurity. The larger electronegativity of Cu (1.9) compared with Si (1.8), 
for instance, triggers surface deposition in the liquid phase, making chemical 
processing the dominating pathway for copper contamination. Large diffusion 
coefficients and solubilities (at the process temperatures) allow adsorbed sur- 
face atoms to diffuse rapidly into the silicon and escape from subsequent 
surface cleaning. In contrast, a high vapor pressure favors surface evapora- 
tion and reduces bulk contamination. This is the case for Zn and Hg, as well 
as for several oxidized metal species [7]. 
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The consequences of contamination for the final device depend on the spa- 
tial distribution of the contaminants. Metal impurities may either accumulate 
at interfaces, be included into silicon oxide or end up in the bulk. In the latter 
case, the proximity to the active region of a device is a determining factor. 
For most electronic devices, only the first few microns below the surface are 
of importance and need to be kept clean. Any metal contaminants located 
deeper in the material will have no effect on device operation. In photovoltaic 
devices, however, the whole wafer participates in light absorption and charge 
transport, and needs to be shielded. The interaction between metal impurities 
and free charge carriers depends on the microscopic state of the impurity. Dis- 
solved and precipitated impurities behave differently. Isolated impurities in- 
troduce localized electronic states, which may either trap minority carriers or 
enhance their recombination rate. This can lead to low current gains in bipo- 
lar transistors and to low conversion efficiencies in photovoltaic devices. On 
the other hand, metal precipitates are mostly responsible for low-resistance 
paths and may yield high leakage currents and low breakdown voltages in rec- 
tifying devices. When located in the near-surface region, metal precipitates 
may also cause local oxide thinning and induce premature voltage breakdown. 

The current understanding of the physical properties and electrical ac- 
tivity of metal impurities in silicon and the engineering solutions which are 
currently used by the industry to control their influence on electronic devices 
are the outcome of numerous research efforts performed worldwide over the 
last 50 years. A number of review articles and books on metal impurities in 
silicon have been published over this period of time (see for instance [8-10]) 
and have helped semiconductor scientists and engineers to keep up with the 
rapid evolution of the experimental and theoretical results. The present chap- 
ter is not designed to be another review article, but to give the noninitiated 
reader a comprehensive introduction to the physics of transition metal im- 
purities in silicon. Fundamental concepts are illustrated by well-established 
results, while references to the most recent publications in the field are added 
to allow further investigation by the interested reader. 

The chapter is organized as follows. In the first section, the diffusion 
mechanisms and equilibrium solubility of the major transition metals are 
addressed. The second section describes the electrical activity of metal im- 
purities and associated device failures, while the last section deals with 
state-of-the-art impurity engineering, such as impurity gettering and metal 
trace detection. 



13.2 Diffusion and Solubility 

The diffusion coefficient and solubility of a metal impurity in silicon are 
its most consequential properties. They determine the impurity penetration 
depth and bulk concentration which may result from accidental surface con- 
tamination and subsequent high-temperature annealing. Fundamental studies 
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Fig. 13.1. Diffusion coefficient versus reciprocal temperature for various impurities 
(from [7], except for the Cu data, which are from [15]) 



of these properties for major contaminants were done in the 1960s [8, 11-13]. 
Most of these data are still valid today, with the exception of copper in sili- 
con, whose diffusion coefficient had been considerably underestimated [14,15]. 
Figure 13.1 represents up-to-date values for the diffusion coefficients of ma- 
jor metallic impurities as a function of temperature. The data for phosphorus 
impurities have been added for comparison. 

The significantly larger diffusion coefficients of transition metals as com- 
pared with phosphorus point to different diffusion mechanisms. In thermal 
equilibrium, shallow dopants are known to occupy exclusively substitutional 
positions. This energetically stable configuration allows dopant diffusion steps 
to occur only when an intrinsic point defect (self-interstitial or vacancy) is 
localized at a nearest-neighbor position. The point defect equilibrium concen- 
tration drops quickly with temperature and is responsible for the extremely 
slow dopant diffusion below 900° C. In contrast, the fast diffusion of transition 
metals suggests that, at the diffusion temperature, a significant amount of 
the impurity is located on interstitial sites and diffuses rapidly through the 
open crystal structure of silicon. The diffusion coefficients shown in Fig. 13.1 
are functions of the interstitial-to-substitutional ratio of the metal (substitu- 
tional impurities being considered as immobile) and of the diffusivity of the 
interstitial component. 

It is currently accepted that 3d transition metals have dominant intersti- 
tial solubilities at all temperatures [7]. The chemical trend followed by the 
migration enthalpy (the slope of the lines in Fig. 13.1), which decreases with 
increasing atomic number, was attributed by Utzig to the influence of the 
elastic energy of the impurity in the silicon host lattice [16]. 

The numerous data published on Fe in silicon (see [17] for a recent re- 
view) led to the general agreement that iron has an essentially interstitial 
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equilibrium solubility and diffuses interstitially with a migration enthalpy of 
0.68 eV. Despite the rather scarce experimental results concerning Ni and Co 
(mainly owing to the difficulty of keeping these impurities in the interstitial 
sites at room temperature), it is also believed that these impurities dissolve 
and diffuse interstitially at high temperatures [8]. 

For copper, Hall and Racette [11] found that in p-type and in moder- 
ately doped n-type material more than 99% of the metal remains on intersti- 
tial sites under thermal equilibrium conditions, and estimated the interstitial 
copper migration enthalpy as 0.43 eV. However, recent experiments showed 
that this value was a significant overestimate [18] owing to copper-acceptor 
pairing (see below). An intrinsic copper migration enthalpy of only 0.18 eV 
was established recently by Istratov et al. [14, 15] using drift experiments in 
low-doped material. This value agrees well with ab-initio calculations done by 
Woon et al. [19]. In high-doped material or at low temperatures, the copper- 
acceptor interaction must be taken into account. The effective diffusion coeffi- 
cient calculated assuming a diffusion-limited pairing reaction and a thermally 
activated dissociation rate agrees well with Hall and Racette’s data [15]. 

The diffusion profiles observed in samples contaminated with Au or Pt 
could not be understood in terms of a simple interstitial diffusion mechanism. 
Gosele et al. [20] found that these metals do have a significant substitutional 
equilibrium solubility and need to be “kicked out” into interstitial sites by 
interaction with silicon self-interstitials before being able to diffuse. This kick- 
out mechanism is described by the following reaction: 



Ms + I^Mi (13.1) 

where M s and Mi correspond to the fixed substitutional and mobile intersti- 
tial metal impurity, respectively, while I represents a silicon self-interstitial. 
This reaction results in a nonuniform effective diffusion coefficient D e ^ , 
defined by 

D^ f =D Mi fi (13.2) 

where ff = [Mi] /([Mi] + [M s ]). The terms in brackets represent the impu- 
rity concentration on different atomic positions. Equation (13.2) emphasizes 
that only the interstitial impurity is mobile. The factor ff depends locally 
on reaction (13.1). Under nonequilibrium conditions, self-interstitial super- 
saturation tends to increase /*, and undersaturation tends to decrease it. 
In the particular case where the point defect concentration is pinned to 
its equilibrium value (through a high dislocation density, for instance), 
is uniform and leads to the constant (concentration-independent) effective 
diffusion coefficients shown in Fig. 13.1 [21, 22]. Experimental values for 
the intrinsic interstitial diffusion coefficient (D^J of these substitutional 
transition metals have not been reported so far. 

The contribution of point defects to the diffusion mechanism couples the 
diffusion of a substitutional metal to the local defect concentration, which 
itself may be affected by technologically important processes such as thermal 
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oxidation or ion implantation or by the presence of extended defects (inter- 
faces, dislocations, grain boundaries, . . . ). For instance, self-interstitial injec- 
tion during oxidation increases the interstitial metal concentration through 
reaction (13.1) and enhances the diffusion of the metal. On the other hand, 
in the neighborhood of extended defects the lower point defect concentration 
reduces the effective diffusion coefficient and favors metal accumulation. Get- 
tering of substitutional metals, discussed later in this chapter, partly relies 
on this point-defect-impurity interaction. 

In semiconductors, defects can have various charge states, depending on 
the Fermi level position and on the defect ionization energy. Accordingly, the 
charge state may influence the impurity diffusivity either through a charge- 
state-dependent Dmi, as has been found in the case of Fe [23,24], or by a 
Fermi-level-dependent interstitial solubility. An example illustrating the lat- 
ter effect is given by copper in silicon. Hall and Racette [11] showed that inter- 
stitial copper impurities behave as shallow donors, being positively charged 
at room temperature independently of the Fermi level position. Conversely, 
substitutional copper impurities, although a minority, were found to exist 
mostly in a negatively charged state (an acceptor-like defect). Upon introduc- 
tion into the silicon matrix, ionization of copper atoms induces a Fermi-level- 
dependent energy gain. In p-type material, electron release from interstitial 
Cu is the energetically favorable path and increases the interstitial solubility. 
In n-type doped material, however, ionization of the substitutional acceptor 
levels, when located below the Fermi level, becomes energetically favorable. 
This increases the substitutional solubility, which even exceeds the interstitial 
solubility in highly doped n-type material. In this case, diffusion of copper is 
significantly slowed down and is most probably coupled to the intrinsic point 
defects, as is the case for other substitutional metals such as Au or Pt. 

The solubility of a given impurity in silicon is defined as the impurity con- 
centration dissolved in the silicon matrix in equilibrium with a second phase, 
in most cases a metal silicide [8]. For instance, Fe and Ni were found to be in 
equilibrium with FeSU and NiSU over the whole temperature range investi- 
gated, while the composition of the copper boundary silicide is CusSi [25-27]. 
All transition metals are characterized by a solubility which decreases rapidly 
with temperature, reaching negligible values at room temperature [8]. Dis- 
solved metal impurities in silicon observed at room temperature thus always 
constitute a metastable supersaturated solution. The level of supersatura- 
tion depends on various factors such as the cooling rate from the in-diffusion 
temperature, the impurity diffusion rate, the crystallographic structure of 
the silicide and the presence of secondary defects. Interesting examples are 
given by Fe and Ni, whose behaviors during cooling differ significantly. The 
lattice parameters of Ni silicide are close to those of silicon, leading to low 
elastic strain during the formation of silicide particles [26]. This in turn fa- 
vors rapid precipitation of supersaturated metal and is thought to keep the 
interstitial nickel concentration below the detection limit at room temper- 
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ature even after extremely fast cooling (2000°C/s). In contrast, the lower 
diffusion rate of Fe and the larger volume change associated with formation 
of the silicide FeSi 2 as compared with the Ni silicide allows significant metal 
supersaturation after cooling [25]. Nucleation of Fe silicide precipitates has 
been observed to be triggered mostly by secondary defects (dislocations, in- 
terfaces, . . . ), which reduce the Si/silicide interfacial energy through strain 
relaxation. Subsequent precipitate growth is limited, however, by long-range 
impurity diffusion, which constitutes a stronger limitation for Fe than for 
Ni. Consequently, moderately fast cooling rates (< ^ 50° C/s) are generally 
enough to avoid the formation of iron precipitates in high-quality crystals. 

The behavior of Cu is different again. Initially, Cu precipitation was 
thought to occur almost quantitatively even during fast cooling, in spite of 
the significant lattice mismatch and the strong self-interstitial emission which 
necessarily accompanies the formation of metal-rich silicide particles [7] . The 
extremely high diffusion coefficient of interstitial copper was thought to be 
responsible for this behavior. Recently, however, the observation of intersti- 
tial copper through transient ion drift measurements and precipitation stud- 
ies using synchrotron X-ray fluorescence led to the conclusion that thermal 
quenching at moderate cooling rates (larger than 50° C/s) can lead to a sig- 
nificantly supersaturated copper solution [28,29]. Coulomb repulsion between 
the growing silicide particles and interstitial copper is at present believed to 
be responsible for this unexpectedly low precipitation rate. In the case of a 
slow cooling rate, copper precipitation occurs predominantly near the sample 
surface, which acts as a perfect sink for the emitted self-interstitials, and this 
precipitation can be visualized as haze after preferential surface etching [7]. 

Supersaturated dissolved metal impurities may also form complexes with 
other impurities, of identical or different chemical nature. Complex forma- 
tion is expected if the cooling rate is too fast to allow quantitative precipita- 
tion and if the room temperature mobility of the dissolved metal impurities 
is large enough for them to be captured by secondary defects. Long-range 
electrostatic interactions also contribute to the complex formation rate. A 
typical example is given by the formation of donor-acceptor pairs [30]. In 
this case the opposite charge states of the two constituents give rise to a 
long-range Coulomb interaction, which allows the formation of stable defect 
pairs through a diffusion-limited trapping mechanism. It is well established, 
for instance, that at room temperature the interstitial diffusion coefficient of 
iron is large enough to let all Fe atoms pair with an acceptor dopant (B, Al, 
Ga, . . . ) within hours. Chantre and Kimerling [31] showed that the statisti- 
cal distribution of these pairs among the various spatial configurations agrees 
well with a Boltzmann distribution assuming a point charge electrical poten- 
tial. Similar pairs have been observed in Cr- and Mn-contaminated p-type 
silicon [32,33]. Donor-acceptor pairs are generally weakly bound and can be 
dissociated upon annealing at relatively low temperature (~ 200° C). Since 
defect pairs and clusters have a different electrical activity from individual 
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metal impurities, they need to be taken into account in order to understand 
fully the influence of metal contamination on electronic devices. 

The short description above is enough to give an idea of how the behav- 
ior of metal impurities may be coupled to typical device-processing steps. 
The solubilities and diffusion coefficients of most transition metals are high 
enough to allow metal impurities to in-diffuse from a contaminated surface 
over macroscopic distances (ranging from a few microns to the whole wafer 
thickness) during a typical high-temperature process. The final distribution 
and configuration of the metal impurities depend strongly on the cooling 
rate, which controls the level of supersaturation and triggers more or less the 
formation of metal precipitates. A strong coupling to intrinsic point defects, 
whose concentrations vary with the process parameters, is expected either 
through the impurity diffusion mechanism (this is the case for substitutional 
metal impurities such as Au or Pt) or through the precipitation kinetics. 
After a given process, metal impurities may either be in an interstitial (Fe, 
Cu, Ti, . . . ) or substitutional (Au, Pt, Cu in n + Si) state, be contained in a 
complex or be included in silicide particles. The tendency of some impurities 
to precipitate in the near-surface region, i.e. in the active region of devices, 
may be particularly detrimental to device operation. 



13.3 Electrical Activity 



The electrical activity of dissolved metal impurities is mostly due to localized 
energy states (or deep levels), which they introduce into the silicon energy 
bandgap. The interaction between these deep levels and the free charge carri- 
ers has been described by Shockley, Read and Hall in terms of carrier capture 
and emission rates (see Fig. 13.2) [34,35]. The capture rates are given by 



G-n — GT n V n Tl and Cp — &pVpPi 



(13.3a) 



where v n ^ are the electron and hole thermal velocities, cr n ( p ) are the capture 
cross sections, and n ( p ) are the Fermi-level-dependent electron and hole 
concentrations, respectively. The deep- level emission rates are given by 



N r . 



G-n — G n - 



a n e~ AH ^ kT and 



N v 



(13.3b) 



e = v — — (j e ~AH p /kT 

Op Up U pC , 



where N c and N v are the effective densities of states of the conduction and 
valence band, respectively, g is the deep-level degeneracy factor, and AH n ( p ) 
are the deep-level electron and hole ionization enthalpies (the distance be- 
tween the deep level and the conduction or valence band edge, respectively). 
Deep levels located close to the middle of the bandgap ( AH n ~ AH p ) allow 
transitions to and from both the valence and the conduction energy band 
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Fig. 13.2. Illustration of the interactions between a deep level and the silicon 
energy bands 

equally, and promote the thermal generation of electron-hole pairs. This is 
particularly important if the impurity is located in a depletion region where 
carrier capture rates are negligible (n, p ~ 0). Such “generation centers” 
increase significantly the leakage current of PN junctions and Schottky bar- 
riers and reduce the charge storage time of charge-coupled devices. Similarly, 
deep levels with large capture rates (compared with the emission rates) for 
both electrons and holes lead to efficient recombination of electron-hole pairs. 
Since capture rates depend on the free-carrier concentration, recombination 
in doped materials occurs mostly under nonequilibrium conditions when the 
minority carrier concentration is increased either by photon absorption or by 
injection from a neighboring interface. Such “recombination centers” reduce 
the “lifetime” of excess minority carriers and lead to a low collection effi- 
ciency of photovoltaic devices. If located in the base of a bipolar transistor, 
recombinative impurities increase the base current and reduce the current 
gain of the transistor. 

The capture cross sections may have values ranging from 10“ 18 to 
10~ 14 cm 2 . This extended range reflects the influence of the impurity charge 
state on the capture process through the long-range Coulomb interaction. 
Owing to the Coulomb repulsion, for instance, electron capture by a nega- 
tively charged impurity is less likely than by a neutral or positively charged 
defect. Large electron capture cross sections thus attest to the donor nature 
of an impurity under investigation. The order of magnitude of the capture 
cross sections is often used to assess the acceptor- or donor-type character of 
impurities (see Table 13.1). Another, more explicit indication of the impurity 
charge state comes from the electric-field enhancement of carrier emission. 
This Poole-Frenkel effect is due to the distortion of the potential- energy dis- 
tribution of an electron or hole around the impurity by the macroscopic elec- 
tric field (in the depletion region of a Schottky barrier, for instance) [36]. The 
electric field lowers the energy barrier for electron emission from a donor-type 
defect or hole emission from an acceptor- type defect. 
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Table 13.1. Energy levels of major metallic impurities (from [7]). The subscripts 
i and s indicate the atomic position (interstitial or substitutional). The letter “d” 
or “a” indicates the electron donor or acceptor behavior of the deep level (“dd” 
corresponds to a double donor level and “aa” to double acceptor level) 



Metal 


Tii 


Vi 


Cn 


CrB 


Mni 


MnB 


Fe ; 


FeB 


Co s 


Ni s 


Cu s 


Cui- 

Cu s 


Aus 


Pt s 


AH n 

(eV) 


0.08 a 
0.27 d 


0.18 a 
0.45 d 


0.22 d 




0.12 a 
0.42 d 


0.53 d 


0.39 d 




0.41 d 


0.41 d 


0.16 d 




0.55 d 


0.23 d 


AH P 

(eV) 


0.28 dd 


0.32 dd 




0.29 d 


0.27 dd 






0.1 d 


0.41 a 


0.17 a 


0.46 a 
0.22 d 


0.1 d 


0.34 a 


0.32 a 



The currently most well-established data on the energy levels introduced 
by major metallic impurities are summarized in Table 13.1. Most metal impu- 
rities introduce recombination centers and must be kept at a low concentra- 
tion when high minority carrier lifetimes and diffusion lengths are required. 
The recombination activity of Au has been put to use in high-speed switch- 
ing devices, for which the recombination of excess minority carriers is the 
time-limiting process [37]. Interstitial copper is believed to introduce a rel- 
atively shallow donor level, whose precise location in the bandgap remains 
uncertain [9,38]. From drift experiments, Prescha et al. found that in p- 
type silicon interstitial copper remains positively charged down to at least 
— 70°C [18]. Substitutional copper is at present believed to introduce three 
deep levels corresponding to four different charge states [14]. The numerous 
other deep levels which have been observed in copper-contaminated silicon 
are due to defects complexes which include one or several copper atoms [39]. 
The formation of such defects is favored by the negligible room temperature 
solubility of copper in silicon, which constitutes a thermodynamic driving 
force, and by its fast diffusion, which lowers the kinetic barrier. Knowledge 
about the structure and composition of these complexes, however, remains 
rather scarce. The shallow donor level located at 0.1 eV above the valence 
band constitutes an exception. By observing the quadratic dependence of 
the deep-level concentration on the copper contamination level, Weber et 
al. [40] came to the conclusion that the corresponding defect is formed by an 
interstitial-copper-substitutional-copper pair. More recently, copper has been 
found to form complexes with other impurities such as H, Au and acceptor- 
like dopants [41-43]. 

Many efforts have been made to study the electrical activity of the tech- 
nologically important impurity iron in silicon and have made this impurity 
one of the most well-understood defects in silicon. Interstitial iron is known 
to introduce a donor level at 0.39 eV above the valence band, which is re- 
sponsible for the long-range Coulomb interactions between Fe and negatively 
charged defects in p-type material [7]. In boron-doped silicon, most Fe is 
paired with B and introduces a shallow level at 0.1 eV above the valence 
band [7]. Since the capture and emission rates of both interstitial iron and 
iron-boron pairs are known, changes in the minority carrier lifetime or diffu- 
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sion length subsequent to pair dissociation can be used to study the reaction 
kinetics quantitatively. Zoth and Bergholz suggested the use of this property 
to detect traces of iron in p-type silicon [44]. Thermal dissociation of these 
pairs is possible at temperatures above 200° C or at room temperature under 
high minority carrier injection by a recombination-enhanced reaction. 

Since nickel precipitates almost quantitatively during cooling, its electri- 
cal activity is mostly due to nickel silicide particles, Ni-related defect clusters 
and to substitutional Ni. The electrical activity of nanometer-sized metal sili- 
cide particles has recently been investigated by Hedemann and Schroter [45] . 
These authors found that the temperature dependence of the emission rate 
can be understood in terms of band-like states located in the silicon bandgap. 
Their theory successfully reproduces the deep-level transient spectroscopy 
signature of both Ni and Cu precipitates. These band-like states can be con- 
sidered as responsible for the recombination activity of precipitate particles 
and for the contrast in beam-induced current images. For larger particles, the 
bulk electrical properties of metal silicides dominate. Thus, a micron-sized 
copper or nickel silicide particle in silicon constitutes a metal/semiconductor 
interface, which may give rise to charge redistribution and related internal 
electric fields [46]. The low resistivity of metal silicides, further, makes them 
a preferential pathway for electric currents. If located in the active region of a 
device (most frequently at an Si/Si 02 interface or in a space charge region), 
precipitates of fast-diffusing transition metals can be responsible for device 
failures either through recombination currents (from band-like states of small 
precipitates) or electrical breakdown [47]. 



13.4 Impurity Engineering 

13.4.1 Gettering 

Since metal impurities are electrically active and almost unavoidable, semi- 
conductor device manufacturers try to minimize their impact on device op- 
eration by keeping them out of the active region. This can be achieved by 
introducing efficient impurity trapping sites either on the back surface of the 
silicon (for photovoltaic devices for instance) or just beyond the near-surface 
layer a few microns thick (for microelectronic devices). After contamination, 
the metal impurities diffuse preferentially towards these sinks where they 
become stabilized and are then harmless to the device. Such a “gettering” 
procedure is efficient only under following conditions: 

- The metal impurities must be mobile: precipitated impurities or impurity 
clusters need first to be dissociated before being trapped by gettering sites. 

- The impurity diffusion length during the heat treatments which follow 
the initial contamination step must be larger then the distance between 
the impurities and the “sinks” . 
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- The trapping sites must be effective at temperatures where impurity diffu- 
sion occurs and avoid impurity release during subsequent heat treatments. 

The gettering “efficiency” of a given process, which can be defined as the 
ratio between the impurity concentrations in the active region of a device with 
and without gettering sites, depends strongly on the physical properties of the 
metal impurity (equilibrium configuration, diffusion coefficient, charge state, 

. . . ) discussed above. For fast-diffusing impurities such as Cu or Ni, which 
easily form silicide particles, the first condition may constitute a limiting 
factor, while for metals such as Fe or Au, which most frequently are dissolved 
on interstitial or substitutional sites, respectively, no preliminary dissociation 
step is required. Conversely, the second condition is of significant importance 
for the slowest-diffusing species. 

The heat treatment required for the gettering process to take place de- 
pends on the nature of the sinks. For processes described as “segregation- type 
gettering” , the sink corresponds to a region characterized by a larger metal 
solubility compared with standard silicon. Highly doped regions or aluminum 
thin films deposited on the back surface of the silicon are some popular ex- 
amples [48,49]. In the former case, p + doping, for instance, enhances the 
solubility of positively charged impurities (such as interstitial Cu or Fe). In 
epitaxial p/p + wafers, the entire p + substrate corresponds to the gettering 
region. This solution is particularly well suited to microelectronic devices. In 
the second example, the aluminum-silicon eutectic formed at the Al/Si inter- 
face has metal solubilities orders of magnitude larger than those of silicon and 
constitutes the gettering layer. This technology has been used successfully to 
purify silicon crystals used for photovoltaic applications. In both cases, im- 
purity gettering occurs during the anneal provided that the temperature is 
high enough to fulfill the second condition described above. The gettering 
efficiency is strongly dependent on the segregation coefficient between sili- 
con and the gettering layer and on the impurity diffusion coefficient at the 
annealing temperature. 

In another important class of gettering processes, known as “relaxation- 
type gettering” , the sinks act as nucleation centers for metal silicides and tend 
to reduce any metal supersaturation [50]. Thus, during cooling, precipitation 
of supersaturated metal impurities occurs preferentially at the gettering sites. 
This introduces a concentration gradient, which sustains metal diffusion to- 
wards the sink. The gettering efficiency depends on the supersaturation level 
and on the impurity diffusion length. The supersaturation increases with 
the cooling rate and triggers precipitation. The effective impurity diffusion 
length, on the other hand, decreases with increasing cooling rate and must re- 
main large enough to allow the impurities reach the growing silicide particles. 
High efficiencies are thus possible only in a relatively narrow process window. 
The most frequently used method, also called intrinsic gettering, uses oxygen 
clusters and related extended defects (dislocations) , formed in Czochralski sil- 
icon during a high-temperature process, as nucleation sites for heterogeneous 




256 T. Heiser 



metal precipitation. By previously outdiffusing oxygen from the near-surface 
region, one causes oxygen precipitates to form only beyond the active regions 
of devices and to efficiently getter metals during subsequent anneals [50,51]. 

Defects induced by ion implantation constitute another way to intro- 
duce efficient gettering sinks in the proximity of the active regions of de- 
vices [52-54]. Extended defects, such as dislocations or stacking faults, gen- 
erally constitute nucleation sites for heterogeneous metal precipitation (simi- 
larly to oxide particles). Nanometer-sized cavities formed by high-dose He or 
H implantation have been found to efficiently trap metal impurities on the 
cavity walls. In this case, the gettering mechanism can be described in terms 
of metal segregation towards the cavities with a segregation coefficient which 
decreases with increasing cavity wall coverage [53]. 

Gettering of various metal impurities has also been found to occur effi- 
ciently during phosphorus diffusion in silicon [55]. Segregation of acceptor- 
type impurities (Cu su b, for instance) to the highly doped n-type region and 
formation of P-metal pairs have been suggested as possible driving forces 
for the gettering mechanism [49]. In this process, injection of point defects 
(mostly self-interstitials) induced by P diffusion also plays a dominant role, 
since self-interstitials enhance metal diffusion (kick-out mechanism) and facil- 
itate the dissolution of metal-rich silicide particles. Some reports have found 
that a combination of phosphorus diffusion with aluminum back-surface get- 
tering is an effective gettering solution, especially for solar cell applications, 
for which both steps are required for the formation of the device structure [56] . 

In recent decades, impurity gettering has been an active research topic, 
with the final aim of establishing a global physical model which could be used 
by a device manufacturer to forecast and optimize the gettering efficiency 
of its technology. These models rely on the fundamental properties of metal 
impurities discussed in the previous sections. The state of the art of gettering 
modeling has been described in several recent reports [57-59]. Some issues 
such as the stability of the gettering sites (condition 3) and the kinetics of 
precipitate dissolution (condition 1) are still under investigation. 

13.4.2 Trace Detection 

For ultralarge-scale integrated devices the tolerable metal impurity concen- 
trations, of the order of 10 10 to 10 12 cm -3 , are below the detection limit 
of most standard analytical tools, such as secondary-ion mass spectroscopy 
and atomic absorption spectroscopy. Highly sensitive methods such as total 
X-ray fluorescence spectroscopy and inductively coupled plasma mass spec- 
troscopy either are limited to surface analyses or require sample destruction 
and are time-consuming. Electrical methods constitute an interesting alterna- 
tive, with the potential for low detection limits and contactless nondestructive 
procedures. The reliability of these methods depends strongly on our under- 
standing of the properties discussed above of metal impurities in silicon and 
on our understanding of their interaction with charge carriers. For instance, 
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traces of iron in silicon can be detected efficiently by measuring changes in 
the minority carrier lifetime upon dissociation of iron-boron pairs. This can 
be achieved on whole wafers in a contactless mode by associating exposure to 
high-intensity light (to promote pair dissociation through a recombination- 
enhanced reaction) with standard equipment for the measurement of minority 
carrier lifetime or diffusion length. The resulting detection limit lies below 
10 10 atoms per cm 3 [44,60]. 

Similar attempts to detect traces of copper in silicon by minority carrier 
diffusion length measurements have been reported recently by Yli-Koski et 
al. [61]. These authors found that exposure to high-intensity light enhances 
the precipitation rate of interstitial copper on extended defects (oxide parti- 
cles) and induces an irreversible drop in the minority carrier lifetime. Another 
methodology is based on the extremely high mobility of positively charged 
interstitial copper [62-64]. Electrical capacitive transient signals are deliv- 
ered by simple devices (Schottky barriers) if the electric field in the depletion 
region allows interstitial copper atoms to experience drift. These signals can 
then be used to detect quantitatively the presence of as few as 10 11 copper 
atoms per cm 3 of silicon. However, for such a measurement to be significant, 
most of the copper impurities need first to be put into the interstitial sites by 
an appropriate heat treatment. Experimental investigations of the physical 
properties of copper in silicon have shown that this condition can be fulfilled 
in silicon of high crystalline quality by short anneals at temperatures as low 
as 600° C [62]. 

13.4.3 Other Engineering Issues 

Other engineering topics related to metal impurities include defect passiva- 
tion and minority lifetime engineering. The former uses defect reactions be- 
tween an electrically active defect and a mobile impurity to form complexes 
whose electrical activity is reduced or “passivated”. The most extensively 
investigated example of a mobile passivating impurity is given by hydrogen 
in silicon [65]. Passivation of extended defects in polycrystalline silicon ma- 
terials has become a widespread technique to enhance the energy conversion 
efficiency of solar cells [66] . The presence of hydrogen atoms generally reduces 
the recombination of excess minority carriers at silicon grain boundaries. Hy- 
drogen has also been observed to form pairs with most metal impurities (see 
Chap. 14 in this book). However, some of these introduce deep levels which 
differ from those specific to the isolated metal impurity and hence remain 
electrically active. Since hydrogen is readily introduced into silicon at room 
temperature during wet chemical processing, hydrogen-related defect reac- 
tions should always be considered when characterizing the electrical activity 
of a given impurity. 

Minority lifetime engineering is related to the development of fast switch- 
ing devices for which the carrier lifetime controls the allowed switching rate. 
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The introduction of efficient recombination centers helps to lower the corre- 
sponding time constant. Gold and platinum impurities introduce deep levels, 
which make them useful for this task [37]. The final choice of the engineer 
includes other related aspects such as the generation activity (responsible for 
leakage currents), impurity diffusion and solubility. 



13.5 Conclusion 

The numerous experimental and theoretical works on metal impurities in sili- 
con published so far have led to a high level of understanding of defects never 
achieved for other semiconductor materials. They have certainly contributed 
to the rapid evolution of the microelectronics industry over recent decades. 
Yet, with the continuous downscaling of microelectronic device dimensions, 
the tolerance for metal contamination is still shrinking. The formation of shal- 
low junctions requires lower annealing temperatures, which may be incom- 
patible with standard gettering solutions. Contamination monitoring requires 
lower detection limits. Also, new materials will be introduced into silicon de- 
vices for dielectrics, interconnects or diffusion barriers and introduce a risk 
of contamination by less familiar impurities. We may thus conclude that the 
physics of metal impurities in silicon, even after 50 years of active research, 
will remain an important issue in the near future. 
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14 Hydrogen 



C.A.J. Ammerlaan 



14.1 Introduction 

Hydrogen, the most abundant substance in the universe, is also omnipresent 
on earth in the form of water, the most common liquid, following its name 
“hydro-gen” . Being the first element in the periodic table of elements, hydro- 
gen can show extreme properties. It is the smallest and lightest element of 
all. Consequently, hydrogen is frequently present as an impurity in crystals 
of every kind, and so too for silicon. When it is singly ionised only its nu- 
cleus, the bare proton, with dimensions of femtometres, is left. Without any 
core electrons, hydrogen is a unique impurity. The positively charged impu- 
rity will seek a position with maximum electron density, or lowest Coulomb 
potential, in the crystal, creating bonding in a typically ionic manner. In the 
neutral charge state, the hydrogen atom will have its Is electron shell singly 
occupied. Using a different option, hydrogen can accept a second electron in 
this low-energy state offered by the Is shell, which will become completely 
filled. This full shell is the typical form realised in covalent bonding. With 
these contrasting bonding schemes, the bonding of hydrogen in silicon is an- 
ticipated to be complex in its appearance. One cannot expect valid bonding 
models to be based on simple intuitive thinking. Rather, this is the domain 
of the most advanced theoretical computations. Such calculations, possible 
nowadays and undoubtedly possible with even greater precision in the future, 
have already shown the vital role of theory in the understanding of the be- 
haviour of hydrogen in silicon. Maybe theory is having a larger impact than 
ever before on the physics of defects and impurities in semiconductors, with 
the obvious exception of shallow substitutional donors and acceptors and the 
celebrated effective- mass theory. Owing to its electronic structure, hydrogen 
is a highly reactive impurity. These expectations have been fully confirmed by 
the observation of interactions of hydrogen with a rich variety of impurities, 
including shallow and deep states, substitutional and interstitial impurities, 
and donor, acceptor and amphoteric impurities, from all rows and columns 
of the periodic table. A very special case is the interaction of hydrogen with 
itself in forming the H2 molecule. This prototype of covalent bonding creates 
a molecule without any charge or dipole moment. In this reaction hydrogen 
has fully passivated its own electrical activity, a feature that hydrogen can 
also show in interactions with other impurities, such as acceptors and dan- 
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gling bonds. Several powerful experimental techniques, such as EPR, electron 
paramagnetic resonance, are not capable of observing passivated products, 
which creates a handicap for experimental investigations. Though possibly 
present in great quantities, hydrogen-passivated centres do not have any ap- 
preciable effect on material properties and are hard to detect. However, upon 
heat treatment, e.g. in device processing, passivated complexes may dissoci- 
ate and reactivate the component impurities. In this way hydrogen can be 
responsible for unstable properties of silicon. 

In the past two decades, intensive research on the effects of hydrogen in 
silicon has been conducted. Several methods for controlled intentional intro- 
duction of hydrogen have been developed, each with its own advantages and 
limitations. By exposing silicon wafers downstream from a plasma source of 
hydrogen atoms, silicon can be hydrogen-doped to a large concentration in 
a thin surface layer, typically 1 pm thick. Substrates are usually kept at an 
elevated temperature around 500° C. Another way to obtain shallow highly 
doped layers is chemical etching at room temperature, or even boiling in 
water, of silicon wafers. Treating samples in a wet atmosphere is a typical 
condition that also arises in standard IC processing. As a result, hydrogen can 
be introduced unintentionally and, if this is not realised, it can be responsi- 
ble for unexpected phenomena and properties. A controlled introduction can 
be achieved by proton implantation. The range of introduction will depend 
on the implantation energy and can be up to several centimetres. The con- 
centrations achieved are determined by the implantation dose and can vary 
widely as well. Implantation is accompanied by creation of radiation damage, 
with the usual requirement for thermal annealing of these defects. Diffusion 
at high temperatures, near 1200° C, for several hours can give uniform doping 
over millimetre distances. 

For experimental research purposes, the method of hydrogen introduction 
selected will depend on the method of measurement envisaged. Shallow layers 
created by etching provide ideal samples for measurements by deep-level tran- 
sient spectroscopy (DLTS). This sensitive technique yields concentrations and 
energy levels. Structural information is better obtained by spectroscopy in the 
infrared of vibrational modes of complexes involving the light hydrogen impu- 
rity. With two stable isotopes, the proton and deuteron, with a relative mass 
difference of a factor two, larger than for any other element, the identification 
of hydrogen modes can be safely performed. Local vibrational mode (LVM) 
spectroscopy is possible for all charge states of the defects. Even though this 
is not the case for magnetic resonance, this latter technique is still very suit- 
able for detection and characterisation of hydrogen-related complexes if they 
are not fully passivated. Again, the availability of two isotopes is of great 
advantage for the identification of hydrogen in the centres. The different nu- 
clear spins, I p = 1/2 for the proton and Id = 1 for the deuteron, give a clear 
distinction in the electron paramagnetic resonance (EPR) spectra. When 
electron-nuclear double resonance (END OR) can be performed, the different 
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nuclear magnetic moments, /i p = +2.79285 //n and /id = +0.85744 /iN, allow 
an unambiguous identification of hydrogen. The crucial complementary role 
of theory has already been stressed. 

Several reviews of hydrogen in silicon have been published in recent 
years [1-14]. These reviews include references to over a thousand original 
papers in the field, allowing one to follow the investigations in all details. 
This brief review will be limited to the discussion of four specific cases. First, 
single hydrogen atoms and molecules in silicon, as the basic structures, will 
be considered. The passivation of acceptor and donor impurities, is taken 
as the second and third examples. Finally, the interaction of hydrogen with 
transition metal impurities, as typical deep-level centres, is described. 



14.2 Hydrogen Atoms and Molecules 

Hydrogen is an amphoteric impurity in silicon. Depending on the Fermi level, 
as determined by the shallow dopants, it will assume either a positive or a 
negative charge state, or it may be neutral under nonequilibrium conditions. 
As an ionised donor, in the state H + , hydrogen will find its energetically most 
stable position in the region of highest electron density. This will be midway 
between two neighbouring silicon atoms, where the covalent bond between 
these atoms creates the highest electron density. Also, the neutral hydrogen 
atom will be bonded at this so-called bond-centred site, referred to as the BC 
site [15-23]. The negative hydrogen ion H _ [24-26], on the other hand, will 
prefer the region of lowest electron density, which is found in an interstitial 
space at the T site [20,22]. The established structure models are given in 
Fig. 14.1 [27]. With hydrogen in the BC position, the two silicon neighbour 
atoms in the Si-H-Si three-centre bond move outwards from the hydrogen, 
possibly in an asymmetric way, to minimise the energy [15,17,19,21,22,28-30]. 
Theoretically calculated distances are indicated in Fig. 14.1 [22,27]. With the 
positive hydrogen ion situated in a region of high electron density, it is dif- 
ficult to add one more electron to convert the impurity to the neutral state. 
In other words, a high Fermi level is required to create the neutral state, 
and the (+/0) donor level will be high in the bandgap. Using capacitance- 
voltage techniques, such as deep- level transient spectroscopy, the donor level 
of single hydrogen was determined as Ed = E c — 0.2eV [31-33]. In the earlier 
literature, this level, not yet identified as hydrogen- related, was labelled the 
E3' centre [34] . For negative hydrogen, firmly bonded on the T site with low 
electron density, similar arguments, but with opposite parameters, predict a 
lower energy for the level (0/ — ), where the centre will lose its electron. Ex- 
periment has determined this level to be E & = E c — 0.56 eV, near the midgap 
position [35-37]. Both ions tend to be very stable, owing to the attractive 
electrostatic potentials in which they are accommodated. As such an option 
does not exist for hydrogen in its neutral state, the energy for H° is expected 
to be higher. In Fig. 14.2 [22], the energies for creation of H - and H + ions 
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Fig. 14.1. Schematic illustrations of the location of (a) H + , (b) H° and (c) H“ in 
the silicon crystal. Relaxations of the silicon atoms, based on calculations presented 
in [22], are indicated. After Johnson and Van de Walle [27] 



relative to the neutral H° are presented as a function of the Fermi energy, 
the energy which has to be transferred in an exchange of an electron with a 
reservoir [20-22,29,38]. As argued, the acceptor level E a (0/—) is below the 
donor level Fd(0/+), which is reminiscent of centres with a negative corre- 
lation energy U. In the present case U = E a — = — 0.36eV [35], but the 

large energy gain is due to the different lattice sites occupied by hydrogen in 
its oppositely ionised states. This feature distinguishes the case of hydrogen 
from documented negative-^/ systems in silicon, such as the lattice vacancy 
and the interstitial boron impurity. In these latter cases energy is gained 
from Jahn-Teller-driven lattice distortions. Inspection shows that the energy 
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Fig. 14.2. Qualitative indication of the relative stability of different charge states 
of a hydrogen interstitial impurity in silicon. After Van de Walle et al. [22] 



of H° is never the lowest, with the conclusion that H° is an unstable species. 
Neutral hydrogen atoms can lower their energy by following the option 
2H° — H + +H~. Transitions between lattice sites forced by changes of charge 
state in the space charge region of a p-n junction have been observed [32]. 
The barrier height between BC and T sites was measured to be 0.29 eV. The 
transition rates for the proton and deuteron follow the square root of the mass 
ratio, indicating that the process just involves the jump of one hydrogen atom. 

In its neutral charge state the hydrogen atom, with its one un- 
paired electron, is paramagnetic and has been observed in magnetic reso- 
nance [30,33,39-41]. As H° is unstable, illumination of the sample is required 
to produce the centre and its EPR spectrum, labelled Si-AA9. An important 
feature of the spectrum, as shown in Fig. 14.3 [40], is the doublet structure 
of the main line, which is the result of hyperfine interaction with one proton, 
nuclear spin I p = 1/2. In deuterated material, the splitting is threefold since 
Id = 1 , with a smaller splitting corresponding to the smaller nuclear magnetic 
moment of the deuteron. From the angular dependence, the centre symmetry 
has been determined as trigonal, providing confirmation of the BC site model. 
A close correspondence has been established between these EPR experiments 
on hydrogen and muon spin rotation studies of the positive anomalous muon 
and of the muonium atom [42-46] . The muon can be considered as a light iso- 
tope of hydrogen, with identical bonding behaviour in crystals of the diamond 
structure [47]. Table 14.1 summarises data for the two systems obtained by 
experiment and theory [41,43,48-51]. It has been concluded that hyperfine 
interactions with the proton and muon scale in proportion to the nuclear mo- 
ments, giving a factor 3.17 for fi^j \i p . The hyperfine interactions with the two 
equivalent silicon nearest-neighbour atoms in the Si— /^/p— Si bond are practi- 
cally equal. This demonstrates the equivalence of the two cases and renders 
the muon a valuable substitute for hydrogen studies without the handicap of 
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Fig. 14.3. Electron paramagnetic resonance spectrum Si-AA9 of neutral hydrogen 
in silicon. Hyperfine interactions with 1 H and 29 Si are indicated by arrows . Obser- 
vation conditions: sample illuminated, temperature 77 K, magnetic field parallel to 
(100), microwave frequency 37.47 GHz. After Gorelkinskii and Nevinnyi [40] 

Table 14.1. Hyperfine parameters, obtained from EPR and pSR experiments and 
from spin-density functional theory, for the centre (Hbc)° and anomalous muonium, 
Mu*. After Ammerlaan and Huy [52] 



Centre 


Nucleus 


A|| A± a 

(MHz) (MHz) (MHz) 


b 

(MHz) 


Method Reference 


(Hbc)° 


X H 


-6.2 -31.4 -23.0 


8.4 


EPR 


[41] 


Mu* 


Mu 


-16.82 -92.59 -67.33 


25.26 


pSR 


[50] 


Mu* 


Mu 


9.6 -57.3 -35 


22.3 


Theory 


[51] 


(Hbc)° 


29 Si 


-139.0 -72.9 -94.9 


-22.0 


EPR 


[41] 


Mu* 


29 Si 


-137.5 -73.96 -95.1 


-21.2 


pSR 


[43] 


Mu* 


29 Si 


-128 -63.5 -85 


-21.5 


Theory 


[51] 



requiring a paramagnetic state. The anisotropic part of the hyperfine inter- 
action with the proton is understood as a dipole-dipole interaction with the 
electron spin density localised on the neighbouring silicon atoms. To account 
for the observed magnitude b = 8.4 MHz, a distance between the proton and 
the silicon of 1.65 A is required [52]. Compared with the regular parameters of 
silicon, an outward relaxation by 0.47 A is thus derived, in excellent agreement 
with theoretical results for this relaxation [27]. Both neutral and positive 
hydrogen are trigonal centres and are oriented along one of the four available 
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(111) crystal axes, with equal probability in the random case. Applying a 
uniaxial stress, in a suitably chosen direction, at a temperature where the 
hydrogen can jump between adjacent BC sites will induce a preferential align- 
ment [30]. In the EPR spectrum, the concentrations of centres in the various 
distinct orientations can be monitored by the amplitudes of the correspond- 
ing resonances. Analysis of the repopulation in terms of a piezospectroscopic 
tensor for the trigonal case gives a negative energy per unit strain, confirming 
the outward relaxation of the silicon atoms with respect to the hydrogen [30] . 
From isochronal annealing studies carried out with samples in darkness, the 
reorientation process for H + was found to follow first-order kinetics and an 
Arrhenius temperature dependence in the range 120 to 150 K. The frequency 
for jumps between BC sites is given by v(T) = 1 /( 00 ) exp(— E a /kT), where 
is(oc) = 2.3 x 10 12 s -1 and E & = 0.43 eV. It has thus been found that the 
energy barrier for reorientation, involving an elementary jump from one BC 
site to a neighbouring one, is essentially equal to the energy E = 0.48 eV 
observed for the permeation by positive hydrogen of a 2 mm thick wall 
at elevated temperatures in the range 1092-1200°C [53]. Figure 14.4 [54] 
summarises results obtained for positive-hydrogen diffusion by experimental 
and theoretical methods [29,53,55-57]. It can be concluded that a consistent 
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Fig. 14.4. Diffusivity of hydrogen H + in silicon from measurements at high 
temperatures by van Wieringen and Warmoltz [53], at low temperatures by 
Gorelkinskii and Nevinnyi [30] and at room temperature by Herring et al. [54]. 
After Herring et al. [54] 
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Fig. 14.5. Atomic structure of the defect. After Holbech et al. [59] 

set of data exists over an impressive range of temperatures and diffusion 
rates [54]. The solubility of atomic hydrogen at high temperatures is also 
given by an Arrhenius- type expression S(T ) = S(oo) exp(— E s /kT), where 
S(oo) = 4.8 x 10 21 cm -3 and E s = 1.87 eV [53]. 

As in vacuum, H 2 molecules represent a stable form of hydrogen inside 
silicon as well. The molecule straddles the T site with almost degenerate en- 
ergies for orientations along (100) and (111) but experiences a high barrier 
for diffusion [17,20,22,23,29,58]. Another geometrical configuration of the 
hydrogen dimer consists of hydrogen atom near a BC site and a second atom 
on an AB site. This H?; centre is illustrated in Fig. 14.5 [59]. It can be con- 
sidered as being formed from the attraction of a single H + ion on the BC site 
and an H - ion on the T site [21,23,60-62]. It has a slightly higher formation 
energy than the molecule but diffuses more rapidly. As these forms of hy- 
drogen have no gap levels and no dipole moment they are difficult to detect 
experimentally, and much of the modelling has come from theory. In exper- 
iments, local vibrational mode spectroscopy has been the most informative 
technique, both for the monatomic species and for the dimer, and has con- 
tributed to confirmation of the structural models. For H + on the BC site, the 
reported stretch frequencies of the Si-H bond are 1990 cm -1 for the proton 
and 1440 cm -1 for the deuteron, scaling properly with mass [22,63-65]. For 
the dimer H 2 , the different frequencies observed for the Si-H stretch modes 
confirm the presence of a pair of inequivalent hydrogen positions in the de- 
fect [59,62,66]. Shifts induced by H/D isotope substitution can be interpreted 
consistently in the scheme of defects Hbc^Hab, Hbc~Dab 5 Dbc~Hab and 
Dbc - Dab and follow quite closely the square-root-of-mass dependence. Line 
splittings induced by uniaxial stress confirm the trigonal symmetry of the 
centre. In addition, the experimental frequencies are in good agreement with 
ab-initio local-density- functional cluster calculations. 
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PENETRATION DEPTH (M m > 

Fig. 14.6. Spreading-resistance profiles of four boron-doped silicon samples 
hydrogenated at 122° C for lh for the lowest resistivity and 4h for the other 
three resistivities. Note the different lower and upper depth scales and the greater 
penetration depths of atomic hydrogen for the lower boron concentrations. After 
Pankove et al. [69] 

14.3 Passivation of Acceptors 

The passivation, or neutralisation, of acceptor states has drawn attention 
strongly to the field of hydrogenation and to its drastic effects on semicon- 
ductor materials and device properties [67, 68] . Passivation of single sub- 
stitutional acceptors in bulk single-crystalline silicon by ionised hydrogen 
donors H + is observed in its most straightforward form as an increase of 
the resistivity in p-type material, as illustrated in Fig. 14.6 for the acceptor 
boron [69]. Passivation manifests itself also by a decrease of the free-carrier 
concentration [70,71], a decrease of the photoluminescence of acceptor-bound 
excitons [72], the appearance of new local vibrational modes [70,73-78] and 
an increase of carrier mobility [70,71]. This latter effect distinguishes passi- 
vation from compensation. In the case of compensation, spatially unrelated 
donors and acceptors are present as dopants of opposite type, leading to a 
hole concentration n(A“) — n(H + ) and a concentration of ionised impurity 
scattering centres n(A~) + n(H + ). With passivation, the concentration of 
free carriers will be equal but the concentration of ionised impurities will be 
n( A - ) — n(H + ). At temperatures where ionised-impurity scattering governs 
the mobility (generally low temperatures), the passivation will thus enhance 
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the mobility. Passivation follows compensation through the attraction be- 
tween negative substitutional acceptor impurities A - and positive mobile 
hydrogen donors H + , but leads to new neutral centres which can be viewed, 
in the first instance, as donor-acceptor pairs. In this concept the donor level 
of hydrogen is raised into the conduction band by the nearby presence of the 
negatively charged acceptor. Likewise, the ionisation level of the acceptor is 
pushed to lower energy into the valence band by the repulsive force of the 
positive hydrogen donor. The bandgap is swept clean of levels, which is the 
essential feature of passivation. Most research has been performed on the 
shallow acceptor boron, with ionisation energy 45meV, but neutralisation 
occurs likewise for the other group III acceptors Al, Ga, In and Tl, which 
have increasingly deeper acceptor levels [69,72]. 

With hydrogen migrating in p-type silicon as H + via bond-centred sites 
BC, the most likely structure for a BH complex is an H + ion trapped on a BC 
site next to an acceptor A - . This structure of a hydrogen inserted between the 
acceptor and a nearest-neighbour silicon atom along a bonding (111) direc- 
tion has received much support from extensive theoretical and experimental 
investigations [21,73-75,78-99]. The defect model is given in Fig. 14.7a [84], 
with Fig. 14.7b detailing the relaxations taking place to accommodate the 
extra atom [99]. Numerical values of the bond lengths and displacements ob- 
tained from various theoretical calculations and from experiment are given in 
Table 14.2 [81,82,85,86,90,93,99-102]. One may note that in some results the 
Si-H distance is shorter than the B-H distance, indicating a structure where 
the hydrogen passivates the dangling bond on the silicon atom and trivalent 
boron forms more planar bonds with three silicon neighbours. Both parts are 






Fig. 14.7. (a) Schematic model of the B-H complex in silicon. After Bergman et 
al. [84]. (b) Equilibrium configuration of the B-H centre. Dashed circles indicate 
unrelaxed positions. After Zhou et al. [99] 
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Table 14 . 2 . Equilibrium geometries of the Si-H-B complex in silicon from various 
calculations. Si s and B s indicate positions in an undistorted silicon lattice. All 
distances in units of A. In experiments, the boron displacement B-B s was measured 
to be 0.22 A [82], 0.28 A [86], or 0.3 A [102]. After Zhou et al. [99] 



H-Si 


H-B 


Si-Si s 


B-B s 


Reference 


1.56 


1.51 


0.16 


0.55 


[100] 


1.46 


1.59 


0.22 


0.48 


[81] 


1.44 


1.66 


0.26 


0.49 


[93] 


1.49 


1.53 


0.16 


0.47 


[101] 


1.63 






0.47 


[85] 


1.65 


1.36 


0.24 


0.42 


[90] 


1.64 


1.35 


0.33 


0.31 


[99] 



fully covalently saturated and have no electrical activity. In other calculations 
the hydrogen atom is moved more towards the boron atom and a three-centre 
bond is formed. There exists general, but not unanimous, agreement that the 
hydrogen in the BH centre is on the (111) axis, forming a centre of trigo- 
nal symmetry, even though the energy surface in directions perpendicular to 
( 111 ) is very flat [84,93,102-104]. For the acceptors Al, Ga and In, with larger 
covalent radii, the hydrogen atom is pushed off the axis [84,93,95,105-108]. 
In an alternative model, the hydrogen atom is placed on the antibonding site 
of the acceptor, on the (111) axis, near the interstitial T site, the position of 
which is indicated in Fig. 14.1c [106,109-111]. However, in most other calcu- 
lations this site is found to have a larger energy than the BC site and to form 
a saddle point on the total-energy surface [80,88,90,91,93]. Experimental 
results obtained by perturbed 7-7 angular correlation suggest that hydrogen 
can be found in both positions [112-114]. Also, the back-bonding site of a 
silicon neighbour of the acceptor has been suggested as a suitable hydrogen 
position, similar to what is shown in Fig. 14.8a for the AsH complex [115]. 
Most of the quantitative modelling is based on theoretical study; experiment 
has yielded information on the site geometry by alpha particle channelling 
and nuclear-reaction studies [82,83,86,114]. The experimentally most fruitful 
technique for studying these passivated centres has been optical absorption 
related to local vibrational modes [70,74,77,116]. Uniaxial stress has been 
applied to induce level splitting and draw conclusions about the symme- 
try, and to induce defect reorientations and study defect kinetics [84,117]. 
Dichroism has been used to uniquely monitor specific orientations. For the 
reorientation of the BH centre, when the hydrogen atom jumps from one BC 
site to another neighbouring site of the same boron atom, a potential barrier 
of 0.19 eV was measured [87,117], in excellent agreement with the activa- 
tion energy of 0.22 eV obtained in an anelastic relaxation experiment [118] 
and with calculated potential profiles [88,90,91]. A deviation from Arrhenius 
behaviour observed at low temperatures was related to the process of ther- 
mally assisted tunnelling [119,120]. Isotope effects have been observed that 
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Fig. 14.8. (a) Schematic model of the AsH complex in silicon as an example of the 
structure of donor-hydrogen complexes. After Bergman et al. [84]. (b) Equilibrium 
configuration of the P-H centre. Dashed circles indicate unrelaxed positions. After 
Zhou et al. [99] 



unequivocally verify the model of one acceptor and one hydrogen atom. The 
high-resolution results for the stretch mode vibrations are 1905.2 cm -1 for 
^B^H, 1904.4cm -1 for 11 B- 1 H, 1393.9 cm -1 for 10 B- 2 H and 1390.6 cm -1 
for n B- 2 H, and provide severe test data for the theory [78,111]. The remark- 
ably strong boron isotope effect in the deuterated complex was explained 
as the result of a Fermi resonance [96]. The local-mode phonons due to the 
stretch mode and the less-studied lower-energy wagging modes [108, 121] were 
also observed in the Raman spectra [76, 102-104]. 

The acceptor-hydrogen complexes are quite stable centres, with binding 
energies of 1.28 eV for BH, 1.44 eV for A1H, 1.40 eV for GaH and 1.42 eV 
for InH between the two elements [95]. With respect to the H 2 molecule, 
the energy per hydrogen atom is 0.6 eV [21,85] or 0.3 eV [23]. The thermal 
annealing of complexes depends sensitively on the external conditions, such as 
the illumination level, the carrier concentration and the presence of hydrogen 
traps, but typically occurs near 150°C [72,76,112,113,122-125]. 

Double acceptors offer the interesting option of partial or full passiva- 
tion, probably correlated with the binding of one or two hydrogen atoms 
to the dopant impurity. Experiments on beryllium have demonstrated tun- 
nelling motion of one hydrogen around the acceptor atom, leading to a com- 
plex ground state and complex optical spectra. From experiment it was con- 
cluded that the energy minima for hydrogen are in the (111) directions, as 
for single acceptors, leading to a tetrahedral rotor [97,126-128]. Theory has 
indicated energy minima in (100) directions and consequently an octahe- 
dral rotor [89,91]. Similar data for the double acceptor cadmium, provided 
by perturbed-angular-correlation spectroscopy, were interpreted as thermally 
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activated tunnelling with an activation energy of 0.21 eV [129]. For the double 
acceptor zinc, the experiments have identified optical spectra for Zn itself, 
and for the hydrogen complexes ZnH and ZnH 2 [130-133]. In deep-level tran- 
sient spectroscopy, the effective passivation of zinc acceptors, reducing their 
concentration by at least two orders of magnitude, has been observed [134]. 
It was shown that thermal annealing at 470° C regenerates the acceptors back 
to their original concentration, with a reactivation energy of 2.2 eV. 



14.4 Passivation of Donors 

Confirming its power as a universal passivation agent, hydrogen is also capa- 
ble of neutralising dopants of donor character. It has to be noted, however, 
that the passivation of the shallow donors phosphorus, arsenic and antimony 
in silicon is less effective, compared with the figures quoted for acceptors, with 
maximum donor passivation efficiencies reported as 80% [135,136]. Donor ac- 
tivity can be reactivated by thermal annealing around 150°C, with binding 
energies of 1.32eV for PH, 1.43eV for AsH and 1.43eV for SbH [135,136]. 
The energy of a hydrogen impurity bound to a donor is only 0.1 eV lower 
than in the hydrogen molecule H 2 , explaining the low stability [85]. Again 
applying a simple donor-acceptor pairing model, the negatively charged hy- 
drogen ion H“, occupying interstitial T sites, is attracted by the positive 
donor D + . The passivated donor then consists of a donor on a substitutional 
site and hydrogen on a nearby interstitial site. Such a model is fully confirmed 
by advanced theoretical analyses, which all agree on the interstitial site be- 
ing antibonding to a silicon nearest neighbour of the donor [85,99, 137-141]. 
The atomic structure of the trigonal centres, with D-Si-H ordering along a 
(111) axis, is illustrated in Fig. 14.8 [84,99]. Quantitative information on the 
relaxation around the centre, given in Table 14.3 [99,138-140], shows that 
both the donor and the silicon neighbour move in the same direction, in con- 
trast to some of the earliest results, in which opposite directions of relaxation 
were calculated [93, 142, 143]. The first experimental evidence of donor pas- 
sivation was based on an increase of the resistivity and Hall mobility upon 
hydrogenation of phosphorus- and arsenic-doped silicon [137,144]. Substan- 
tial support for the defect model was provided by infrared absorption spec- 



Table 14.3. Equilibrium geometries of the H-Si-P complex in silicon from various 
calculations. Si s and P s indicate positions in an undistorted silicon lattice. All 
distances in units of A. After Zhou et al. [99] 



H-Si 


Si-P 


Si-Si s 


P-Ps 


Reference 


1.69 


2.84 


0.66 


0.18 


[140] 


1.66 




0.59 


0.14 


[139] 


1.65 


2.72 


0.52 


0.14 


[138] 


1.62 


2.81 


0.56 


0.10 


[99] 
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troscopy through the observation of local vibrational modes [84, 135]. The line 
splittings under uniaxial stress of the AsH pair confirm the trigonal symme- 
try [84,117]. The silicon-hydrogen stretch-mode wavenumbers of 1555 cm -1 
for PH, 1561 cm -1 for AsH and 1562 cm -1 for SbH depend hardly at all on the 
donor mass, supporting a model in which hydrogen is not a direct neighbour 
of the donor itself. A hydrogen/deuterium isotope effect with a ratio of the 
vibration frequencies of about 1.37 for both stretching and wagging modes 
corresponds to an ordinary global minimum in the potential-energy surface. 
Mossbauer experiments have revealed that Sb donors can bind two hydrogen 
atoms [136,145,146]. Also, on the basis of theoretical calculations, multiple 
trapping of hydrogen at shallow acceptors and donors, notably by the forma- 
tion of BH 2 , PH 2 and SbH 2 complexes, has been predicted [141, 147, 148]. 

The interaction of hydrogen with the chalcogen deep double donors sul- 
phur, selenium and tellurium, leads to partial passivation of those centres, 
with the formation of shallow single donors. In infrared absorption spec- 
troscopy, typical effective-mass-like excitation spectra were observed and 
three sulphur-hydrogen donors were identified, with electron binding energies 
of 92, 135.07 and 135.45 meV [149,150]. The spectral shifts upon deuterium 
substitution prove the presence of one hydrogen atom. Taking advantage 
of the absence of full passivation, also magnetic resonance could also be ap- 
plied to the new chalcogen-hydrogen complexes in their neutral paramagnetic 
states. For both sulphur and selenium, two such complexes were described 
as spin S' = 1/2 centres, with trigonal symmetry, consisting of one substitu- 
tional chalcogen and one or two interstitial hydrogen atoms [151-156]. One 
of the selenium centres is interpreted in the most straightforward manner as 
a selenium-dihydrogen complex. By applying electron-nuclear double reso- 
nance (ENDOR), the nuclear spins and magnetic moments of the atoms in 
the centres were determined for the constituent nuclei 2 H or 2 H and 33 S or 
77 Se, resulting in their unambiguous identification. From the hyperfine in- 
teractions, the spin-density distributions in the complexes were established 
as being spatially very extended, consistent with their shallow-donor na- 
ture. Models allocating the hydrogen atoms to the possible BC, Si-AB or 
S/Se-AB sites on the (111) trigonal defect axis were proposed. The com- 
plete passivation of chalcogen donors by one hydrogen atom, with removal 
of all bandgap levels by better than a factor of 100, was concluded from 
DLTS [157-159]. The relevant spectra, as shown in Fig. 14.9 [157], demon- 
strate the absence of new levels, but shallow states may have escaped detec- 
tion by this technique. Tellurium centres TeH and a tellurium-multi- hydrogen 
complex were observed by Mossbauer spectroscopy [146]. In the DLTS and 
EPR experiments, the chalcogen-hydrogen complexes were found to be sta- 
ble up to 500°C [153, 157, 159-161]. The reactivation energies were deter- 
mined as 1.61 eV for SH and 1.39 eV for both SeH and TeH [159]. Theoreti- 
cal ab-initio modelling studies indicate configurations where hydrogen occu- 
pies sites antibonding to a nearest-neigbour silicon atom as the most stable 
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Fig. 14.9. Passivation of the chalcogen elements S, Se and Te, measured by deep- 
level transient spectroscopy, also showing reactivation of the dopants after thermal 
annealing at 538° C for 10 min. Dashed-line spectra were recorded on a reference 
sample, solid curves after hydrogenation and dottet curves after thermal reactiva- 
tion. After Pensl et al. [157] 
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complex [141,162-164]. For sulphur, however, the complex with hydrogen on 
the BC site has an energy only 0.1 eV higher, and is, taking into account the 
error limits in the calculations, an additional option. For Se and Te, where 
the BC site has an energy higher by 0.3 and 0.8 eV, respectively, this form of 
complex can be excluded. Also, sites antibonding to the chalcogen atom are 
energetically unrealistic. All the singly hydrogenated complexes have trigo- 
nal symmetry and are predicted to be shallow donors. Doubly hydrogenated 
chalcogen impurities are predicted to be electrically inert. In contrast to an 
earlier theoretical treatment [165], modern computations provide good agree- 
ment with experimental results, in particular those from EPR. 

The family of oxygen-related thermal double donors (TDDs) has an un- 
paralleled long history of research aimed at the unravelling of its structure. At 
an early stage it was concluded from infrared absorption, resistivity measure- 
ments and DLTS that these complex donors with an extended core structure 
are also passivated by hydrogen [166,167]. In particular, the smaller, ear- 
lier species are passivated, resulting in an effective shift of the overall ion- 
isation energy to a shallower level. A nearly complete passivation could be 
achieved [168]. Thermal annealing in the range 100 to 200° C reactivates the 
donors, again with the earliest two species showing a behaviour that devi- 
ates from that of the later ones [168-171]. Observations made by EPR reveal 
quite different aspects of hydrogenation. In the EPR spectrum of the centre 
Si-NLIO(H), the presence of hydrogen as a structural component was con- 
clusively demonstrated by ENDOR [172, 173]. A typical spectrum, in which 
ENDOR transitions were recorded at frequencies symmetrically around the 
nuclear Zeeman frequency of hydrogen, is shown in Fig. 14.10 [172]. Taking 
into account the similarities between the Si-NL8 centre, commonly identified 
with the thermal double donor as defined by the IR absorption spectrum, 
and the Si-NLIO(H) centre, the latter one is most readily interpreted as a hy- 
drogenated thermal donor [174]. But it must be noted that the Si-NLIO(H) 
centre is formed by heat treatment at 450° C, a temperature at which the 
TDDs passivated at low temperature have already been reactivated [171]. 
A solution can be found by the acceptance of two different varieties of pas- 
sivated TDD with hydrogen incorporated at different sites in the complex. 
With the precise structure of the thermal donor still unknown, the structure 
of the passivation product is also not yet resolved. It will be a complex centre 
with low, probably triclinic, symmetry [174]. On the basis of a theoretical 
study, a partial passivation of the TDDs by binding one hydrogen atom has 
been reported [175]. An infrared absorption spectrum of one particular fam- 
ily of shallow thermal donors, i.e. STD(H), can possibly be associated with 
this single donor [176,177]. Magnetic resonance and infrared absorption have 
established a link between the presence of STD(H) and Si-NLIO(H) centres, 
suggesting their identity [178]. 
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Fig. 14.10. (a) Hydrogen ENDOR spectrum observed after heat treatment at 
470° C for 55 h of Czochralski-grown aluminium-doped silicon; (b) shift of the 
ENDOR frequency with magnetic field, identifying the proton nuclear g factor. 
After Martynov et al. [172] 

14.5 Transition-Metal— Hydrogen Complexes 

Common transition metals possess electronic states belonging to the 3d, 4d 
or 5d shell. As such states do not exist for silicon atoms or crystals, entirely 
new hybrid electronic structures can be created. Transition-metal impurities, 
therefore, unlike shallow dopants, form a strong perturbation in the electronic 
structure of silicon, creating deep potentials that provide options for binding 
electrons or holes in deep bandgap levels. Trapping and releasing carriers via 
these states is a relatively fast process, rendering the transition metals active 
recombination centres, governing carrier lifetimes. For hydrogen also, and for 
several other impurities as well, the transition metals are strongly attractive 
centres, with the result that impurity complexes are abundant. The high 
diffusivity of, especially, the later transition elements in the 3d, 4d and 5d 
series (iron, copper, silver and gold), together with their natural presence 
adds to the reality of such defect formation processes, either intentional or 
as the result of insufficient control over contamination in the environment. 

In recent years extensive ab-initio theoretical calculations have been per- 
formed on the existence of transition-metal-hydrogen complexes, notably for 
gold, silver, palladium and platinum [179-185]. Using spin-polarised wave 
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Fig. 14.11. Structure and corresponding electrical levels of platinum and its com- 
plexes with hydrogen in silicon, from experiment [199,204,205] and theory [182]. 
Experimental and calculated levels are represented by solid and dashed lines , re- 
spectively. After Jones et al. [185] 



functions and the local-density formalism, the stability and electronic levels 
of transition metals in clusters containing over 100 silicon atoms were calcu- 
lated. It was found that these transition elements can bind from one to four 
hydrogen atoms, creating new electrically active centres of donor, (multiple) 
acceptor or amphoteric character. Unlike the shallow dopants, the transition 
elements are not passivated. For platinum, the calculated electronic levels of 
the isolated impurity and its hydrides PtH n , with n — 1, 2, 3 and 4, are 
indicated in Fig. 14.11 [185]. 

Extensive experimental investigations of the electronic structure have also 
been carried out using DLTS. Recent results for Pd, Ag, Pt and Au, which 
are not always in agreement with data obtained in earlier days [186-192], are 
included in Fig. 14.11 as well [193-207]. A special analysis based on depth pro- 
files has allowed the determination of hydrogen atom numbers [208] . Though 
in general good agreement is claimed, several discrepancies are apparent. In 
the experiments, no levels were detected for the TM-H 4 complexes, leading to 
the conclusion that four hydrogen atoms passivate all these transition metals. 
Also, the coincidence of calculated and experimentally measured levels is far 
from satisfactory at present, asking for further upgrading. Another interest- 
ing feature is provided by the different donor and acceptor level positions for 
gold and silver in the theory, whereas in the experiments they are reported 
to be equal within the error margin, handicapping the distinguishing of these 
impurities [185]. 

Experimental investigations of 3d transition metals have revealed the for- 
mation of several hydrogenated but still electrically active complexes, with up 
to nine new levels in the bandgap for cobalt, for example. Detailed studies by 
DLTS were carried out for titanium [191,202,209], vanadium [191,210,211], 
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chromium [191,210-212], iron [189,190], cobalt [202,213-215], nickel [188,189, 
202,216] and copper [188,189,217]. In addition, for the 4d element rhodium, 
the hydrogen complexes RhHi and RhH 2 were reported, both with two lev- 
els [218]. Complexes dissociate, recreating the isolated transition metals, at 
temperatures typically below 300° C. Information on the atomic and elec- 
tronic structure from experiment has been provided by observations of local 
vibrational modes in optical absorption and from the Zeeman effect and hy- 
perfine interactions in magnetic resonance. 

By far the most thorough investigations were performed on the Pt- and 
Au-related complexes, in particular on the centre identified as PtH 2 [52,219- 
222]. This centre can be produced as a bulk defect, allowing IR and EPR mea- 
surements to be made, by hydrogenation treatment for 24 to 72 hours at 1000 
to 1250° C of silicon doped with platinum. The magnetic resonance spectrum 
was analysed with the electron spin 5 = 1/2 and shows the angular depen- 
dence of a centre with the orthorhombic-I symmetry. Atomic constituents 
were identified on the basis of the observed hyperfine splitting patterns. The 
presence of one platinum atom was demonstrated by resolved hyperfine struc- 
ture in three components with an intensity ratio of 0.25 : 1 : 0.25, as expected 
for natural platinum, where the isotope 195 Pt has a nuclear spin I = 1/2 
and 33% abundance. Two hydrogen atoms (nuclear spin I = 1/2, abun- 
dance 100%) on symmetry-equivalent positions were revealed by hyperfine 
structure with a ratio 1:2:1 in each of the platinum lines. Such an EPR 
spectrum is shown in Fig. 14.12 [223]. If the hydrogen is replaced by deu- 
terium, spin I — 1, the number of hyperfine lines will increase to five, with 




Fig. 14.12. EPR spectra of the centres Si:PtH 2 and Si:PtH 3 . Hyperfine interactions 
with the platinum isotopes and with hydrogen characterise the structure of the 
spectra, indicated by dashed arrows for PtH 2 and solid arrows for PtH 3 . After Huy 
and Ammerlaan [223] 
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an intensity ratio of 1 : 2 : 3 : 2 : 1, but their mutual separation is too small 
to be resolved and only the appropriate line broadening is observed. Local 
vibrational modes at 1888.2 cm -1 and 1901.6 cm -1 were identified as the 
anti-symmetric and symmetric hydrogen stretching-mode vibrations, respec- 
tively, of PtH 2 in its paramagnetic state [222]. The observation of isotope 
shifts in the vibration frequencies for the centres PtHD and PtD 2 confirms 
the presence of two hydrogen atoms in the centre [224]. Unlike EPR, vibra- 
tional spectroscopy is not restricted to the paramagnetic state (PtH 2 ) - of 
the centre and hence the corresponding vibrations for two other diamagnetic 
charge states of the centre have also been reported [224,225]. The simulta- 
neous loss of both LVM and EPR spectra upon thermal annealing at 600° C 
indicates the association of the spectra with the same centre [219]. Careful 
investigations were made of the charge state of the centre by monitoring the 
presence of spectra as the Fermi level was varied. As a result it was concluded 
that the paramagnetic state of the complex corresponds to (PtH 2 ) - and that 
a level (PtH 2 ) 2- /(PtH 2 ) - lies between E c - 0.045 eV and E c - 0.1 eV. The 
first acceptor level (PtH 2 ) - /(PtH 2 )° is positioned between E c — 0.23 eV and 
E v + 0.32 eV. These results are consistent with the DLTS data presented 
in Fig. 14.11. It must be concluded that hydrogenation of platinum-doped 
silicon leads to the formation of a double acceptor, and hence no electrical 
passivation. In the defect model the two hydrogen atoms have an interstitial 
position in an (Oil) plane through the substitutional platinum atom. In the 
analysis of the data a preference was deduced for silicon antibonding posi- 
tions, outside the nearest silicon neighbours of the Pt atom. The position 
inside the nearest-neighbour cage, more of BC character, however, cannot be 
excluded yet. 

EPR observations were also made of the PtH 3 complex, with trigonal sym- 
metry [52,223,226,227]. The presence of three symmetry-equivalent hydrogen 
atoms is deduced from the characteristic hyperfine splitting into four compo- 
nents with intensities in the ratio 1 : 3 : 3 : 1 as observed for hydrogen, and as 
illustrated in Fig. 14.12. Another similar centre is Au s (Hi) 2 , the gold analogue 
of PtH 2 , identified by the EPR spectrum Si-NL64 [52,223,226-228]. For this 
centre, the presence of one gold atom is indicated by four equal- amplitude 
resonances, reflecting the 197 Au isotope with its 100% abundance and nu- 
clear spin I = 3/2. Figure 14.13 [228] shows a recorded resonance with the 
combined gold and hydrogen hyperfine interactions leading to the structure 
(1 : 2 : 1) : (1 : 2 : 1) : (1 : 2 : 1) : (1 : 2 : 1). In LVM spectroscopy, the monohydride 
complexes PtHi and AuHx were identified as electrically active defects, in 
agreement with findings from theory and DLTS [224,229,230]. Remarkably, 
EPR spectra corresponding to these complexes have escaped detection for 
as yet unknown reasons. For all three EPR centres discussed, the isotropic 
part of the hydrogen hyperfine interaction is near 10 MHz. On comparing this 
strength with the coupling of an electron in the Is state of hydrogen, with 
a « 1400 MHz, one concludes that spin density on hydrogen in the complexes 
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is very low. This can correspond to no electron in the Is orbital and a posi- 
tive hydrogen ion, or to a full Is shell with two electrons of opposite spin and 
hydrogen as a negative ion. It appears that the neutral charge state H° is 
avoided, and one is tempted to conclude that the negative-!/ effect for isolated 
hydrogen, rendering H° unstable, is active in TM-H complexes as well. 




Magnetic Field (ml) 



Fig. 14.13. Part of the EPR spectrum Si-NP64 of the A 11 H 2 centre in silicon. The 
fourfold splitting is due to hyperfine interaction with the 197 Au isotope (abundance 
100%, nuclear spin I = 3/2), the additional 1:2:1 structure reveals the presence 
of two hydrogen atoms. After Huy and Ammerlaan [228] 



14.6 Conclusion 

This review has demonstrated the activity of the hydrogen impurity in sil- 
icon for a few important cases. The treatment of the subject has been far 
from exhaustive. Some topics not dealt with are the interactions of hydrogen 
with the intrinsic crystal defects (multi) vacancies and interstitials, produced 
by radiation and implantation; the effect opposite to passivation manifested 
by the activation by hydrogen of isoelectronic impurities, such as C; the 
phenomenon of hydrogen-enhanced diffusion of impurities, as observed for 
aluminium and oxygen; the formation of hydrogen-related shallow donors; 
the impact of hydrogen at the Si/Si02 interface, at grain boundaries and 
its interaction with Pb centres; and hydrogen in amorphous silicon, with its 
application in improving solar cell materials. For these subjects, reference 
should be made to the literature. 
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Devices 




15 Power Semiconductor Devices 



A. Porst 



15.1 Introduction 

15.1.1 History 

The most important step in the history of semiconductor devices was the 
discovery of the transistor effect in a semiconductor material by Bardeen 
and Brattain [1] and Shockley [2] at the end of the 1940s. This invention 
stimulated the further development of power semiconductor devices. Efforts 
were undertaken to realize the effects that were predicted to occur when a p- 
type (acceptor-doped) and an n-type (donor-doped) region were placed close 
together in a semiconductor material. 

In 1952 a diode structure was proposed and also realized as a “large area 
diode” by Hall [3]. With a blocking voltage of 200 V and a forward current 
capability of 35 A, the first power semiconductor device was fabricated. 

At that time germanium was used as the semiconductor material because 
it was more easily available. But very soon, theoretical investigations proved 
silicon’s greater potential for operating at elevated temperature, resulting 
from the higher band gap in comparison with germanium. 

The development of the most important silicon power devices is shown 
on a time scale in Fig. 15.1 together with the voltage and current ranges 
of those devices as manufactured. Between 1950 and 1970, only diodes and 
thyristors were used as power devices. In the early years the development of 
the semiconductor devices had to be done in parallel with the development 
and production of the silicon material itself. In the middle of the 1950s power 
silicon rectifiers (diodes) were produced at the Siemens laboratory in Pretz- 
feld, Germany, showing blocking voltages higher than 1000 V and a current 
capability of about 150 A. 

The activities in the development of power semiconductors at this time 
were driven by the need to substitute the large-volume mercury valves used 
in the field of electrolysis by much smaller semiconductor devices. 

Also, a substitution of thyratrons by semiconductor devices could be ex- 
pected after the proposal of a four-layer device in 1956 [4], later called the 
thyristor, which was realized in the 1960s. A third terminal facilitates a turn- 
on of the device at any time. 
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In the 1970s the transistor for medium power and the GTO (gate turn- 
off thyristor) were introduced [5,6]. At this time, MOS transistors with a gate 
terminal isolated from the semiconductor surface by an oxide were used in 
integrated-circuit technology. MOS means a sequence of layers metal-oxide- 
semiconductor at the top of the chip. In integrated-circuit technology these 
transistors are designed as lateral structures, which are not suitable for high 
blocking voltages and high currents. But the dramatically reduced gate drive 
requirements in comparison with bipolar transistors intensified the attempts 
to realize power MOS transistors. At the end of the 1970s the first power 
MOS transistors existed containing a vertical structure with a current flow 
between the top and bottom of the chip [7,8]. One of the most popular 
power devices used today, the IGBT (insulated-gate bipolar transistor), is a 
modified MOS transistor with a bipolar conductivity, and it was presented 
in the early 1980s [9-12]. 

The MOS transistor is a majority-type device, with only one carrier type 
responsible for the behavior. In all other devices listed above, the existence 
of two types of carriers (electrons and holes) dominates their behavior. For 
these devices, the recombination between electrons and holes, the existence 
of field and diffusion currents of both types of carriers, and the possibility of 
neutral regions built up by the movable electrons and holes are the funda- 
mental physical principles, which are described in [13], for example. The great 
advantages of semiconductor devices in comparison with mercury valves and 
thyratrons are much smaller volumes, distinctly lower losses, faster reaction 
times to control pulses and the fact that no wear has to be considered. 

For a long time during the development of power devices (e.g. for diodes 
and thyristors) the size of the device was determined by the diameter of the 
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silicon rods produced by a technique that used a zone refining process, since 
one wafer was used for one device. Therefore the highest possible current 
capability was coupled to the maximum available diameter of the silicon rod. 

When the bipolar transistor was introduced the paralleling of chips be- 
came necessary because the more failure-sensitive structures prevented an 
unlimited enlargement of the chip size. Such limitations are valid in a stronger 
way for MOS devices (MOS transistors and IGBT) with lateral patterns in 
the range of a few microns, where small defects in the various top layers 
(oxide, polysilicon and metal) may lower the yield dramatically. In order to 
conduct the current in and out and to protect the silicon devices against 
environmental risks, encapsulation is necessary. Large thyristors and GTOs 
are mounted into a disk cell (Fig. 15.2) and the electrical contacts on both 
sides are made by pressure, which has to be provided by the circuitry. 




Fig. 15.2. 5500 V thyristor with a diameter of 100mm (right), and encapsulated 
into a disk cell (left) 



For chips with sizes below about 50 mm 2 , plastic cases are used. To be 
able to handle higher currents, chips (e.g. bipolar transistors or IGBTs) are 
arranged in parallel in a modular construction, which may involve the par- 
alleling of 24 or 36 IGBT chips, each one of a size of about 14 mm x 14 mm 
(Fig. 15.3). Today, current ratings up to 3600 A with a blocking- voltage ca- 
pability of 1200 V are possible for such a device. 




Fig. 15.3. Chips (24 IGBTs and 12 diodes) in a module arrangement 
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The chips are soldered onto an isolating copper-plated ceramic substrate 
on one side and are contacted by wires that are bonded onto the metal- 
lization of the chips on the other side. Additional chips (e.g. diodes) and 
arrangements of various switch configurations can also be included in such 
module constructions. 

15.1.2 Requirements on Power Semiconductor Devices 

Like mercury valves and thyratrons, semiconductor devices are used to con- 
vert and distribute electrical energy, including also the field of motor speed 
control, by performing the function of a switch for opening and closing an 
electrical circuit. 

In the case of a diode - a two-terminal device - the function of a switch 
takes place automatically but depends on the polarity of the applied voltage. 
These devices are less suitable for active switching, but are indispensable in 
conjunction with active switches. 

Devices with an additional gate terminal (three-terminal devices) make 
control possible. In the case of a thyristor, the turn-on can be controlled, 
but for the turn-off the polarity of the applied voltage has to be changed 
to reduce the current below a certain level. This change of polarity happens 
automatically in the case of an alternating current; otherwise, the reduction 
of the current has to be induced by auxiliary circuits. 

In more modern three-terminal devices (e.g. the GTO, bipolar transistor, 
MOS transistor and IGBT) the turn-on and the turn-off can be controlled 
by the third terminal. Together with the progress in the development of the 
control circuits, these devices have made possible a wider field of application 
in motor speed control systems. Starting from the 50 Hz or 60 Hz line fre- 
quency, frequencies usually in the range between 0 and 200 Hz are generated 
using an intermediate direct-current circuit, e.g. a capacitor. With a variable 
frequency it is possible to control the speed of the cheap and widespread 
asynchronous motor in order to adapt it to the demands of the application. 

By varying the time intervals for the on- and off-states of the switches 
SI and S4 in the circuit shown in Fig. 15.4, a positive sine half-wave can be 
generated (Fig. 15.5), also with a variable frequency. The switches S2 and S3 
are used for generating the negative sine half-wave. 

If the switches in Fig. 15.4 are in the off-state, the diodes facilitate a 
continuous current flow in the load, preventing a current interruption with 
dangerous voltage spikes as a result. 

In order to obtain a smooth sine wave, the frequency of the switching 
has to be at least an order of magnitude higher than the resulting sine wave 
frequency. Switching frequencies in the range between 500 Hz and 20 kHz are 
usual. By arranging six switches in a similar configuration and by suitable 
switching, three-phase sine wave currents can be generated. 

In order to realize the functions of a switch, the properties of a power 
semiconductor device must include: 
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Fig. 15.4. Circuit used for the generation of a sine wave from a direct voltage 
source, and current flow with switches SI and S4 closed ( — ) and open (• • •) 




a) 



b) 



Fig. 15.5. Generation of a sine wave by using switches: the increasing part of the 
positive sine half-wave (a) and the decreasing part of the positive sine half-wave (b) 



- a blocking-voltage capability in the off-state (blocking state) appropriate 
to the application (only a small leakage current is tolerable); 

- low losses during the on-state (conducting state), which means a good 
conductivity during the current flow in order to minimize the requirements 
on the cooling system; 

- low losses during the transition from the on-state into the off-state and 
vice versa. 

Additional favorable properties are low demands on the gate circuitry and 
the possibility of switching frequencies up to 20 kHz, taking account of the 
losses which occur during the switching phases. 

The necessary blocking-voltage capability of a power semiconductor de- 
vice is determined by the voltage range typical of the respective application 
(Table 15.1). 
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Table 15.1. Applications and requirements on power semiconductor devices 



Application 


Blocking- voltage 
capability 


Power semicon- 
ductor device 


Automotive applications, servo 
drive systems 


< 100 V 


MOS transistor 


Home appliances (e.g. air condition- 
ing, washing machines, induction 
heating, microwave ovens); switch 
mode power supplies; power man- 
agement (uninterruptible power 
supplies, welding systems) 


< 600 V 


MOS transistor 
Bipolar transistor 
Cool-MOS transistor 
IGBT 


Industrial applications, e.g. motor 
drives for machine tools, robotics 


> 1200 to 1800 V 
depending on the 
line voltage 


IGBT 


Special applications for high 
power (large motor drives for steel 
mills, electrical vehicles and wind 
power); High-voltage direct-current 
(HVDC) transmission 


> 2000 V to 8000 V 


Thyristor 
GTO (GTC) 
IGBT 



15.2 Diode 

As mentioned in the introduction, diodes (rectifiers) were the first power 
semiconductor devices realized. 

The structure of a diode with one pn junction is shown schematically 
in Fig. 15.6. Between a high-doped p-region (p + ) and a high-doped n-region 
(n + ), a low-doped middle n-region (n or n _ , for low-doped or very low-doped, 
respectively) is inserted in order to sustain a voltage. If the polarity is chosen 
as indicated in Fig. 15.6a, the holes and electrons will be removed from both 
sides of the pn junction, leaving uncompensated doping atoms in the p-region 
on the left-hand side and in the low-doped middle region, and a space charge 
zone will build up. The diode is in a blocking state. 

If the polarity is changed as in Fig. 15.6b, holes and electrons will be driven 
from both high-doped regions into the low-doped middle region, enhancing 
the conductivity dramatically: the conducting state now exists. 

15.2.1 Blocking- Voltage Capability (Reverse or Blocking State) 

In the blocking state, an electric field develops between the uncompensated 
(positive) donors n D + in the n-doped middle region and the uncompensated 
(negative) acceptors n^~ in the p-doped border region (Fig. 15.7). The high- 
est electric field exists at the pn junction, since this is the only point that 
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Fig. 15.6. Diode structure and doping levels: blocking state (a) and conducting 
state (b) 




Fig. 15.7. Diode structure, doping levels and distribution of the electric field: (a) 
medium doping level of the middle region; (b) enhanced doping level of the middle 
region; (c) very low doping level of the middle region 



all field lines between the positive and the negative charges have to pass, 
through. 

The field distribution in a semiconductor device is described by the Pois- 
son equation 

dV = P sc 

dx 2 £ • £ 0 ’ 

When this is taken together with the relation for the electric field E , 



( 15 . 1 ) 
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and that for the space charge density p sc , determined by the uncompensated 
doping atoms n doping , 

Psc — Q ' Tldoping (15.3) 

where q is the electron charge, the gradient of the electric field is given by 



Q ‘ ^ doping 



(15.4) 



With s = 11.2 for silicon and £q — 8.85 x 10 _14 As/(V cm), the value ee o 
10 12 A s/ (V cm) results. 

From the relation between the voltage V and the electric field E, 



V= E-dx , 



the voltage across the p + nn + structure can be calculated; it is expressed also 
by the area enclosed by the field distribution. 

According to (15.4), the doping concentration n doping determines the field 
gradient, whereas the sign of the space charge (negative for uncompensated 
negative acceptors n^- or positive for uncompensated positive donors n D +) 
is responsible for an increasing or decreasing field, respectively. 

Figure 15.7a shows the space charge zone w sc with the positive charge 
on the right-hand side of the pn junction and the negative countercharge 
on the left-hand side of the pn junction. In this case, according to (15.5), 
the maximum blocking voltage Vu max is given by the triangular area, with 
Emax — E cr it and the space charge extension being w sc : 

V Rmax = E crit ■ (15.6) 

As shown in Fig. 15.7b, if the doping in the middle region is enhanced by a 
factor of 2, only half the voltage can be built up across the device. 

The most important contribution to the blocking- voltage capability comes 
from the low-doped middle region, because usually the doping of the adjoining 
border regions is a few oders of magnitude higher. 

With decreasing doping level in the middle region, the field distribution 
changes from a triangular to a trapezoidal form (Fig. 15.7c), and the max- 
imum voltage capability can be expressed - neglecting the very thin space 
charge zones in the high-doped border regions - as at least 

kfimax — E crit VJ. (15.7) 

Now the whole middle region w is depleted, and the field on the right-hand 
side of the pn junction decreases in the high-doped n + -region. For the same 
blocking- voltage capability as in Fig. 15.7a, a reduced width of the middle 
region w can be used, which is favorable for the conducting state. 
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In silicon the maximum electric field E cr a is limited by the Zener effect 
for voltages Vi? max < 10 V and by an avalanche process for Vi? max > 10 V to 
values of about 300 kV /cm and 200 kV /cm, respectively. At these high electric 
fields additional carriers will be generated, originating from the silicon lattice, 
and a strong increase of the leakage current will occur. Either these carriers 
are extracted directly from the lattice (Zener effect) or electrons are acceler- 
ated to such an extent that fixed electrons in the lattice are knocked off their 
sites and are turn accelerated, resulting in a chain reaction (avalanche effect). 




specific resistivity p n 

Fig. 15.8. Maximum blocking- voltage capability of a p + nn + (diode) structure 



Figure 15.8 shows the maximum blocking voltage VR max for p + nn + struc- 
tures depending upon the n-doping and the width of the middle region. The 
saturation of the blocking capability for a given thickness w of the middle 
region in accordance with (15.7) can be observed. On the abscissa, the resis- 
tivity p n of the n-doped middle region is used, 



Pn 



1 

a 



1 

Q' Pn' n D + 



(15.8) 



Here, the conductivity a is given by 



<7 = q- Hn-n D +, (15.9) 

where n D + is the doping concentration of the low-doped middle region, p n is 
the mobility of the electrons and q is the electron charge. 

It can be noticed that the increase of the blocking- volt age capability is not 
directly proportional to the resistivity as would be expected from Fig. 15.7. 
With a growing space charge zone, a high electric field exists for a longer 
distance and the avalanche effect occurs at slightly decreasing values of E cr i t . 



